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Abstract

Biphasic thermoelectric materials derived from the half-Heusler/full-Heusler

system Ti–Ni–Sn

by

Jason Everett Douglas

Among the possible avenues for increasing the efficiency of global energy

usage, thermoelectrics are an exciting, solid-state option. Thermoelectric ma-

terials, which convert an internal temperature gradient into a voltage and vice

versa, have found applications in refrigeration as well as power generation from

waste heat. TiNiSn, a semiconductor of the half-Heusler (hH) crystal structure,

is of particular interest due to its very favorable electronic transport properties,

conductivity (σ) and Seebeck coefficient (S), at relevant temperature regimes

(between 600 K and 900 K). Unfortunately, its overall efficiency is hampered by

a comparatively high thermal conductivity (κ). In the design of thermoelectric

materials, a number of approaches have been taken to increase the thermoelec-

tric figure of merit, ZT = (S2σ/κ)T , where T is temperature. In this work we

examine how microstructure can be used to alter these thermoelectric properties

xiii



in a biphasic Ti–Ni–Sn materials containing full-Heusler (fH) TiNi2Sn embedded

within hH thermoelectric TiNiSn.

We explored a wide range of Ni compositions in TiNi1+xSn—from stoichio-

metric TiNiSn to high Heusler volume fraction, TiNi1.25Sn—materials prepared

by levitation induction melting followed by annealing. Phase distributions and

microstructure were characterized using synchrotron x-ray diffraction and opti-

cal and electron microscopy. In a sample of the nominal composition TiNi1.15Sn,

a significant decrease in thermal conductivity (about 30 %) is observed for the

biphasic material despite the metallic second-phase particles existing at the mi-

crometer scale; a 50 % increase in the electrical conductivity is also measured.

These result in a maximum figure of merit, ZT , of 0.44 at 800 K, which is 25%

greater than is observed for the x=0 sample. Density functional theory calcu-

lations using hybrid functionals were performed to determine band alignments

between the half- and full-Heusler compounds, as well as comparative energies

of formation.

We discuss the effects of thermal treatment on the microstructure of biphasic

materials comprising hH and fH phases, as well as on their associated thermal

transport properties. The fH phase is observed to be semi-coherent with the hH

majority phase. Microstructural analysis, both in 2-D and 3-D, shows that the

fH solidifies first and the hH then nucleates on these fH dendrites as the melt

xiv



becomes depleted of Ni. The various heat treatments generated microstructures

containing second phase precipitates ranging from ∼10 nm to a few microme-

ters, reducing the connectivity of the percolated network observed previously.

The materials were characterized with regard to morphology, size, shape and

orientation relationship of the fH precipitates with the hH matrix. The precipi-

tate size and morphology are very sensitive to Ni concentration in fH/hH phase.

The thermal conductivity is found to drop by 50% as the precipitate size in-

creases; however, this enhancement was not retained after high temperature

exposure.

In addition to the microstructural implications of TiNi1+xSn alloying, the

(crystal) structural implications of excess Ni in the TiNiSn hH compound were

investigated next through a combination of synchrotron x-ray and neutron scat-

tering studies, in conjunction with first principles density functional theory cal-

culations on supercells. Despite the phase diagram suggesting that TiNiSn is

a line compound with no solid solution, for small x in TiNi1+xSn there is in-

deed an appearance—from careful analysis of the scattering—of some solubility,

with the excess Ni occupying the interstitial tetrahedral site in the hH structure.

The analysis performed here would point to the excess Ni not being statistically

distributed, but rather occurring as coherent nanoclusters. First principles cal-

culations of energetics, carried out using supercells, support a scenario of Ni

xv



interstitials clustering, rather than a statistical distribution.

Finally, we also used a unique advanced tomographic technique with mul-

timodal characterization capabilities, necessary to understand TiNiSn/TiNi2Sn

composites. The three-dimensional microstructure of levitation melted

TiNi1.20Sn was characterized using the TriBeam system, a scanning electron mi-

croscope equipped with a femtosecond laser for rapid serial sectioning, to map

the character of interfaces in a 155µm×178µm×210µm volume. We found

the phase boundaries and grain boundaries to be decoupled and that the pre-

dominant phases present in the material, TiNiSn and TiNi2Sn, have a percolated

structure. The distribution of coherent interfaces and high-angle interfaces has

been measured quantitatively.
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“On the shelves there was also to be found, naturally, Ostwald’s ‘Energetics,’ that

sort of thermodynamic bible in which God is replaced by a lay entity (though

again an incomprehensible one) called energy, which, like its predecessor,

explained and did everything, and had the added advantage of being related to

Progress and the Locomotive.”

Ernesto Sábato, On Heroes and Tombs1

1 c©1961 Fabril Editorial. Translation c©1981 by Helen R. Lane, pp. 256. Reprinted by
permission of David R. Godine, Publisher.
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Chapter 1

Introduction

1.1 Heusler and half-Heusler compounds

Since the discovery of Heusler (L21) compounds at the turn of the 20th

century[1]—often denoted as “full-”Heusler to distinguish it from the closely

related half-Heusler crystal structure (C1b), first reported ca. 1950[2, 3]—the

class of intermetallic compounds has proven to be fertile ground for the study

of functional properties. From semiconductivity to superconductivity,[4] fer-

romagnetism to antiferromagnetism,[5] piezoelectricity[6] to magnetic shape

memory, most every major known physical phenomenon has been observed

or predicted in compounds that form the half- or full-Heusler crystal structure
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Figure 1.1: (a) The Heusler (L21, space group Fm3m) and (b) half-Heusler (C1b,

F43m) crystal structures. The X and Y sites are typically occupied by transition

metals, while Z is a main group element.

(Fig. 1.1).[7]

Half-Heusler XYZ compounds, where X and Y are typically transition metals

and Z is a main group element, have a cubic unit cell of three interpenetrating

face-centered cubic lattices, offset by a (1
4
,1
4
,1
4
) translation. The half-Heusler

crystal structure, space group F43m, can be thought of as a “stuffed” XZ rocksalt

sublattice, with half of the tetrahedral sites (in terms of coordination with Z)

being occupied by Y; in the full-Heusler XY2Z, space group Fm3m, all 8 of these

sites within each unit cell are filled. (These added four atoms compose a fourth

interpenetrating FCC lattice.)
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One of the most interesting aspects of these compounds is that they exhibit

properties not typically seen in the constituent elements. For example the first

discovered Heusler, MnCu2Al, is ferromagnetic, even though Mn, Cu, and Al are

not. These compounds follow so-called Slater-Pauling rules, in which the mag-

netic moment scales linearly with valence electron count (VEC).[8] Half-Heuser

compounds that have a VEC of 18, such as TiNiSn or NbCoSn, are typically nar-

row band gap semiconductors even though they are comprised of only transition

metals and Sn. Considering this, the half-Heusler might be more appropriately

thought of as a stuffed zinc-blende than rocksalt: all of these properties are

made possible by—and speak to the importance of—the bonding environments

within the material.[9] Due to the fact that the structures are known to form

stably in such a large number of ternary systems (over 150 experimentally re-

ported half-Heusler compounds alone)[6] they represent a great framework to

explore the ways in which electron population, atomic radii, and atomic mass

relate to and affect functionality.

The pervasiveness of full- and half-Heusler compounds across elemental

ternaries, combined with the simultaneous display of such varied properties,

presents an excellent opportunity in and of itself: the materials can be alloyed

in such a way that they phase separate into half- and full-Heusler structures,

allowing us to examine the effects of disparate properties interacting with each

4



Figure 1.2: (a) Illustration of the Seebeck effect. A higher density of charge carriers

forms at the cold end of the material. (b) Single module of a thermoelectric device,

connected to an external circuit. Note that for efficient operation, both an n-type and

p-type semiconducting leg are required.

other in a single material. Analogies to these types of property interfaces can be

drawn in a number of important modern technologies, including photonic crys-

tals, p-n semiconductor junctions, and ferromagnetic-antiferromagnetic layers

for exchange bias in magnetic recording, among others.

1.2 Thermoelectrics for power generation

The thermoelectric effect, first observed by Thomas Seebeck in 1821, states

that when a temperature gradient is imparted on a material, it will sponta-
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neously form a voltage in response, as depicted in Fig. 1.2. This response is

defined by the Seebeck coefficient or “thermopower,” S = ∆V/∆T , where V is

voltage and T is temperature. By convention, ∆V is defined as the potential of

the cold side with respect to that of the hot side, such that the sign of S is the

same as that of the dominant charge carrier, negative for n-type semiconductors

and positive for p-type.

When connected to a circuit, this electromotive force can be utilized in

generating work (Fig. 1.2(b)), and in this sense thermoelectric devices oper-

ate as solid-state heat engines. Among the many approaches suggested for im-

proving the energy efficiency of various technologies, materials which convert

between thermal and electrical energy via solid-state phenomena—including

thermionics,[10] but thermoelectrics chiefly—have received a great deal of

interest.[11, 12] Of the energy used in the United States, only a minority goes

into generating work; the majority is typically lost as waste heat.[13]

Thermoelectrics provide a potential avenue by which this waste heat could

be harvested and recycled from industrial to domestic energy sectors.[10, 13,

14] Already, thermoelectrics have found applications in refrigeration[11] and

automotive waste heat recovery.[15, 16] As a solid-state process (and therefore

no moving parts), thermoelectrics have the advantage of being durable, low-

maintenance, and scalable, which is particularly important in allowing them

6



to fulfill niche applications that cannot be captured by typical heat engines.

However, the applicability of this technology is heavily dependent on the design

of thermoelectric materials with higher efficiency than those available today.

1.2.1 Thermoelectric figure of merit

The efficiency with which a thermoelectric material performs this conversion

of a thermal gradient to electrical work is controlled by a dimensionless figure

of merit

ZT =
S2σ

κ
T (1.1)

where S is the Seebeck coefficient, σ is electrical conductivity, and κ is thermal

conductivity. This term then factors into the ideal efficiency for power genera-

tion by a thermoelectric module

η =
TH − TC
TH

√
1 + ZT − 1√

1 + ZT + TC

TH

(1.2)

where TH and TC are the hot and cold-side temperatures respectively, and T

is their average. Note that the first fraction is the Carnot efficiency and that

maximizing ZT will bring η closer to this value.

In practice, ZT is difficult to optimize for a number of reasons. Firstly, the

constituent parameters—S, σ, and κ—are each temperature dependent, and
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often reach their optimal values at different temperatures. (This also means that

ZT itself will have a peak value as a function of temperature, a peak which can

be broader or narrower in various materials.) Secondly, all of these properties

are interrelated. By the Mott formulation,[10] S for a degenerate semiconductor

or metal is equal to

S =
π2

3

kB
2T

q
∗ dln[σ(E)]

dE

∣∣∣∣
E=EF

(1.3)

where kB is the Boltzmann constant, q is the unit charge, and σ(E) is the con-

ductivity contributed by electrons at a particular energy. Assuming a single

parabolic band this can also be given by[17]

S =
π2

3

kB
2T

q
∗ 8m∗

h2

( π
3n

)2/3
(1.4)

where n is the carrier concentration, m∗ is the effective mass, and h is Planck’s

constant. Given that σ = nqµ (µ being the carrier mobility), it is evident from

Eqn. 1.4 that S is (generally) contraindicated with σ. In balancing these two

properties there is an optimal carrier concentration and as such, almost all high-

ZT materials are small band gap semiconductors.

1.2.2 Thermal conductivity

Thermal conductivity is also related to σ (and thus, S) by the Wiedemann-

Franz law: The kinetic energy of charge carriers traveling through a material
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gives an electrical contribution to the thermal conductivity,

κel = LσT (1.5)

where L, the Lorenz number, is a scaling constant.[18] In the case of semi-

conductors where both n- and p-type carriers can be excited, there can be be

additional “ambipolar” contributions, κambi, due to the energy released during

recombination of electron-hole pairs.[19]

κambi =
σnσp
σn + σp

(Sn − Sp)
2T (1.6)

With that said, thermal conductivity is the main thermoelectric property

which can be modified (somewhat) independently of the other parameters of

ZT . In addition to κel and κambi, there is the “lattice” contribution to thermal

conductivity carried by phonons, (quasiparticles related to vibrations in the lat-

tice,) such that

κ = κlat + κel + κambi (1.7)

where

κlat =
1

3
Cνl (1.8)

The lattice thermal conductivity—often the dominant term, particularly in

semiconductors—is a function of heat capacity, Cp, phonon group velocity, ν,
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Figure 1.3: A schematic phonon MFP distribution, plotted as an accumulated fraction

of all MFP from smallest to largest. Phonons can have path lengths anywhere from

the length of Å to tens of µm or greater, depending on temperature and sample

preparation. The distribution is material and temperature dependent, typically with

higher frequency (lower MFP) phonons dominating at higher temperature, shifting

the curve to the left. We are unaware of any actual distribution, either calculated or

measured experimentally, having been reported for TiNiSn.
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and phonon mean free path (MFP) lengths, l, quantities which are to a greater

or lesser extent dependent on temperature, crystal structure, chemical compo-

sition, and, most notably for this work, various phonon scattering mechanisms.

By increasing the prevalence of such scattering centers in a material, the effec-

tive l can be reduced, thereby lowering κ. Note that the phonon MFP (as well

as ν, and Cp in a different respect) is not a single value but rather a distribution

(see Fig. 1.3). Phonons are most effectively scattered by features of a similar

size as their MFPs,[18] and as such a number of avenues have been pursued

in the thermoelectrics community to reduce thermal conductivity, targeting var-

ious length scales. This has been referred to by Kanatzidis as a “panoscopic”

approach to thermal conductivity reduction.[20]

At the smallest scale, the crystal structure will be largely determinative in

the observed κlat, the implication being that certain structures will be more

ideal than most for low thermal conductivity. In particular large, complex unit

cells[17, 21] or those with open frameworks like skutterudites or clathrates,

which can be doped with “rattling” atoms that disrupt phonons.[22] Scattering

due to mass contrast can be introduced by substituting heavy, isovalent atoms

into the lattice.[23] Crystals with highly anharmonic phonon modes also tend

to exhibit lower κlat, as in SnSe.[24]

Moving away from crystal chemistry, tailoring of grain size as well as micro-
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and nanostructuring through alloying with a secondary phase, including com-

pounds from insulating[12] to semimetallic,[25] have found considerable suc-

cess in increasing ZT in multiple inorganic thermoelectric materials.[12, 17, 22]

The bulk material with the highest reported ZT for power generation appli-

cations is a SrTe-doped PbTe material, in which the low thermal conductivity,

approaching 1 Wm−1K−1 at elevated temperatures, is attributed partially to the

SrTe nanoprecipitates distributed throughout the matrix.[26] Bowers and Gos-

sard, among others, have observed similar gains in embedding semimetallic

rare-earth nanoparticles in III-V thin films.[25, 27, 28] In these systems, the

phase interfaces act to disrupt phonon motion, just as grain boundaries will.

(For the latter reason, grains are ideally on the micron scale for these materi-

als.) This increase in boundary density captures medium-wavelength phonons,

between those that will be scattered by point defects and those by grain bound-

aries.

There are multiple considerations that should be taken into account when

selecting the secondary phase used for this biphasic microstructuring. Firstly, too

much phase width can be detrimental, as it could lead to uncontrolled doping

and shifting from the desired carrier concentration. The interface character—

coherent, semi-coherent, or incoherent—is also important, as (semi-)coherent

boundaries are found to be more effective at scattering phonons, due to the

12



elastic strain fields and dislocations introduced into the material.[29] Elastic

strain fields are long-range effects and will therefore influence phonon motion

in a volume much larger than the defect itself, to a range of MFP scales. (E.g.,

a point defect will have a strain field that can reach multiple unit cells away.)

The ability to control and engineer the nanostructure will also be affected by the

secondary phase and the thermodynamics associated with their interaction.

1.3 TiNiSn-based thermoelectrics

Since they were first suggested as a potential high-quality thermoelectric

by Hohl et al. in the late 1990s,[31] half-Heusler compounds of the formula

XNiSn (X = Ti, Zr, Hf) have been the focus of extensive scientific research.[32–

35] Because of their very favorable electronic transport properties—exhibiting

particularly large Seebeck coefficients given their high electrical conductivities,

see Fig. 1.4—semiconducting, 18 VEC half-Heusler compounds are particularly

enticing as thermoelectric materials. XNiSn compounds are all n-type, but high-

ZT p-type half-Heusler compounds have also been prepared.[36–38] These ma-

terials also have the added advantage of comprising starting elements that are

relatively abundant and inexpensive. The state-of-the-art n-type thermoelectric

for moderate temperature operation, between 600 K and 900 K, is PbTe, which
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Figure 1.4: Survey of room-temperature electronic transport properties of a number

of thermoelectric materials from the literature, grouped by materials class. The radius

of the marker is proportional to the power factor, S2σ. It is evident from this plot that

half-Heusler compounds have the greatest power factors, making them very promis-

ing candidates for thermoelectric devices, but for their comparatively large thermal

conductivities. Reprinted with permission from Ref. 30 c©2013 ACS Publications.
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is unfavorable for wide scale adoption due to Pb toxicity and Te scarcity. By

contrast, TiNiSn also peaks in this range and is generally free of these concerns.

The efficiency of these half-Heusler materials, however, suffers due to their

relatively high thermal conductivities, typically >5 W m−1 K−1,[32] whereas the

best thermoelectrics often have thermal conductivities approaching 1 W m−1 K−1

or less.[24, 39] This makes them ideal candidates for the type of materials en-

gineering mentioned in the previous section to reduce κlat.

There are two common approaches to reduce the thermal conductivity of

TiNiSn-based half-Heusler materials. First, grain size reduction through ex-

tended ball-milling followed by rapid densification.[32, 40] Thadhani et al. in

particularly have done very careful studies showing the relation between grain

size and thermal conductivity, and how grain growth at operation tempera-

tures could degrade the material properties.[41, 42] For this, rapid densifica-

tion of fine TiNiSn powders spark plasma sintering (SPS) has been found to

be advantageous for thermoelectrics, as only scant grain growth occurs during

preparation.[43] A second approach to κlat reduction is isovalent substitution on

the Ti atomic site, forming Ti1−x−yZrxHfyNiSn alloys in which mass fluctuation

at point defects[23, 27, 44, 45] and strain in the lattice[32, 46] act to scatter

high-energy phonons (see Fig. 1.5). It is also common to substitute an aliovalent

element (e.g. Sb) on the Z site to increase σ by electron or hole doping.[47, 48]
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Figure 1.5: Half-Heusler unit cell showing common defects employed in the literature

to reduce thermal conductivity of TiNiSn-based thermoelectrics. (a) Many of the

highest-performing materials have a mixture of isovalent elements on the X site for

mass contrast. (b) In studies of TiNi1+xSn it has been found that there is some

concentration of Ni “interstitial” defects present in the structural vacancies. These

defects are believed to also play a role in κlat reduction.
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Figure 1.6: Ti–Ni–Sn ternary phase diagram at 800 ◦C. Inset highlights the two-phase

field between the half-Heusler TiNiSn and Heusler TiNi2Sn, where the shaded area

represents the range of compositions explored in this work. Figure adapted from

Romaka et al.[49]
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XNiSn materials are also ideal candidates for the alloying techniques dis-

cussed in the previous section, a third method that has been explored mainly

within the past 5 years. Looking to the Ti–Ni–Sn ternary phase diagram, shown

in Fig. 1.6, we find that TiNiSn shares a two-phase field with TiNi2Sn.[49]

Though not as well-detailed, similar behavior is observed in Zr–Ni–Sn and Hf–

Ni–Sn. As such full-Heusler nanoparticles of the composition XNi2Sn (X=Ti, Zr,

or Hf) can be introduced into the TiNiSn matrix by preparing materials of the

formula XNi1+xSn. In this manner intentionally biphasic materials have been

engineered, where typically x ≤ 0.10, in which thermal conductivity is reduced

by interfacial boundary scattering and strain effects.[32, 33, 50–52] In addition,

the presence of interstitial Ni defects in the half-Heusler structure is understood

to play a role in phonon scattering,[53–55] and the electronic properties are

potentially improved by hot-carrier filtering at the phase interface.[56]

Half-/full-Heusler composite materials,XNi1+xSn, share a commonality with

the best-performing Ti1−x−yZrxHfyNiSn alloys, in that phase separation is seen

to play a central role in the efficiency of the latter,[57] in addition to the mass

fluctuation at point defects[23, 44] and strain in the lattice.[32, 46]. While

ZrzHf1−zNiSn materials tend to be single-phase with full solubility between the

Zr and Hf, if x + y < 1 in Ti1−x−yZrxHfyNiSn the materials will separate into a

Ti-rich half-Heusler phase and a Zr/Hf-rich half-Heusler phase.[5, 58, 59] This
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holds true in p-type Ti1−x−yZrxHfyCoSb as well.[38]

Half-/full-Heusler composites have an advantage over (Ti/Zr,Hf)NiSn (and

other prospective secondary phases besides XNi2Sn) for a few reasons. The

two crystal structures are very similar with a lattice mismatch of <5%, which

allows for the formation of (semi-)coherent interfaces, desirable for reasons dis-

cussed in Sec. 1.2.2. Despite this, the phases remain immiscible,1 with XNi2Sn

morphology and distribution that is controllable through tailoring of processing

techniques. Nanoprecipitates are commonly observed in XNi1+xSn but not in

(Ti/Zr,Hf)NiSn, nanoparticles that can act additionally to inhibit grain growth

during operation at elevated temperatures.[42]

1.4 Overview

Biphasic approaches have a long history in the areas of metallurgy and struc-

tural materials, where alloying is often utilized to strengthen materials by in-

troducing a second phase—for example, precipitation hardening of the natu-

rally ductile Al for aerospace applications.[60] In all of these applications, the

processing method and chemistry have a significant effect on the resultant mi-

crostructure, phase distribution, and the strength of the properties and interac-

1There are finer details to this point, which are discussed extensively in Chapter 4.
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tions. However, this metallurgical knowledge is applied much less consistently

to functional properties like thermoelectricity, though it is evident that the latter

benefits greatly from this sort of thinking.

In Ti–Ni–Sn, the structural similarity of the half-Heusler and Heusler crystal

structures make them a very amenable pair for controlled microstructure engi-

neering. One could even draw analogy between these two and the γ/γ′ system

widely employed in Ni superalloys. We aimed to explore this microstructural en-

gineering by studying half-Heusler/full-Heusler materials with a wide range of

TiNi2Sn volume fractions. Our studies also involve materials that undergo only

thermal treatments after being induction melted—that is to say, no ball-milling

& re-densification, unlike most studies in the literature—-which allows for in-

sight into the phase evolution (for instance, solidification and response to heat-

ing); rather than physically implanting a secondary phase as is common,[61] it

instead evolves based on the starting composition of the melt and on the thermal

treatment. This thesis aims to apply the techniques developed for microstruc-

tural control and characterization in the fields of metallurgy and solid-state

chemistry, experimental and computational, to characterize biphasic functional

intermetallics and their properties, specifically in the thermoelectric TiNi1+xSn:

microstructure, Ni interstitial defects, and phase stability.

The present work will address the following objectives:
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1. Comparison of the thermoelectric properties of stoichiometric TiNiSn with

TiNi1.15Sn.

2. Phase stability and property evolution of TiNi1+xSn alloys up to high Ni

loading, x=0.25, as well as an exploration of band alignment between

TiNiSn and TiNi2Sn.

3. Detail the nanoscale heterogeneity in TiNi1+xSn, focusing on Ni interstitial

defects, through an in-depth analysis of synchrotron x-ray and neutron

diffraction data, combined with density functional theory.

4. Characterize the extent of full-Heusler three-dimensional connectivity in

TiNi1.20Sn and nature of phase interfaces, using a unique TriBeam system

for multimodal, three-dimensional materials tomography.

5. Microstructure refinement of full-Heusler phase particles by a high-

temperature solution treatment and its resultant influence on thermal con-

ductivity.

Impact: The understanding of the TiNiSn/TiNi2Sn composite materials guides

the development of better TiNiSn-based thermoelectrics with more knowledge

of the important materials parameters. Additionally because of its tunability,

chemical and microstructural, this materials system is an ideal testbed for ex-

ploring the effects of interfaces, morphology, distribution, size, volume fraction,
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and solubility on biphasic thermoelectric materials. We find that both point

defects and secondary phase particles can play a role in reducing κ, and that

the latter especially can strongly affect electrical transport at high volume frac-

tions. We explicate in detail the nature of phase interfaces in induction melted

TiNi1+xSn.
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Chapter 2

Enhanced thermoelectric properties

of bulk TiNi1.15Sn via formation of a

TiNi2Sn second phase in

semiconducting TiNiSn

The effect of phase-segregated full-Heusler TiNi2Sn on high temperature

thermoelectric properties of bulk half-Heusler TiNiSn has been studied. In sam-

1The contents of this chapter have substantially appeared in Reference 62: J. E. Douglas,
C. S. Birkel, M.-S. Miao, C. J. Torbet, G. D. Stucky, T. M. Pollock, and R. Seshadri, Enhanced
thermoelectric properties of bulk TiNiSn via formation of a TiNi2Sn second phase, Appl. Phys.
Lett. 101 183902 (2012) c©2012 AIP Publishing LLC.
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ples expressed by the composition TiNi1+xSn, a significant decrease in thermal

conductivity (between 10 % and 30 %) is observed for two-phase TiNi1.15Sn, de-

spite the second-phase particles existing at the micrometer scale; a 50 % increase

in the electrical conductivity is also measured. These result in a maximum fig-

ure of merit, ZT , of 0.44 at 800 K, which is 25% greater than is observed for the

x=0 sample. Density functional calculations of TiNiSn and TiNi2Sn suggest that

the latter should deplete carriers at 0 K.

2.1 Introduction

Most previous research on increasing ZT in this class of compounds has

characterized the effects of isovalent substitution with heavier elements, which

can reduce κlat through anharmonicity, and substitution of an aliovalent element

on the Z site to increase σ by electron or hole doping.[45, 48, 63] Grain size

reduction has also been studied.[41] The effect of alloying and of nanoscale

oxide inclusions on the bandstructure and thermal conduction of half-Heuslers

was discussed by Poon et al.,[64] who noted beneficial impacts on both thermal

conductivity and power factor, S2σ, ascribed distinctly to nanocomposite nature

of the material. Recently, multiple groups have studied full-Heusler TiNi2Sn

nanoparticles in slightly Ni-rich TiNiSn,[34, 51] noting a marked decrease in
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thermal conductivity,[65, 66] but little has been reported as of yet on the high-

temperature properties of TiNiSn thermoelectrics containing a large fraction of

secondary phase.

Here, the study of a Ti–Ni–Sn system that phase segregates into TiNiSn and

TiNi2Sn, prepared by induction levitation melting, is studied. Properties of this

material are compared to stoichiometric TiNiSn. Due to their similar crystal

structures and lattice parameters (mismatched by ∼3 %), TiNi2Sn has the pos-

sibility to form coherent or semi-coherent precipitates in TiNiSn.[34, 65, 66]

Despite the metallic nature of the full-Heusler phase (with a κ much larger than

that of the half-Heusler), finely dispersed particles might be expected to damp

κlat without acting themselves as accelerated pathways for thermal transport; if

coherent, we might also expect minimal disruption of the electrical transport.

Levitation melting has the advantage of producing dense, homogeneous sam-

ples that do not require further densification. While this technique has been

used previously in the preparation of half-Heusler thermoelectrics, typically the

resulting ingots were then ball-milled and re-densified,[61] in contrast to the

steps employed here.
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Figure 2.1: Schematic showing the thermal history of samples in studying the mi-

crostructural evolution in a TiNi1.2Sn alloy. The solidus temperature, Ts =1453 K, of

the half-Heusler phase TiNiSn[67] is marked.

26



2.2 Experimental details

All melting was carried out in a Crystalox MCGS5 induction levitation melt-

ing system in an Ar atmosphere. Starting materials consisted of Ti rod (99.7%),

Ni foil (≥99.9%), and Sn shot (99.8%), from Sigma Aldrich. The charge was

held molten for 120 s and then rapidly cooled, solidifying in a water-cooled Cu

crucible. The ingots were then wrapped in Ta foil, sealed in evacuated silica

tubes, and annealed for 24 h at 1173 K, followed by 192 h at 1123 K. Specimens

for property measurements were subsequently sectioned directly from the in-

gots, which had relative densities between 93% and 96%, as determined from

mass and geometry. X-ray diffraction (XRD) patterns were obtained of pulver-

ized annealed samples on a Philips X’Pert Powder Diffractometer with CuKα

(λ=1.5418 Å) radiation. The diffractograms were analyzed using the Rietveld

method, as embodied in the XND Rietveld code.[68] Optical and secondary-

electron microscopy was performed on epoxy-mounted specimens, polished to

0.25µm roughness with diamond suspension.

Thermal diffusivity was measured using the thermal flash technique be-

tween room temperature and 873 K under argon on an Anter Flashline 5000

system. Specimens for this measurement, approximately 7.5 mm in diameter

and 1.25 mm thick, were sprayed with a layer of carbon paint in order to min-
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imize errors in the emissivity. The thermal conductivity was calculated using

κ = αCpρ, where α, Cp, and ρ are thermal diffusivity, heat capacity, and den-

sity, respectively. The Cowan model for diffusivity and the Dulong-Petit molar

heat capacity, Cp = 3R
M

, were utilized. Seebeck coefficient and electrical resistiv-

ity were measured in three consecutive cycles between room temperature and

873 K using the Ulvac-Riko ZEM-3, with He atmosphere under-pressure.

To understand electronic effects at the interface between metallic TiNi2Sn

and semiconducting TiNiSn, density functional theory methods were employed,

as implemented in the Vienna ab-initio simulation package (VASP),[69, 70] us-

ing the projector-augmented wave (PAW) method of Blöchl.[71] The Perdew-

Burke-Ernzerhof[72] functional was used to describe exchange correlation. Slab

models were employed to determine energies with respect to a vacuum level,

using supercells of approximately 6 Å×4 Å×70 Å, with half the cell represent-

ing vacuum, and the non-polar (110) planes as the crystal surface. The energy

cutoff was 550 eV. 8×8×8 Monkhorst-Pack k-point meshes were employed for

unit cell calculations, and 8×8×1 for the supercell calculations.
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Figure 2.2: X-ray diffraction Rietveld refinements of levitation induction melted, and

annealed samples with the nominal (a) TiNiSn composition, x=0, and (b) two-phase

composition with x=0.15. All peaks could be indexed as full-Heusler or half-Heusler.

Small impurities in (a) are Ti6Sn5, denoted +, and Ni3Sn4, denoted *. Note the break

in the counts scale in (a).
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2.3 Results and discussion

X-ray diffraction data of samples with the nominal starting compositions

x=0 and x=0.15 are displayed in Fig. 2.2, with the multiple-phase Rietveld re-

finement included. The x=0 TiNiSn sample showed small amounts (<3 mol-%

combined) of TiNi2Sn, Ti6Sn5, and Ni3Sn4 phases. This persisted even through

multiple preparations of TiNiSn by induction melting, and arise from the crystal-

lization path of the half-Heusler in the Ti–Ni–Sn ternary and the narrow phase

field of TiNiSn. In Fig. 2.2(b), two-phase Rietveld refinement suggested the full-

Heusler phase fraction to be 9 mol-%. This is less than the expected 15 mol-%

potentially because of Ni solubility in TiNiSn.[51]

Optical and scanning electron micrographs of polished sections of the

x=0.15 composition are displayed in Fig. 2.3. Energy dispersive x-ray analy-

sis confirmed that the lighter regions in the optical micrograph, Fig. reffig2(a),

correspond to the TiNi2Sn phase. The full-Heusler area fraction calculated from

micrographs agrees well with the phase fractions as determined by XRD. The

dendritic morphology of the full-Heusler phase is due to the fact that it forms

from the liquid before TiNiSn freezes.[73] Because the liquidus temperature of

TiNiSn is so much below that of the full-Heusler phase, the cooling trajectory

plays an important role in the preparation of these two-phase materials via in-
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Figure 2.3: (a) Optical and (b) scanning electron micrographs of polished sections

of the two-phase x=0.15 sample. In (a), the light regions are the TiNi2Sn phase,

denoted by fH. In (b), the central region displays a full-Heusler region that extends

between 20µm and 30µm, and are seen to have half-Heusler precipitates within them,

ranging from 100 nm to 2µm in size.
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duction melting.[67]

The SEM image, a higher magnification view of a TiNi2Sn region, displayed

in Fig. 2.3(b), suggests a non-uniform morphology, with small (1µm and be-

low in diameter) TiNiSn particles dispersed within, as confirmed by energy-

dispersive x-ray analysis. This phase separation happens on multiple size scales

due to lower-temperature thermal treatments, and remains even after 8 days

of annealing at 1123 K when extensive Oswald ripening could be expected to

occur.

The electrical and thermal transport properties were measured between

room temperature and 873 K, just above the temperature TiNiSn is known to

reach its peak ZT (Fig. reffig3).[7, 22] As stated previously, electrical transport

measurements were gathered in three cycles of heating and cooling for each

sample. After the first heating run, all measurement traces overlaid each other

and were stable. As can be seen in Fig. 2.4(a), the electrical conductivity of

the material is increased with the addition of full-Heusler phase: The x=0.15

material is more electrically conductive by a factor of 50% compared to the

nominal x=0 half-Heusler. However neither sample showed metallic behavior,

where one would expect decreasing σ with increasing temperature. The more

conductive nature of the biphasic sample can also be observed in the measured

Seebeck coefficient. While the material remains n-type, the absolute value of

32



0

300

600

900

σ
 (

S
 c

m
-1

)
x = 0.00
x = 0.15

-300

-250

-200

S
 (

µ
V

 K
-1

)

5

6

7

8

κ
 (

W
 m

-1
 K

-1
)

300 400 500 600 700 800 900
T (K)

0

0.2

0.4

Z
T

0.00 0.05 0.10 0.15 0.20 0.25
x in TiNi

1+x
Sn

0.2

0.3

0.4

0.5

Z
T

 (
8
0
0
 K

)

(a)

(b)

(c)

(d)

(e)

Figure 2.4: Electrical and thermal transport measurements of the nominal x=0 and

x=0.15 samples. (a) Electrical conductivity, (b) Seebeck coefficient (solid line is

heating and dashed is cooling), (c) thermal conductivity, and (d) thermoelectric figure

of merit, measured between room temperature and 875 K. (e) The variation of ZT at

800 K as a function of the Ni content, x in TiNi1+xSn.
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S is decreased. The magnitudes of these two properties are known to have a

negative correlation.[22] It is worth noting, though, that the peak power factor

of the x=0.15 sample is slightly greater than that of the x=0 sample, as the

increase in σ greatly exceeds the decrease in the magnitude of S.

Presented in Fig. 2.4(c), the two-phase x=0.15 sample exhibits reduced

thermal conductivity. At higher temperatures, the difference between κ val-

ues decreases, possibly due to the greater influence of κel. Similar trends have

been previously noted, which further encourages us to attribute the κ reduction

to TiNiSn/TiNi2Sn interfacial scattering.[41]

The increased electrical conductivity but decreased thermal conductivity act

together to increase ZT as seen in Fig. 2.4(d). The ZT of the x=0.15 sam-

ple reaches a maximum of ∼0.44 as compared to 0.35 for the x=0 sample. The

peak also shifted to slightly higher temperature, by approximately 25 K. We note

that the results reported here on the x=0 sample closely match those reported

by Birkel et al. on hot-pressed TiNiSn prepared from powders.[74] In the fur-

ther study of this system, other materials of the formula TiNi1+xSn have been

measured for ZT . Shown in Fig. 2.4(e), the value of ZT at 800 K follows a

trend with the nominal full-Heusler phase content x, increasing monotonically

with Ni concentration. The drop beyond x=0.15 could be associated with the

percolation of the metallic second TiNi2Sn phase, which is discussed in detail in
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Chapter 6.

In order to understand the electronic origins of the improved electrical con-

ductivity, we employed density functional electronic structure calculations on

the bulk compounds, and infinite slabs of the two compounds, cut parallel to

non-polar (110) planes. This has allowed the relative energies of semiconduct-

ing TiNiSn and metallic TiNi2Sn to be compared, as shown in Fig. 2.5. The

calculations place the Fermi level, EF , of TiNi2Sn in the center of the gap be-

tween the valence band maximum (VBM) and the conduction band minimum

(CBM) of TiNiSn.

This result would suggest that at 0 K, free carriers are actually drained away

from the semiconductor into the metal, rather than a situation where the metal

acts as a source of free carriers. Indeed if the curves in Fig. 2.4(a) are extrapo-

lated to lower temperatures, the conductivity of the x=0.15 sample will be less

than that of x=0.00, consistent with the DFT finding. However, the calculations

also show a much smaller energy (0.21 eV) to excite an electron from the Fermi

level of TiNi2Sn to the CBM of TiNiSn than from the VBM of TiNiSn. Therefore,

the witnessed increase in conductivity could be caused by an increased carrier

density at elevated temperatures due to excitation from the full-Heusler phase;

it could also be a composite effect of metal and semiconductor within the same

material. Future studies using hybrid functionals, incorporating some exact ex-
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Figure 2.5: Schematic of the band energies of the TiNiSn and TiNi2Sn with respect

to a vacuum level. Values correspond to the valence band maximum and conduction

band minimum for the semiconductor TiNiSn, and the Fermi level of TiNi2Sn, the

latter positioned in the middle of the band gap of the former.

36



change from Hartree-Fock theory, could also potentially shed further light on

this phenomenon.[75, 76]

2.4 Conclusions

In conclusion, the introduction of a thermodynamically stable TiNi2Sn phase

within TiNiSn is a viable path by which to improve the thermoelectric prop-

erties. Further controlling the distribution of the phase through appropriate

thermal treatment and a more complete characterization of their morphology

and crystallography is a promising future avenue of research.

The subsequent chapters of this document detail our exploration of phase

formation, crystalline defects, microstructure, and transport properties in these

biphasic TiNiSn/TiNi2Sn materials, as well as the insights gained in this en-

deavor.
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Chapter 3

Microstructure evolution of

biphasic TiNi1+xSn thermoelectric

materials

The solidification pathway, as well as effects of thermal treatment on the

microstructure of as-cast Ti–Ni–Sn, synthesized by containerless (magnetic levi-

tation) induction melting are discussed. The focus is on a biphasic full-Heusler

(fH) / half-Heusler (hH) alloy of nominal stoichiometry TiNi1.20Sn. The alloy

1The contents of this chapter have substantially appeared in Reference 77: N. Verma, J.
E. Douglas, S. Krämer, T. M. Pollock, R. Seshadri, and C. G. Levi, Microstructure evolution of
biphasic TiNi1+xSn thermoelectric materials, Metall. Mater. Trans. A 47 (2016) c©2016 TMS
and ASM International.
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samples were exposed to various heat treatments to generate microstructures

containing second phase precipitates ranging from 100 nm to a few microme-

ters. The materials were characterized with regard to morphology, size, shape

and orientation relationship of the fH precipitates with the hH matrix. A forma-

tion and coarsening mechanism for the fH precipitates is proposed.

3.1 Introduction

It is well known that microstructural features and defects can strongly in-

fluence thermoelectric properties. In consequence, many strategies have been

explored for reducing κ while preserving the power factor, mainly focused

on introducing phonon scattering centers—for instance by nanostructuring,

whether through grain size refinement or incorporation of ultrafine second

phases.[34, 78] Reductions in thermal conductivity while retaining the power

factor have been reported for off-stoichiometric TiNiSn alloys,[79] a behavior

that is attributed to random occupancy of the structural vacancies in the hH

structure by excess Ni atoms,[51] acting as phonon scattering centers. The ther-

moelectric properties of these biphasic alloys are known to depend on multiple

factors, but the structure-property relationships are still poorly understood.

To gain an understanding of the interplay between microstructure and ther-
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moelectric properties, we must first determine the controlling factors behind the

microstructure, based on our synthesis and processing methods. In the present

investigation, we look to elucidate the solidification pathway of TiNi1+xSn ma-

terials produced via induction levitation melting and its influence on the mi-

crostructure that evolves from as-cast TiNi2Sn through a thermal homogeniza-

tion treatment, exploring the chemistry and microstructure of the resultant mi-

crostructure in depth.

3.2 Experimental details

The Ti–Ni–Sn alloys investigated were synthesized by induction levitation

melting followed by annealing according to a procedure established in Chapter

2.[50] Briefly, containerless melting of the primary elements, approximately

10 g altogether, was carried out in an Ar atmosphere, then solidified in a

water-cooled copper crucible. The homogenization heat treatment, depicted

in Fig. 2.1, was an initial exposure consisting of 24 h at 1173 K, followed by

192 h at 1123 K and cooling in air. This sample is used to derive insights about

the as-cast microstructure as well as a starting point for the subsequent, higher-

temperature heat treatments. The results from these latter treatments will be

discussed in Chapter 7.
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The constituent phases were first identified by x-ray diffraction (XRD) using

an XPert x-ray diffractometer (PANalytical). The molar fractions of the phases

were determined by Rietveld refinement of XRD patterns. Scanning electron mi-

croscopy (SEM) in an XL30 Sirion FEG (FEI, Hillsboro, OR) was used to charac-

terize the broader features of the microstructure and then to select specific loca-

tions to extract samples for transmission electron microscopy (TEM). Backscat-

tered electron (BSE) and electron dispersive x-ray (EDS) detectors were used

to identify two-phase regions suitable for TEM analysis. Electron probe micro-

analysis (EPMA) was used in some cases to complement the chemical analysis.

TEM lamellae were extracted using a focused ion beam (FIB, Helios, FEI). Their

microstructures were characterized in a Tecnai G2 Sphera TEM (FEI). High-

resolution transmission electron microscopy (HRTEM), including high-angle an-

nular dark field scanning TEM (HAADF-STEM, FEI Titan 300 kV FEG) was used

to gain insight into the structures of the various phases present and the associ-

ated interfaces.

41



Figure 3.1: Optical micrographs of the TiNi1.2Sn alloy in the (a) as cast condition and

(b) after the homogenization treatment described in Fig. 2.1. The three phases in this

material, identified by different contrast are TiNi2Sn (lighter gray), TiNiSn (medium

gray), and Ti5Sn3 (darker gray), in addition to a small amount of Sn (white). The

primary dendritic phase in (a) is the fH phase which is followed by solidification of the

hH phase, which eventually evolves in to the matrix in (b).
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3.3 Results

3.3.1 Solidification microstructure

The microstructure of the as-cast material provides the baseline for the

study of the changes produced by the subsequent heat treatments. The as-cast

TiNi1.2Sn comprises three phases identified by different contrast in Fig. 3.1(a):

TiNi2Sn (fH, lighter gray), TiNiSn (hH, medium gray), and Ti5Sn3 (darker gray).

EPMA traces across the main constituents in Fig. 2(a), avoiding the minor

phases, revealed that the Ti:Sn ratio in all cases was essentially unity, with val-

ues ranging from 1.008 to 1.019 and standard deviations from 0.007 to 0.11.

The average composition of the fH dendritic regions was TiNi1.72Sn, and the

hH interdendritic regions TiNi1.11Sn. The molar fractions of the phases, deter-

mined by Rietveld refinement of XRD spectra, were 41% (fH), 56% (hH), and

3% (Ti5Sn3). These values are reasonably consistent with the relative area frac-

tions of the fH (39%) and hH (50%) phases in Fig. 3.1(a), as expected from

their similar molar volumes. The distinct dendritic shape of the fH regions

clearly confirms TiNi2Sn is the primary phase formed during solidification, even

though the composition is much closer to TiNiSn. The behavior is consistent

with the incongruent melting of the hH phase, as discussed elsewhere.[50]
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3.3.2 Homogenization treatment

The as-cast material was given the initial heat treatment depicted in Fig. 2.1

(1173 K for 24 h, 1123 K for 192 h) for comparison with previous studies.[50]

While it is recognized that the composition investigated should be two-phase

at all temperatures below the solidus, this lower temperature treatment is des-

ignated as “homogenization” because it removes much of the non-equilibrium

segregation produced during solidification. The resulting microstructure,

Fig. 3.1(b), exhibits an increase in the proportion of hH (∼77%) and a reduc-

tion in fH (∼22%) compared with the cast material, as expected for the TiNi1.2Sn

composition. Figure 3.2 shows there is also a significantly reduced fraction of

Ti5Sn3 (∼1%), consistent with is nature as a non-equilibrium segregate. It is

further noted in the latter figure that both the vestigial fH dendritic regions and

the surrounding hH matrix contain submicron scale precipitates. These obser-

vations were reported in an earlier study[50] and are further analyzed below

using TEM, to gain insight on the nature, morphology, size distribution, and

orientation of the precipitates within each phase.

Observations on FIB lamellae extracted from the dendritic regions in Fig. 3.2

are shown in Fig. 3.3. EDS confirms that submicron, irregularly shaped hH pre-

cipitates are formed within the former fH dendrites. The precipitates do not
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Figure 3.2: BSE images of the microstructure for a TiNi1.2Sn sample after the homog-

enization treatment. The lightest phase is residual Ti5Sn3. The much darker, mottled

regions are the remnants of the fH dendrites, which have undergone some precipitation

(cf. Fig. 3.3). The matrix is hH phase, which exhibits different intermediate levels of

gray because of channeling contrast due to different crystallographic orientations. A

small amount of residual porosity appears as black features in the micrograph.
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Figure 3.3: Bright-field (BF) images of (a) hH precipitates within a former fH dendritic

region, and (b) a close-up of the interfaces showing misfit dislocations. (c) The [110]

SADP in the inset is from the interface between the fH and hH phases, with an

enlargement of the spots marked by (d) showing the split between the fH and hH

reflections due to the difference in lattice parameters.
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exhibit any faceting indicative of crystallographic anisotropy, but do show a dis-

tinct cube-on-cube orientation relationship with the matrix, as inferred from the

selected area diffraction pattern (SADP) in Fig. 3.3(c), collected at the inter-

face between the two phases. The SADP also reveals the splitting of diffraction

spots away from the pattern center, consistent with the 3% difference in lat-

tice parameter of the fH and hH phases (the interior spot corresponds to the

fH phase). The interface is semi-coherent, with clear evidence of misfit dislo-

cations that accommodate the lattice mismatch, Fig. 3.3(b). These dislocations

generate a local elastic strain gradient that extends into the two phases and can

contribute to phonon scattering.

TEM analysis of a lamella extracted from the hH matrix in Fig. 3.2, shown in

Fig. 3.4, also reveals sub-micrometer precipitates, now corresponding to the fH

phase, especially near the boundaries of the vestigial dendrites. These precip-

itates show the same cube-on-cube orientation relationship with the matrix as

well as semi-coherent interfaces, although the shapes tend to be more regular

than those in Fig. 3.3.

HRTEM provides further insight into the structural differences between the

hH and fH phases and their interfaces, as illustrated in Fig. 3.5. The distinguish-

ing feature is the structural vacancy at the Wyckoff position (3
4
, 3

4
, 3

4
) in the hH

structure (C1b, F43m), which are filled by Ni in the fH phase (L21, Fm3m).
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Figure 3.4: BF image of fH precipitates within the hH matrix, surrounding the vestigial

dendrites in Fig. 3.2. The [110] SADP from the interface and surrounding phases

shows the same orientation relationship between fH and hH as in Fig. 3.3, with similar

splitting of the reflections.
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Figure 3.5: HRTEM images of an interface between fH and hH, with positions of

misfit dislocations marked in (a) by ⊥. An enlarged view of the hH phase overlaid

with the atomic arrangement for the (110) plane is shown in (b), while (c) shows a

similar arrangement for the fH phase.
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Rows of vacant sites are thus evident in the hH structure but not in the fH struc-

ture when both are imaged on the [110] zone axis, as shown by the comparison

of Figs. 3.5(b) and 3.5(c). The superposed atomic arrangement sketches reveal

the locations of the different atoms. The HRTEM image of the interface between

hH and fH in Fig. 3.5(a) shows the degree of coherency, with misfit dislocations

accommodating the lattice mismatch. The extra half-planes in Fig. 3.5(a) are of

the (002) type, spaced every 33 planes on the hH side, in agreement with the

3% lattice mismatch.

3.4 Discussion

3.4.1 Phase evolution during solidification

Understanding the phase and microstructure evolution during solidification

requires a quantitative description of the liquidus and solidus surfaces in the

Ni-Sn-Ti ternary, which has only recently become available.[80] The portion of

the liquidus surface relevant to the present problem is depicted in Fig. 3.7(a).

Understanding the solidification path is further facilitated by the fact that the

Ti:Sn ratio remains very close to unity through the crystallization of both fH and

hH phases, as noted earlier. These ratios are also maintained in the compositions
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Figure 3.6: Diagrammatic liquidus surface of the Ti–Ni–Sn ternary, along with the

understood solidification paths, drawn in blue. Figure adapted from Gürth et al.[80]

See also Fig. 5.8, showing temperature contours of the surface.

51



Figure 3.7: Schematic of the inferred solidification path along (a) the relevant portion

of the Ti–Ni–Sn liquidus surface and (b) the isopleth with a constant Ti:Sn=1 ratio,

both adapted from Ref. 80. The composition studied (x=0.2) starts solidification

on the primary fH liquidus, with a higher average composition than expected from

the calculated diagram. Solidification continues with the formation of hH rather than

Ti5Sn3 as proposed in the calculated diagram, which appears as the third phase due

to non-equilibrium effects. The solid compositions resulting from homogenization and

higher temperature solution treatment are marked in (b).
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of the constituents after the heat treatments. The inference is that much of the

thermal history during solidification is contained in the schematic isopleth in

Fig. 3.7(b), adapted from Ref. 80. The schematic is reasonably consistent with

the reported congruent melting of the fH phase at 1720 K and the incongruent

melting of hH at ∼1455 K.[50, 67]

The fH dendrites in the as-solidified microstructure reveal this is the first

phase forming from the melt (C0), with the measured average composition

marked on the fH solidus in Fig. 3.7(b). As the fH phase crystallizes the melt

is depleted only of Ni because of the solid and liquid have the same Ti:Sn ratio

of 1. Hence, the solidification path on the liquidus traces a line directly away

from the TiNi2Sn composition toward TiNiSn, as shown in Fig. 3.7(a). (Note

in Fig. 3.7 that even a nominally stoichiometric hH phase, i.e. composition τ1,

would start solidification by forming fH dendrites.) According to the recent

thermodynamic assessment the path should intersect the L+ fH + Ti5Sn3 two-

fold saturation line, whereupon the latter phase should form if there were no

kinetic hindrance to its nucleation. The microstructures in Figs. 3.1(a) and 3.2,

however, show that the Ti5Sn3 phase forms later in the process. Instead, the

fH dendrites are surrounded by hH with a common orientation relationship and

the same Ti:Sn=1 ratio, in a morphology reminiscent of a peritectic reaction in a

binary system. Because of the close crystallographic relationship between the fH
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and hH phases, it is hypothesized that nucleation of hH is more competitive than

that of the unrelated Ti5Sn3. Given the proximity of the liquid composition at

the end of primary solidification to the invariant reaction L+ fH + Ti5Sn3→hH

(P in Fig. 3.7(a), if there were any kinetic delay in the nucleation of Ti5Sn3 the

system would soon thereafter reach the L+ fH + hH line, which would trigger

the solidification of hH; that would continue on the same isopleth (Ti:Sn=1),

directly away from the stoichiometric TiNiSn (hH) composition.1 This results in

a range of Ni content in the hH phase, with an average denoted by the circle on

top of the hH field in Fig. 3.7(b), supporting the view that solidification of hH

proceeds for some time on the metastable extension of the hH liquidus surface.

However, at some point the depletion of Ni is sufficient to trigger the formation

of the Ti5Sn3 phase, which appears in the last liquid pockets. The solidifica-

tion path would then turn away from the Ti:Sn=1 isopleth toward the Sn rich

corner in Fig. 3.7(a), perhaps following, albeit briefly, the L+ hH + Ti5Sn3 line.

The absence of Ti6Sn5 in the as-cast microstructure suggests solidification ends

before the proposed L+ Ti5Sn3→hH + Ti6Sn5 reaction (U in Fig. 3.7(a)). It is

then suggested that the traces of Sn found in the as-cast structure may be the

result of solid-state precipitation rather than segregation from the melt.

1There is some confusion in Ref. 80, Gürth et al., “On the constitution and thermodynamic
modeling of the system Ti–Ni–Sn,” about the nature of the reaction at the intersection of the
fH, hH and Ti5Sn3 primary crystallization surfaces, but the microstructure is consistent with the
scenario described in Fig. 3.7(a). Note, however, that a true ternary peritectic reaction would
involve 4 phases, not 3.
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The amount of fH phase in the as-cast microstructure is clearly much higher

than that expected at equilibrium in Fig. 3.7(b), as inferred from the substantial

reduction in the area covered by the vestigial fH dendrites after the heat treat-

ments. This is consistent with the diffusionally constrained completion of the

“peritectic” reaction by surrounding of the fH dendrites with hH, which leaves

excess fH phase. More importantly, the observation that both the dendritic

(fH) and surrounding interdendritic (hH) constituents solidify with composi-

tions over a range of Ni contents has important implications for the understand-

ing of the phase equilibria and subsequent precipitation. The schematic range

of fH phase compositions, marked by the thicker gray arrow on the fH solidus

in Fig. 3.7(b), falls entirely within the fH + hH two-phase phase field at lower

temperatures and thus precipitation of hH within fH would be expected in the

as-solidified material. More importantly, the range of measured compositions

for the hH regions, denoted again by a thicker gray arrow on the hH solidus in

Fig. 3.7(b), would fall within the two-phase field. Hence, the solidus trace for

hH must extend into the Ni-rich side of TiNiSn at the higher temperatures. The

implication is that the hH phase may not melt incongruently at a single temper-

ature, 1453 K, as reported earlier,[67] but is likely to involve multiple stages as

suggested by Fig. 3.7(b).

Heat treatment at the lower temperatures should result in a lower volume
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fraction of precipitates within each of the larger fH and hH regions. It is likely,

however, that these samples were not fully equilibrated during this treatment.

The precipitates are globular and much larger in size than those resulting from

the higher temperature treatment, still with cube-on-cube orientation relation-

ships with their respective matrices but much less coherent, as shown by the

extensive network of mismatch dislocations at the interfaces in Figs. 3.3 and

3.4.

We report in Chapter 5 that this microstructure, though at slightly lower fH

phase fractions, led to an increased thermoelectric figure of merit over stoichio-

metric TiNiSn in these materials.[50] This enhancement in ZT was attributed

jointly to higher power factor and lower thermal conductivity, where these sub-

micron size hH and fH inclusions act as scattering centers for phonons without

adversely affecting the electrical properties.

3.5 Summary

Biphasic hH/fH microstructures have been generated from a TiNi1.2Sn alloy

synthesized by levitation induction melting subjected to subsequent heat treat-

ments. The alloy should be nominally hH with a minor amount of fH as a second

phase, but the solidification microstructure is dominated by the fH phase that
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forms first and is retained owing to the peritectic-like formation of hH which is

diffusionally constrained from completion.

Upon heat treatment the hH phase becomes continuous but at lower temper-

atures the vestigial fH dendrites are still present in a volume fraction sufficiently

high to form percolation paths. It is noted that even at the lower temperature

treatment there is sufficient mutual solubility between the fH and hH phases

to lead to the formation of precipitates within each constituent. Precipitating

second phase fH/hH is seen to be semi-coherent depending on the size of pre-

cipitates. The solidification pathway necessitates homogenization treatments to

achieve desirable thermoelectric performance, and must be kept in considera-

tion when designing biphasic half-Heusler based thermoelectrics.
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Chapter 4

Nanoscale structural heterogeneity

in Ni-rich half-Heusler TiNiSn

The structural implications of excess Ni in the TiNiSn half-Heusler compound

are examined through a combination of synchrotron x-ray and neutron scatter-

ing studies, in conjunction with first principles density functional theory cal-

culations on supercells. Despite the phase diagram suggesting that TiNiSn is a

line compound with no solid solution, for small x in TiNi1+xSn there is indeed an

appearance—from careful analysis of the scattering—of some solubility, with the

excess Ni occupying the interstitial tetrahedral site in the half-Heusler structure.

1The contents of this chapter have substantially appeared in Reference 53: J. E. Douglas, P.
A. Chater, C. M. Brown, T. M. Pollock, and R. Seshadri, Nanoscale structural heterogeneity in
Ni-rich half-Heusler TiNiSn, J. Appl. Phys. 116 163514 (2014) c©2014 AIP Publishing LLC.
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The analysis performed here would point to the excess Ni not being statistically

distributed, but rather occurring as coherent nanoclusters. First principles cal-

culations of energetics, carried out using supercells, support a scenario of Ni

interstitials clustering, rather than a statistical distribution.

4.1 Introduction

In the past two decades, various approaches to reducing thermal conduc-

tivity, κ, in half-Heusler thermoelectrics have been considered, mainly isova-

lent substitution for mass contrast[45, 81] and grain size reduction.[37, 42]

More recently there has been significant focus on the inclusion of a full-

Heusler (fH) phase into the half-Heusler (hH) matrix can be used to improve

ZT .[43, 50, 56, 65, 66, 82] This is an attractive method, as the microstruc-

ture develops naturally by thermodynamic phase separation in Ni-rich compo-

sitions of XNi1+xSn. Interestingly, the presence of the full-Heusler phase in-

duces a reduction in κ, from 6 W m−1 K−1 to 4 W m−1 K−1 at room temperature

in TiNi1+xSn,[65] despite the metallic nature of the full-Heusler phase. TiNi2Sn

for instance, has κ close to 20 W m−1 K−1 (cf. Fig. 5.10).[50] It is also suggested

that in nanoparticle form this second phase can additionally lead to “hot-carrier”

filtering process, which enhances the Seebeck coefficient.[56]
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The question of disorder[83, 84] and Ni occupancy[51, 52, 55, 85] in the

pseudobinary between XNiSn and XNi2Sn has been of general interest. Exper-

imentally, Rietveld refinements of TiNi1+xSn powder x-ray and neutron diffrac-

tion data for the half-Heusler phase are typically best fit by models that allow for

some Ni occupancy in the vacant 4d Wyckoff site (3
4
,3
4
,3
4
) of F43m, on the order

of 5 % to 10 %.[82] There also tends to be a linear increase in the half-Heusler

lattice parameter, ahH, with increasing x indicating a degree of Ni solubility

in the structure.[50, 51] That said, equilibrium ternary phase diagrams report

TiNiSn as a line compound, i.e. with no excess Ni.[49, 86] This assertion has

been argued from density functional theory calculations as well, invoking an

orbital ordering argument[49] and statistical thermodynamics approach based

on formation energies.[85]

Together these studies raise the question of whether the excess Ni being re-

fined on vacant sites (herein referred to as Ni “interstitials”) using the Rietveld

method are randomly distributed, or represent local nanoclusters of a full-

Heusler constrained to the half-Heusler lattice parameter. Recently, Do et al.

have explored this clustering in the ZrNi1+xSn system by DFT,[54] finding ex-

cess Ni atoms to be attracted to one another, forming local clusters. In this study

we detail observations from powder neutron and synchrotron x-ray diffrac-

tion (XRD) data experiments with insight into the Ni interstitial occupancy in
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Figure 4.1: (a) Nominal TiNi1+xSn compositions and forms of radiation for which

scattering data were collected. Neutron diffraction data and Rietveld refinement fits

for (b) TiNiSn and (c) TiNi1.15Sn samples, with contributions from the half- and full-

Heusler phases displayed beneath. (d) Three different defect models for refinements

of “half-Heusler” diffraction peaks.
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TiNi1+xSn. Additionally, we report DFT calculations to evaluate the defect ener-

gies of high Ni interstitial concentration, up to ≈16%, and the effect of intersti-

tial proximity to one another, relating these to the diffraction studies.

4.2 Experimental methods

Samples of TiNi1+xSn were prepared for the diffraction experiments via lev-

itation induction melting followed by annealing, described in detail in Chapter

5.[50] (Referred to in Chapter 3 as the “low-temperature homogenization” treat-

ment.) Powder synchrotron XRD (SXRD) data were collected at the 11-BM

beamline of the Advanced Photon Source (APS) at Argonne National Labora-

tory, with a wavelength λ of 0.440645 Å to reduce Sn absorption. Constant-

wavelength, room temperature neutron diffraction data were collected at the

National Institute of Standards and Technology Center for Neutron Research

(NCNR) (see Fig. 4.1). A Cu(311) monochromator and 60’ collimator with no

filter were used, λ = 1.5409 Å. The patterns were analyzed using the TOPAS

Academic program suite implementation of the Rietveld method.[87]

To find the energy of different Ni interstitial arrangements, the total en-

ergy and electronic states of various defect structures were calculated using

DFT as implemented in the Vienna ab-initio Simulation Package (VASP)[69, 70]
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with projector-augmented wave (PAW) pseudopotentials.[88] The exchange-

correlation was described by Perdew-Burke-Ernzehof within the generalized gra-

dient approximation (GGA-PBE).[72] A cutoff energy of 550 eV was used, with

a Γ-centered k-mesh of 4×4×4 and a tetrahedron smearing method.

Defect energies were calculated employing 2×2×2, 96 + n atom supercells

with n, the number of interstitials, being between 0 and 5. Site disorder was

not included in our analysis, as we expect it to be infrequent due due to the

large formation energies associated with these defects,[51, 55] making direct

calculation difficult. Five interstitials corresponds to a 15.625% site occupancy

of the interstitial site, or equivalently Ti32Ni37Sn32. Calculations allowed for

volume relaxation, with ions held fixed on their initial special positions and the

cell constrained to remain cubic.

4.3 Results and discussion

4.3.1 Interstitials contribution to powder diffraction

With the high resolution of synchrotron x-ray diffraction data, we are able

to observe an asymmetry in the diffraction peaks of the half-Heusler, as exem-

plified in Fig. 4.2(a) for the x=0.15 material, similar to that noted in previous
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Figure 4.2: (a) Synchrotron XRD data of the (220) half-Heusler phase peak of the

x=0.15, TiNi1.15Sn material, fit with a defect-free TiNiSn model. (b) Accompanying

Fourier difference map, the observed intensity minus calculated fit observed data in

the (001) plane. Residual electron density is observed in the vacant 4d sites, denoted

by white arrows.
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literature.[59, 65] The SXRD for the stoichiometric, x=0, sample itself cannot

be fit to a single phase, showing a distinct shoulder on each peak, potentially

due to antisite defects and phase separation. We do not discuss this in detail in

this report. However, neither is the peak shape well captured by a defect-free

TiNiSn model for our materials with excess Ni, due to the asymmetry. Differ-

ence Fourier maps of such refinements show the presence of residual electron

density on the 4d vacant sites of the half-Heusler structure (see Fig. 4.2(b)).

As such, a typical approach is to allow some Ni occupancy on this site when

modeling the data, shown as model 1 in Fig. 4.1(d). In our materials however,

we observe that even this model fails to accurately capture the higher-Q region

of the peaks. This supports the notion that these peak anisotropies arise from

nanoscale inhomogeneity in the distribution of Ni interstitials rather than a sta-

tistical distribution; if the latter were the case, a single phase would be sufficient

to model the diffraction, which is not the case for the present data. We find that

is therefore necessary to use a model which incorporates multiple structural do-

mains to describe the diffraction peaks.

While a number of models were attempted, including antisite defects, in-

terstitials, and vacancies, we only consider models 2 and 3 (see Fig. 4.1(d))

in detail here, as these other point defects have been found in previous liter-

ature to be much more energetically costly, and therefore less likely to occur,
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Figure 4.3: (a) Rietveld fits of (220) half-Heusler peak for diffraction data of TiNiSn

and TiNi1.15Sn samples, using three different models. Contributions from each struc-

ture displayed beneath. (b) Goodness of fit, χ2, and (c) refined Ni atomic fraction by

these models. ND: neutron diffraction.
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than interstitial Ni defects.[51, 55] Models 2 and 3, however, both consider a

“pure” TiNiSn structure with a secondary structural nanoscale inhomogeneity:

one with a compressed TiNi2Sn with lattice parameter a′fH ≈ ahH as the sub-

sidiary hH phase, analogous to coherent fH nanoprecipitates (model 2), and

another with a second half-Heusler structure, “hH-i,” that does allow for Ni oc-

cupancy at the (3
4
,3
4
,3
4
) site (model 3). Representative fits of these models are

displayed in Fig. 4.3(a).

Though the coherent-fH model (model 2) does improve the fit criteria over

a single hH-i model, half-Heusler TiNiSn with Ni interstitials, it does not fit

the data as well as hH + hH-i, as measured qualitatively and by the χ2 values

(Fig. 4.3(b)). Unlike the two other models, thermal parameters, particularly the

Sn site, tend to refine to unphysical, nonpositive values using model 2. Addi-

tionally, the model refines the crystallite dimensions of these fH structures to

be several microns, which is inconsistent with transmission electron microscopy

observations.[52, 65] Such a large crystallite of TiNi2Sn would also not be ex-

pected to remain coherent with the TiNiSn matrix.

Of all models, it was found that model 3, two half-Heusler structures, one of

which allows for Ni interstitials, was the best descriptor of the diffractograms,

without the unphysical parameters exhibited by model 2. This model, hH +

hH-i, is analogous to local clusters of interstitial Ni atoms distributed through-
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out the material, but in which they are neither extended nor ordered enough

to diffract as fH TiNi2Sn. This is somewhat of an intermediate arrangement

between models 1 and 2, i.e. completely random interstitial distribution and

coherent, well-ordered fH precipitates.

It was found that model 3 also leads to the smallest lattice parameter for

the hH structure, shown by the solid bars in Fig. 4.4(a), and estimates small

crystallite sizes for this phase, typically of a few hundred nanometers. This is

reasonable given that only small contiguous regions of the material are expected

to be completely devoid of the interstitial defects that cause an expansion of the

lattice. If the data is fit with a model that considers twelve phases with the

relation

ai = Cxi + ai=0 (4.1)

where i = {0, 1, ..., 11}, C is a scaling parameter, and xi is the Ni interstitial

occupancy (with x0 = 0 and xi+1 − xi a constant), this idea of small pure-hH

crystallites is observed similarly: As shown in the contour plot in Fig. 4.4(b),

the minimum ahH ≈ 5.925 Å persists to a small degree even in the very Ni-rich

materials, though these latter samples are dominated by material with large

incorporation of interstitials (the two lattice parameters that model 3 finds in
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Fig. 4.4(a)).

When utilizing these models to explore total Ni atom fraction, including that

in the TiNi2Sn phase, we found almost no variation between the three mod-

els, but significant deviation between synchrotron XRD and neutron diffrac-

tion (Fig. 4.3(c)). For the synchrotron data, the refined Ni concentration only

matches that of the nominal composition in half of the samples; for TiNi1.10Sn,

TiNi1.15Sn, and TiNi1.25Sn, the effective concentration is significantly higher. The

neutron data however estimates compositions much closer to nominal, with the

interstitial occupancies of the hH-i phase converging to values more similar to

those reported in the literature:[82] Neutron refinements put interstitial occu-

pancy at approximately 5%, whereas the synchrotron converged to values as

high as 30% for the intermediate compositions.

Because the occupancies are more highly correlated with the lattice parame-

ter and phase scale in synchrotron than neutron diffraction data, the occupancy

values from XRD are more aptly viewed as qualitative measures of chemical

inhomogeneity in TiNi1+xSn than direct probes of Ni concentration. The syn-

chrotron thermal parameters for the interstitial site are also extremely large in

all models—Biso ≈ 13 Å2, whereas Biso ≈ 1 Å2 for the Sn site—suggesting that

these parameters are acting as much to fit peak shape and broadness as merely

total electron density.
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Figure 4.4: (a) Refined lattice parameters, ahH, of the half-Heusler phase (solid)

and second phase (shaded)—i.e., coherent TiNi2Sn or TiNiSn with interstitials—by

the three models. Dashed line is fit to average ahH of model 3. Error bars, which

represent one standard deviation are smaller than the line width for SXRD. (b) Contour

plot of ahH, fitting with a twelve phase structural model.
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4.3.2 Energetics of Ni interstitials

With the diffraction data in mind, we looked to examine what the energetic

tendencies of Ni interstitials might be between random distribution (cf. model

1) and local clustering (model 3). For each number of interstitials n, the posi-

tions were varied so that the defect energies were determined when clustered—

where all interstitials occupy sites adjacent to one another—when completely

separated in a pseudorandom fashion, and each arrangement in between (see

Fig. 4.5).

A “fatband” analysis of the electronic structure—with bands weighted by

contribution from the Ni interstitial, Fig. 4.6(a)—for n = 1 highlights the addi-

tion of defect states into the TiNiSn band gap. This shifts the Fermi level such

that the compound should exhibit electron conductivity, as opposed to p-type

conduction calculated for the undoped TiNiSn,[84] and the band gap is reduced

from 0.45 eV to 0.12 eV. These findings correspond very well with both experi-

mental observations of bulk TiNiSn[89] and previous theoretical reports.[55] It

is possible that these defect states, as a rather narrow band near the Fermi level,

also contribute to the large thermopower observed in these materials for having

simultaneously large σ (cf. Fig. 4.6 with Eqn. 1.3).

The differences in defect energies for further Ni excess are shown in
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Figure 4.5: (a) TiNiSn half-Heusler unit cell and the 2× 2× 2 supercell base used for

DFT calculations. (b) Representative supercells of calculations with 4 Ni interstitials,

which corresponds to TiNi1.125Sn. Interstitials are represented here as black spheres.

The defect structures calculated include all n = 4 interstitials clustered together,

n− 1 = 3 with 1 separated, and so on until each possible n− i was represented.
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Figure 4.6: (a) Band structure diagram and (b) density of states (DOS) of the single-

interstitial supercell, x ≈ 0.03. In band diagram, line thickness corresponds to con-

tribution from the Ni interstitial atom, P43m symmetry. Dark shaded area in DOS

represents states arising from the interstitial Ni.
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Fig. 4.7(a). Do et al. demonstrated in the Zr–Ni–Sn system that the distance

between Ni interstitials can have a large effect on the ground state energy.[54]

We have therefore ensured that “separated” interstitials are as distant apart as

is allowed by the supercell and periodic boundary conditions. To reassure our-

selves that the influence of periodicity on the calculated interactions is minor,

we also calculated the energies of a limited number of 3×3×3 defect supercells

and found that the observed trends are the same.

Clustering is found to be consistently lower in energy than a random distri-

bution of interstitial Ni. At n = 4, clustering corresponds to a single full-Heusler

TiNi2Sn unit cell embedded in pristine half-Heusler, but even with only 3 inter-

stitials there is an energetic drive to cluster rather than separate, on the order of

50 meV/interstitial. The energy gains for clustering in the the Zr–Ni–Sn system

reported by Do et al. are approximately twice that we find for Ti–Ni–Sn.[54]

Aside from the change Zr to Ti on the X site, they allowed ionic positions to

relax in their study whereas we did not, which likely accounts for the difference

in magnitude. However we observe very similar behavior.

Despite the energetic differences between various interstitial arrangements,

the lattice parameter is indistinguishable between the different interstitial con-

figurations, as detailed in Fig. 4.7(b). This suggests that the electronic stabiliza-

tion that occurs is more integral to the clustering behavior than a simple stress
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relaxation. That is, even with coherency strains of the nanoclusters—the calcu-

lated forces on the interstitial Ni atoms are higher when clustered—it is more

energetically favorable than separated interstitials.

4.4 Conclusions

Rather than a statistical distribution of Ni atoms on the vacant tetrahedral

site, analysis of synchrotron x-ray and neutron powder diffraction data sup-

ported by density functional theory calculations has shown that the Ni-lean

phase of these TiNi1+xSn materials is best thought of as a half-Heusler matrix

with nanoclusters of Ni interstitial atoms pocketed throughout the material. In

order to model this local chemical heterogeneity in the hH matrix and its effect

on the diffraction peaks for Rietveld refinement, it is best to use multiple struc-

tures, a pure half-Heusler in conjunction with a phase which allows for vacant

site occupation by Ni atoms.

By XRD, this occupancy parameter acts almost as a probe of Ni inhomogene-

ity itself, while neutrons are a better probe of actual interstitial occupancy. We

understand that structure and chemistry both contribute to the to the thermo-

electric properties of XNi1+xSn materials, and in our materials the refined Ni

atom fraction deviation from expected, from SXRD, correlates well with mea-
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sured ZT values.[50] As this points to a strong structural influence, experimen-

tal studies of the local structure and Ni environment of TiNi1+xSn materials, as

well as the kinetics, would be very beneficial in further understanding intersti-

tials in this system. This knowledge will be important for informing preparation

techniques and for the improvement of TiNi1+xSn thermoelectric efficiency.
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Chapter 5

Phase stability and property

evolution of biphasic Ti–Ni–Sn

alloys for use in thermoelectric

applications

Thermoelectric properties and phase evolution have been studied in bipha-

sic Ti–Ni–Sn materials containing full-Heusler TiNi2Sn embedded within half-

1The contents of this chapter have substantially appeared in Reference 50: J. E. Douglas, C.
S. Birkel, N. Verma, V. M. Miller, M.-S. Miao, G. D. Stucky, T. M. Pollock, and R. Seshadri, Phase
stability and property evolution of biphasic Ti–Ni–Sn alloys for use in thermoelectric applica-
tions, J. Appl. Phys. 115 043720 (2014) c©2014 AIP Publishing LLC.
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Heusler thermoelectric TiNiSn. Materials, prepared by levitation induction

melting followed by annealing, were of the nominal starting composition of

TiNi1+xSn, with x between 0.00 and 0.25. Phases and microstructure were

determined using synchrotron x-ray diffraction and optical and electron mi-

croscopy. The full-Heusler phase is observed to be semi-coherent with the

half-Heusler majority phase. Differential thermal analysis was performed to

determine liquidus and solidus temperatures of the end-member compounds.

The thermal conductivity is reduced with the introduction of a dispersed, full-

Heusler phase within the half-Heusler material. This leads to an increased ther-

moelectric figure of merit, ZT , from 0.35 for the stoichiometric compound to

0.44 for TiNi1.15Sn. Beyond x=0.15 ZT decreases due to a rise in thermal con-

ductivity. Density functional theory calculations using hybrid functionals were

performed to determine band alignments between the half- and full-Heusler

compounds, as well as comparative energies of formation. The hybrid func-

tional band structure of TiNiSn is presented as well.

5.1 Introduction

The physical properties that make up the figure of merit are related to one

another by the electronic structure, making it challenging to substantially in-
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crease the ZT of a material. For instance, S and σ are known to be negatively

correlated.[22] However, by controlling the microstructure, it is possible to re-

duce the thermal conductivity without greatly impacting the electrical proper-

ties. In semiconductors, the thermal conductivity has two principle components:

that arising from charge carriers, κel, and that from lattice vibrations, κlat. While

κel is tied directly to electrical conductivity by the Wiedemann-Franz Law, κlat

can be controlled through alteration of the crystalline lattice and microstructure.

For instance, embedding particles (both insulating[12] and semimetallic[25])

within thermoelectric materials can disrupt phonons and reduce κ. A common

technique to improve ZT in half-Heuslers is to reduce κlat by either substitu-

tion of heavier isovalent atoms at the X site[45, 90] or the reduction of grain

size[40, 41]. It is also common to substitute an aliovalent element on the Z site

to increase σ by electron or hole doping.[48]

Another avenue that has been pursued to reduce the thermal conductivity

of TiNiSn is by inclusion of a secondary phase, notably the (full-)Heusler com-

pound TiNi2Sn.[51, 65, 66, 82] We have reported on the high-temperature prop-

erties of such biphasic thermoelectrics, TiNi1+xSn as formed from both melted

bulk (Chapter 2) and microwave powder preparations.[43] A lower κ is ob-

served in the biphasic materials, attributed to interfacial phonon scattering.

This approach, using the Ti–Ni–Sn system, is attractive because the similarity
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of half- and full-Heusler crystal structures (∼3 % lattice mismatch), allowing

for (semi-)coherent phase interfaces, leading to minimal disruption of the elec-

tronic properties.[66] Additionally, TiNi1+xSn is comprised of elements that are

earth-abundant, non-toxic, and relatively inexpensive, which is not the case for

many state-of-the-art thermoelectric materials; such attributes will be important

if thermoelectrics are to gain widespread, industrial-scale usage.[12, 91]

In exploring the introduction of additional phases to modify thermoelectric

properties, it is important to have an understanding of system thermodynamics,

so as to develop insight into how preparation techniques will lead to different

microstructures and phases in the material. Here, we present experimental and

theoretical studies in the thermodynamics of the Ti–Ni–Sn ternary system, using

differential thermal analysis to determine melting temperatures, as well as first-

principles calculations to compare free energies of the intermetallic compounds.

These experiments help to explain the common presence of impurity phases in

stoichiometric TiNiSn, as reported by other researchers.[90]

We also report on the observed microstructural development and thermo-

electric properties of biphasic materials of the starting composition TiNi1+xSn,

with x between 0.00 and 0.25, as prepared by magnetic levitation induction melt-

ing. While this technique has been utilized previously in thermoelectric prepa-

rations, typically the resulting ingots were subsequently ball-milled, which is
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not done in this study.[61] Additionally, the secondary phase here is not phys-

ically implanted but, rather, evolves based on starting composition of the melt.

We discuss the resultant microstructure and effects of heat treatment, as well

as insights gained from density functional theory on the electronic structures of

TiNiSn and TiNi2Sn. The temperature and composition dependences of the elec-

trical transport properties can be influenced both by doping of the half-Heusler

phase and by the composite conduction of the semiconducting and metallic re-

gions. In order to compare the energies of charge carriers in each phase and how

they might affect transport in the biphasic materials, we used ab initio calcula-

tions to explore the band alignment between the half- and full-Heusler, using

both the generalized gradient approximation and hybrid functionals.

5.2 Methods

5.2.1 Experimental details

Preparation

For the study of thermoelectric properties, six samples were prepared with

the nominal starting composition TiNi1+xSn with x=0.00, 0.05, 0.10, 0.15,

0.20, 0.25. Compositions were chosen to be within the biphasic region between
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TiNiSn and TiNi2Sn based on the reported phase diagrams.[49, 86] This permits

the effect of TiNi2Sn phase fraction within the TiNiSn bulk to be investigated.

Two additional compounds, stoichiometric TiNiSn and TiNi2Sn, were made for

thermal analysis. The starting materials were Ti rod (99.7%, Sigma-Aldrich), Ni

foil (≥99.9%, Sigma-Aldrich), and Sn shot (99.8%, Sigma Aldrich).

The materials were prepared from ∼ 20 g charges under an Ar atmosphere

using a Crystalox MCGS5 induction levitation melting system with a water-

cooled copper crucible. Charges were held molten for 120 s and then rapidly

cooled. The resultant buttons were then wrapped in tantalum foil, sealed in

evacuated fused-silica ampoules, and annealed for 24 h at 1173 K, followed by

192 h at 1123 K. All samples had 93% relative density or greater.

Characterization

All specimens for characterization were sectioned directly from the annealed

ingots. Powder x-ray diffraction (XRD) patterns were acquired with a Philips

X’Pert Powder Diffractometer with CuKα radiation on crushed and ground ma-

terial. Scans were 30 minutes, from 2θ = 10◦ to 120◦. Additionally, room temper-

ature, powder synchrotron radiation XRD data were collected at the Advanced

Photon Source (APS) at Argonne National Laboratory, at the 11-BM beamline.
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The patterns were analyzed using the Rietveld method as implemented in the

TOPAS Academic program suite,[87] from which accurate lattice parameters

and phase fractions were determined.

Sections from the center of the bulk were examined using various metal-

lographic techniques. All samples were epoxy-mounted and polished, with

0.25-micron diamond suspension used for the final polish. Samples for elec-

tron backscatter-diffraction analysis (EBSD) were subsequently polished for 4 h

with colloidal silica. Scanning electron microscopy (SEM) was done using an

FEI XL30 Sirion FEG Microscope equipped with a backscattered-electron (BSE)

detector, which allowed for greater distinction between phases. EBSD analy-

sis, with energy-dispersive x-ray spectroscopy (EDS) assistance, was performed

using an FEI Dualbeam focused ion beam (FIB) microscope.[92] Optical mi-

crographs were captured with QImaging software. Transmission Electron Mi-

croscopy (TEM) was performed on the FEI Tecnai G2 Sphera microscope, on

lamellae fabricated by FIB milling.

Differential thermal analysis (DTA) was performed on a Setaram SETSYS

Evolution TGA for two specimens of TiNiSn and TiNi2Sn each, with a tempera-

ture ramp rate of 5 K per minute. The half-Heusler compounds were measured

from 1073 K to 1548 K and 1073 K to 1673 K, while the full-Heusler compounds

were measured from 1073 K to 1673 K and 1073 K to 1848 K. X-ray diffraction
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patterns were taken before and after each measurement. Thermal diffusivity

of TiNi1+xSn compounds was measured between room temperature and 873 K

under Ar by an Anter Flashline 5000, which utilizes the thermal flash technique.

Specimens, which were approximately 7.5 mm in diameter and 1.25 mm thick,

were sprayed with carbon paint to minimize errors in emissivity. Data were

analyzed using the Cowan model and Dulong-Petit heat capacity, Cp = 3R/M ,

where R is the gas constant and M is the atomic molar mass. Seebeck coeffi-

cient and electrical resistivity were measured in three cycles between room tem-

perature and 873 K on the Ulvac-Riko ZEM-3, with He atmosphere underpres-

sure (−0.08 MPa). Measured specimens were rectangular bars, approximately

2 mm×2 mm×10 mm.

5.2.2 Computational details

The electronic structure and formation energies of compounds in the Ti–

Ni–Sn ternary were investigated using the Vienna ab-initio Simulation Pack-

age (VASP).[69, 70] Pseudopotentials utilized the projector-augmented wave

(PAW) method.[88] To explore the band alignment between TiNi2Sn and

semiconducting TiNiSn, a slab model was employed, with the Perdew-Burke-

Ernzerhof generalized gradient approximation functional (GGA-PBE) for the
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exchange-correlation energies and potentials.[72] Using supercells of approxi-

mately 6 Å×4 Å×70 Å,—equivalent to ca. 8 TiNiSn unit cells stacked along the

z-direction—with half of the cell being vacuum and the non-polar (110) plane as

the crystal surface, the difference between vacuum and the Fermi energy of the

crystal was determined. Band structures were calculated by first relaxing the cell

energy using the local density approximation with a Hubbard U correction pa-

rameter (LDA+U),[93] where U = 5 eV for Ti and Ni, and then optimizing this

structure by hybrid functionals, incorporating exact exchange from Hartree-Fock

theory, specifically the Heyd-Scuseria-Ernzerhof (HSE06) exchange-correlation

functional.[94]

To explore the enthalpies of formation, GGA-PBE with a Γ-centered k-mesh

of 8×8×8 was utilized for all compounds, with an energy cutoff of 550 eV. Both

Methfessel-Paxton and tetrahedron smearing methods were used, with full elec-

tronic and atomic structural optimization. All calculations were spin-polarized,

with each Ni atom prescribed to have an initial moment of 3µB.
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Figure 5.1: Powder synchrotron x-ray diffractograms of TiNi1+xSn samples. With

increasing Ni content, full-Heusler-phase peak intensities increase with respect to those

of the half-Heusler. Magnified view of the main peaks (filled circle: full-Heusler, empty

circle: half-Heusler) are shown to the right.
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5.3 Phase and microstructure

5.3.1 Structure and microscopy

Powder synchrotron x-ray diffraction patterns of the six TiNi1+xSn samples

analyzed for thermoelectric properties are shown in Fig. 5.1. As the ratio of Ni

to TiSn increases, so does the observed full-Heusler phase fraction; this is most

clearly discernible by the growth of the full-Heusler peak at Q = 2.92 Å−1. In all

but the TiNiSn compound, all observable peaks in XRD data collected by X’Pert

could be indexed to the full-Heusler and half-Heusler phases. While impurity

peaks did appear in synchrotron data of every sample, the refined phases frac-

tions combined to ≤1 mol-%. No trend is seen in refined lattice parameter, a, for

the full-Heusler phase; it averages 6.083 Å. The half-Heusler lattice parameter

increased steadily in accordance with Vegard’s law until TiNi1.10Sn, with subse-

quent Ni additions having little effect on the lattice parameter, a. (Fig. 5.2(a).)

This suggests that there may be a degree of Ni solutioning into the half-Heusler.

Our refined Ni occupancies at the (3
4
,3
4
,3
4
) site are similar to that of Downie et

al.[82]

In the stoichiometric TiNiSn material, x=0.00, three additional phases are

formed: TiNi2Sn, Ti6Sn5, and Sn, together constituting approximately 5 mol-%
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Figure 5.2: (a) Lattice parameter of TiNiSn and (b) full-Heusler phase fraction as

determined from scale factors of Rietveld refinement, as a function of x in TiNi1+xSn.

Dashed line in (a) is a guide to the eye. Dotted line in (b) represents a 1:1 nominal to

refined full-Heusler fraction. One-σ error bars are smaller than the width of points.
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Figure 5.3: Rietveld refinement of powder synchrotron x-ray diffraction pattern for

x=0.00 TiNiSn, magnified to show impurity peaks, including TiNi2Sn, Ti6Sn5, and Sn.

Though the intensities of these impurity peaks were much greater in the stoichiometric

half-Heusler material, small peaks associated with Ti–Sn binary and Sn phases were

discernible in all synchrotron patterns.
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of the bulk. A diffractogram highlighting the impurity peaks with the greatest

counts is presented in Fig. 5.3. These impurities persisted through multiple

attempts of melting and annealing of stoichiometric TiNiSn, and are believed to

be principally a consequence of segregation during solidification. This topic is

discussed in detail in the following section.

To investigate the distribution, size, and morphology of the TiNi2Sn phase

and its interfacial structure with TiNiSn, metallographic techniques were em-

ployed. It was found that the full-Heusler and half-Heusler phases could be

distinguished by optical microscopy by lowering the gamma correction in the

image capturing software. Such micrographs of four alloys are presented in

Fig. 5.4. The half-Heusler phase appears continuous and contains embedded is-

lands of the full-Heusler phase. The full-Heusler phase regions are on the order

of 10-20µm, similar to the average bulk grain size, and generally dendritic in

morphology. The shape of these particles is indicative of solidification in a liquid

medium, suggesting that they freeze before TiNiSn.[73] As the nickel content

increases, so too does the area-fraction of TiNi2Sn particles, the values of which

agree well with the Rietveld analysis. The segregates were largely isolated in the

samples 0 ≤ x ≤ 0.15, but become more continuous, large dendritic channels in

Ni1.20TiSn, in excess of 200µm.

Viewing the full-Heusler phase regions at higher magnification, Fig. 5.4(e),
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Figure 5.4: Optical microscope images of polished specimens (a) x=0.00, (b) x=0.05,

(c) x=0.15, and (d and e) x=0.20. Light regions are full-Heusler phase, charcoal are

half-Heusler. Black circles are pores. Ti–Sn minor phase is also observable in (a,x),

dark gray impressions. (f) Backscatter detection SEM, x=0.15. hH precipitates (dark)

within the TiNi2Sn, on the order of 100 nm.
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a smaller scale two phase mixture of TiNiSn particles embedded within the den-

dritic full-Heusler structure is observed, in which TiNiSn particles are embedded

within the TiNi2Sn segregates. Though only the largest can be resolved by opti-

cal microscopy, backscatter electron (BSE) detection SEM confirmed that TiNiSn

precipitates are present in most full-Heusler regions. (BSE is necessary, as the

full-Heusler phase is not easily discernible using secondary electrons.) Within

the full-Heusler region, a number of circular and needle-shaped TiNiSn inclu-

sions, 10s of nanometers in scale, are interposed between larger ∼1µm TiNiSn

precipitates. (Fig. 5.4(f).) Micron-scale TiNi2Sn islands are observed in the half-

Heusler bulk near a number of phase interfaces. In multiple specimens small

amounts of a Ti–Sn phase are observed as well, though they were not detected

by x-ray diffraction.

These precipitates within the full-Heusler phase are a result of the thermal

cycle imposed on the materials. As recently reported by Romaka et al.[49], the

TiNi2Sn phase region extends further towards TiNiSn at high temperatures, re-

ducing the size of the two-phase field.[49] Following the lever rule, decreased

solubility of Ni in the full-Heusler phase from the 1173 K heating causes TiNiSn

particles to precipitate during the annealing period, 192 h at 1123 K. Both scales

of phase segregation (∼20µm, ≤1µm) are expected to influence the measured

transport properties. Biswas et al. recently discussed how microstructuring over
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a wide spectrum of lengths could be beneficial to reaching optimal thermoelec-

tric properties.[26]

To gain understanding of the microstructure and to confirm the composition

of the regions observed in optical and SE microscopy, the TiNi1.15Sn material

was analyzed using EBSD. Due to the similarity of the full-Heusler and half-

Heusler crystal structures and their resultant diffraction patterns, EDS data were

collected to distinguish TiNiSn from TiNi2Sn, run concurrently with EBSD to

determine low angle and high angle misorientation interfaces.

Displayed in Fig. 5.5(a) is an EDS map for Sn distribution in the material,

as Sn gives the highest counts and therefore highest contrast between phases,

and Fig. 5.5(b) is the inverse pole figure map of the same data. There are large

regions of connected near-[111] orientation material, over 300µm in length. As

can be seen in Fig. 5.5(c), the overlay of 5.5(a) and 5.5(b), phase boundaries

often do not correspond to a change in orientation. The large [111] region in

the bottom third of the mapped area contains almost equal amounts of half- and

full-Heusler, for example. This crystallographic alignment strongly supports the

semi-coherency of TiNi2Sn with TiNiSn due to similarity of crystal structure. As

the full-Heusler phase freezes first, it is believed that the half-Heusler matrix

adopts the orientation of nearby TiNi2Sn particles during solidification, leading

to large regions of similar orientation.
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Figure 5.5: (a) EDS map of Sn distribution, dark areas being depleted in Sn and (b) in-

verse pole figure map, referenced in the normal direction, of the same 100µm×200µm

region of the x=0.15 specimen. The two maps are overlayed in (c). The Sn poor

regions are TiNi2Sn, while the Sn rich is TiNiSn. Both full- and half-Heusler parti-

cles are observed within regions of the same crystallographic orientation, suggesting

interfacial coherence. (Color online.)

95



Figure 5.6: TEM micrograph of full-Heusler particle, 1µm in half-Heusler matrix,

taken in bright field condition. Misfit dislocations can be observed along interfaces.

Included is the selected area diffraction pattern of particle and matrix.
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To characterize these TiNiSn/TiNi2Sn interfaces, TEM analysis was per-

formed on lamellae removed from the TiNi1.15Sn material, prepared by focused

ion beam (FIB) milling. It was verified with EDS that the particles within full-

Heusler phase are half-Heusler TiNiSn and that the particles are semi-coherent;

electron diffraction patterns across interfaces showed that phases are of the

same crystallographic orientation. A representative micrograph is presented in

Fig. 5.6, showing a 1µm TiNi2Sn particle within the TiNiSn matrix. Character-

istic lattice misfit dislocations are present along the phase boundary.

5.3.2 Differential thermal analysis and melting behavior

Differential thermal analysis was performed on the end-member compounds,

with the goal of gaining information to develop heat treatments. Though it has

been previously reported that TiNiSn melts incongruently,[67] the authors are

unaware of any data for TiNi2Sn. The heating curves are shown in Fig. 5.7; all

events were mirrored during cooling. In each of four distinct measurements, a

specimen was heated to and cooled from a temperature indicated by circles in

Fig. 5.7. The samples were then analyzed by powder XRD (not shown).

The TiNiSn compound melts incongruently. The first melting event, as re-

ported by Jung et al.,[67] happens at 1455 K, in which TiNiSn separates into
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Figure 5.7: Differential thermal analysis curves of TiNiSn (red) and TiNi2Sn (blue)

during heating. TiNiSn showed three endothermic events, first melting at 1455 K.

TiNi2Sn has a single melting event, at 1720 K. Each compound was analyzed in two

separate measurements, to temperatures marked by circles. Powder x-ray diffraction

was recorded on experimental products.
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Ti6Sn5, liquid Sn, and TiNiSn, as determined by XRD after cooling. At 1615 K,

a final peak occurs. This peak should be indicative of the Ti33.3Ni33.3Sn33.3 liq-

uidus temperature, but it is also possible that this peak is caused by a Ti–Sn

minor impurity phase; a TiNiSn liquidus temperature of 1615 K does not agree

with the value reported by Gürth et al.,[80] cf. Fig. 3.7. For TiNi2Sn, the only

endothermic (exothermic) event observed during heating (cooling) occurred at

1720 K when the compound melted. As seen in the Ti:Sn=1:1 isopleth discussed

in Section 3.4, Tm of TiNi2Sn is greater than that of TiNiSn, and the full-Heusler

phase freezes before half-Heusler during solidification. The small peak at 1470 K

is thought to be the result of a minor third phase, though none was discernible

in the XRD pattern of the annealed source material.

Using these measurements, along with data from published binary phase

diagrams,[95–97] a contour map of the liquidus temperatures, for the Ti–Ni–Sn

ternary was constructed. The map shown in Fig. 5.8 is adapted from Gürth et

al.[80] The shape of the liquidus surface at Ti33.3Ni33.3Sn33.3, which is discussed

in Chapter 3, cf. Fig. 3.6, explains why phase-pure TiNiSn is so difficult to make

from the melt, a questions that has been noted repeatedly in the literature.[90]

Even at the stoichiometric TiNiSn composition, the fH solidifies first, with hH

solidifying only after a peritectic reaction at 1455 K. The Ti–Sn compounds in

particular have a liquidus temperature of between 400 K and 500 K greater. The
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Figure 5.8: Contour map of the liquidus temperatures of Ti–Ni–Sn ternary. Local

temperature maxima exist in Ti-rich Ti–Sn binaries, Ni, and TiNi2Sn. Adapted from

the liquidus map reported by Gürth et al.[80]
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contour map shown here is helpful to visualize reaction temperatures in the

ternary.

TiNiSn sits beneath the liquidus “dome” of TiNi2Sn, and is near somewhat of

a temperature trough. Even when prepared at the stoichiometric composition,

1:1:1, the melt will not begin to form TiNiSn until after reaching the boundary

between the liquidi of TiNi2Sn and Ti5Ni1−xSn3, meaning there will always be

vestigial dendrites of th fH (if not Ti5Ni1−xSn3 as well) upon casting.

In TiNi1+xSn compounds, as x increases the composition moves away from

the peritectic reaction at Ti35Ni30Sn35 and up the crystallization space associated

with TiNi2Sn. In solidifying from these compositions, a lower fraction of the melt

will make it all the way down the surface in a liquid state to reach the peritectic

and form Ti5Ni1−xSn3; this may explain the absence of significant Ti5Ni1−xSn3

phase fraction in TiNi1+xSn samples with x >0.00 than stoichiometric TiNiSn.

If single-phase, pure TiNiSn is to be prepared from the melt, lengthy annealing

times must be applied.[48, 80]
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Table 5.1: Enthalpies of formation at 0 K of various Ti–Ni–Sn compounds. Also

included is the ∆G “offset,” energy above the convex hull formed by the Gibbs free

energy of compounds in the ternary. Values of 0 eV atom−1 are left blank.

Compound Space Group ∆Hf ∆G

(eV atom−1) (eV atom−1)

Ti P63/mmc

Ni Fm3m

Sn I41/amd

Ti6Sn5 P63/mmc −0.381

Ti5Sn3 P63/mmc −0.348 +0.005

Ti2Sn P63/mmc −0.338

Ti3Sn P63/mmc −0.301

Ti2Ni Fd3m −0.288

TiNi Pm3m −0.411

TiNi3 P63/mmc −0.478

Ni3Sn P63/mmc −0.247

Ni3Sn2 Pnma −0.323

Ni3Sn4 C2/m −0.279
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Compound Space Group ∆Hf ∆G

(eV atom−1) (eV atom−1)

TiNiSn F43m −0.715

TiNi2Sn Fm3m −0.622

Ti2Ni2Sn P42/mnm −0.485 +0.109

Ti5NiSn3 P63/mcm −0.388 +0.076

5.3.3 Formation enthalpies and 0 K energies of Ti–Ni–Sn

ternary

To assess the stability of the compounds within the ternary, the enthalpies

of formation, ∆Hf , and Gibbs free energies, ∆G, were calculated. Enthalpy of

formation was defined by

∆Hf (TixNiySnz) = Emin
TixNiySnz

− xEmin
Ti + yEmin

Ni + zEmin
Sn

x+ y + z
(5.1)

where Emin
i is the minimum total energy per atom of the compound as cal-

culated by DFT. The trends in ∆Hf along the binaries compared favorably to

studies in the literature of the Ni–Ti,[98] Ti–Sn,[99] and Sn–Ni systems.[100]

The results are presented in Table 5.1. From this data, Gibbs free energies were
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calculated, using

GT iẋNiẏSnż
c (T ) = ẋ0GHCP

Ti + ẏ0GFCC
Ni + ż0GSn

Sn

+AT iẋNiẏSnż +BT iẋNiẏSnżT (5.2)

Here ẋ, ẏ, ż are the normalized chemical formula values, 0Gi
j is the molar Gibbs

free energy of the elemental compound, i, in its ground state structure, j, as

taken from the Scientific Group Thermodata Europe (SGTE) database.[101] A

and B are the compound enthalpy and entropy of formation, respectively. At

0 K, the B parameter can be ignored. By forming a convex hull to these free en-

ergy values, a “ground state” (0 K) isothermal section of the phase diagram was

established. Of the intermetallic compounds reported in literature, Ti2Ni2Sn,

Ti5NiSn3, and Ti5Sn3 are found to lie above the ground state planes of the Ti–Ni–

Sn system, and are therefore not stable at low temperatures. This corresponds

with reported experimental diagrams,[49, 86] implying that these compounds

are stabilized by entropic contributions. Their presence in Ti–Ni–Sn thermo-

electrics may be influenced by material preparation and device operation.
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Table 5.2: Full-Heusler phase fraction as determined by Rietveld refinement as well as

thermoelectric properties at room temperature and peak ZT s.

x H mol-% ρ, 300 K σ, 300 K S, 300 K κ, 300 K ZT , 800 K

TiNi1+xSn (Rietveld) (g cm−3) (S cm−1) (µV K−1) (W m−1 K−1)

0.00 2 7.19 88 −277 7.7 0.34

0.05 3 7.04 85 −256 7.1 0.38

0.10 8 6.96 173 −218 6.8 0.40

0.15 14 6.79 129 −223 5.5 0.43

0.20 21 7.26 404 −101 6.9 0.23

0.25 31 7.30 450 −125 6.4 0.31
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Figure 5.9: Electrical transport data of TiNi1+xSn samples. (a) Electrical conductivity

increases monotonically with increasing Ni content, while the magnitude of the (b)

Seebeck coefficient decreases. These offset one another for generally consistent (c)

power factor values, S2σ, save for TiNi1.20Sn. Fitted lines are shown as guides to the

eye. Data for x=0.00 & 0.15 reproduced with permission from Appl. Phys. Lett.

101, 024365 (2012). Copyright 2012 American Institute of Physics.
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5.4 Physical properties

5.4.1 Electrical transport properties

The temperature dependence of the electrical conductivity, σ, Seebeck co-

efficient, S, and power factor, S2σ are displayed in Fig. 5.9. Although each

sample was measured over three heating cycles, only the first is displayed for

clarity. In materials prepared by the hot-pressing of microwaved powders, we

witnessed large changes in properties upon heating,[74] but the measured val-

ues for the present materials remained consistent through every cycle. Only

the x=0.00 sample showed significant change, displaying an 18% drop in its

Seebeck value at 300 K. However no further degradation of properties was ob-

served after the first heating. The data of successive cycles is in line with the

first cooling values. Previous measurements suggested this drop to be caused by

evolution of minor phases during heating, which is consistent with the fact that

it is most pronounced in the impure TiNiSn compound.[74] The data for TiNiSn

is comparable to those reported in literature, for which the peak power factor is

typically between 2 and 3 mW m−1 K−2.[48, 90]

The measured electrical conductivity, in Fig. 5.9(a), was highly sensitive to

the change in x. All samples are semiconducting in character, with σ increasing
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with temperature, even at the highest full-Heusler phase fraction. Higher Ni

content corresponds unambiguously to larger σ.

The magnitude of the Seebeck coefficient decreases with increasing x, as is

expected given the trend in electrical conductivity, which is known to correlate

negatively with |S|.[22] The value of |S(T )| reaches a maximum then begins to

decrease as intrinsic carriers are excited, though there is some variance among

the materials as to the temperature at which this occurs. The maximum occurs

at a significantly higher temperature for TiNi1.20Sn and TiNi1.25Sn than for the

other four measured samples. The value of |S| is strongly related to the nature

of the band gap of a material,[102] so the change in temperature dependence

may correspond to a change in the band filling due to varying occupancy of Ni

in the empty tetrahedral site of the half-Heusler structure.

As can be seen in Fig. 5.9(c), the changes in S and σ almost perfectly offset

each other, with four of the six power factor curves overlapping at high temper-

atures, approaching a peak value of 3 mW m−1 K−2. The only significant outlier

is the x=0.20 compound. Between this sample and x=0.25, the typical S-σ

relation is inverted, evident in the power factor, likely due to differences in mi-

crostructure; though large connectivity of metallic TiNi2Sn was observed in both

materials, it is more pronounced in TiNi1.20Sn.
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5.4.2 Thermal transport properties

The thermal diffusivity of the materials was measured from room tempera-

ture to 875 K by the thermal flash method, using the Cowan model.[103] From

this, the thermal conductivity was calculated using the relation κ = α× Cp × ρ,

where κ, α, Cp, and ρ are thermal conductivity, thermal diffusivity, specific heat

capacity, and density, respectively. The Dulong-Petit law was used for Cp, and

densities were based on the geometry and mass of thermal diffusivity specimens.

While the Dulong-Petit Cp is known to slightly underestimate the true heat ca-

pacity at elevated temperatures,[21] we believe this is counterbalanced by the

fact that we are using the room temperature ρ for all our calculations, which is

an overestimation of the density at these same temperatures.

The calculated thermal conductivity data are presented in Fig. 5.10. The

x=0.00 material has the greatest thermal conductivity at room temperature, but

also the largest slope with respect to temperature. Its κ values agree well with

those published in literature, as being between 6 and 7 W m−1 K−1.[40, 48, 90]

In the high-temperature region, the thermal conductivity of TiNiSn is approxi-

mately equal to those of the x=0.05 and 0.10 alloys. While TiNi1.10Sn is slightly

less thermally conductive than TiNi1.05Sn, the most pronounced decrease is in

the x=0.15 material. TiNi1.15Sn was less thermally conductive than TiNiSn by
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Figure 5.10: Measured thermal conductivity of (a) TiNi1+xSn specimens and (b)

stoichiometric TiNi2Sn compound. As the fraction of full-Heusler content increases,

the thermal conductivity decreases, reaching a minimum for Ni1.15. For the two highest

Ni samples, thermal conductivity is significantly higher and shows different behavior

with temperature than the others. The calculated values of (c) κel and (d) κlat are

presented as well. Data for x=0.00 & 0.15 reproduced with permission from Appl.

Phys. Lett. 101, 024365 (2012). Copyright 2012 American Institute of Physics.
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30% at low temperatures, and remains the least conductive material through

the whole measurement range. Note that this sample also had the lowest rel-

ative density (93%, Table 5.2), which may contribute to its comparatively low

κ. All biphasic materials exhibit a lower κ than the stoichiometric half-Heusler

at low temperatures, despite the metallic nature of the TiNi2Sn phase. Previ-

ous studies have shown a similar decrease, to as low as 4 W m−1 K−1 in ball-

milled samples.[74] The measured thermal conductivity of TiNi2Sn, plotted in

Fig. 5.10(b), is three to four times greater than the TiNiSn material for the en-

tire temperature range. At higher temperatures, the reduction in κ is not as

substantial: the lower four curves approach the same value, while the thermal

conductivities of TiNi1.20Sn and TiNi1.25Sn exceed that of TiNiSn by as much as

20-30%.

The total thermal conductivity in semiconductor materials is the sum of elec-

tronic, lattice and bipolar contributions. TiNiSn shows a bipolar component, as

evidenced by an upturn in κ above a certain temperature while having a negative

temperature dependence at lower T . The electronic contribution to the ther-

mal conductivity was calculated using the Wiedemann-Franz law, κel = σLT ,

where σ is the electrical conductivity, L is the Lorenz number, and T is the tem-

perature. Lorenz numbers (not shown here) were determined from the single

parabolic band (SPB) model[104, 105] with measured Seebeck data. The calcu-
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lated L values of the studied materials are all less than that of the free electron

model 2.44 W Ω K−2, falling between approximately 1.54 W Ω K−2 (x=0.00) and

1.86 W Ω K−2 (x=0.20). The electronic thermal conductivity increases with in-

creasing temperature as well as full-Heusler phase fraction, coinciding with the

increase in electrical conductivity. At high temperatures, κel increases such that

it contributes more substantially to κ.

The primary contributor to the total thermal conductivity is the lattice ther-

mal conductivity. Shown in Fig. 5.10(d), the behavior gives insight into the

phonon scattering behavior of the different samples. At high temperatures,

TiNi1.20Sn exhibits the largest value of κlat, likely due to the high degree of full-

Heusler connectivity. The microstructure of TiNi1.25Sn, while more full-Heusler-

rich, is not seen to have such high connectivity, though a full 3-D analysis of

structure is required to examine this in detail. The greater interfacial scattering

may explain why the κlat of the material exhibits a similar slope to the x=0.20

but remains lower.

5.4.3 Thermoelectric figure of merit

The thermoelectric figure of merit, ZT , is shown in Fig. 5.11, as compiled

from S, σ, and κ data. The measured peak ZT for stoichiometric TiNiSn is 0.35,
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Figure 5.11: (a)Thermoelectric figure of merit ZT and (b) normalized values of ZT

and its constituents—the power factor S2σ and thermal conductivity κ—at 800 K for

each of the measured materials. S2σ is green, and κ is colored red. Peak ZT increases

steadily with Ni content, x, before dropping for Ni1.20TiSn and Ni1.25TiSn; this can be

attributed both to changes in electrical as well as thermal transport behavior. Data

for x=0.00 & 0.15 reproduced with permission from Appl. Phys. Lett. 101, 024365

(2012). Copyright 2012 American Institute of Physics.
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which is comparable to values reported in literature for undoped TiNiSn. As x

is raised from 0.00 to 0.15, the peak ZT increases steadily, reaching a maximum

of 0.44, measured on TiNi1.15Sn. This 25% improvement is attributable to both

the greater power factor and lower thermal conductivity.

In TiNi1.20Sn, the figure of merit drops precipitously, reaching a maximum

ZT of 0.25. The ZT of the x=0.25 material is higher, given its better power

factor and lower κ than x=0.20, but still fails to reach the values of the stoichio-

metric half-Heusler. Both alloys suffer from high thermal conductivities, and

thus do not benefit from the biphasic constitution as the compounds of lower Ni

content do.

5.4.4 Electronic structure calculations

To further explore the interplay between TiNiSn and TiNi2Sn, first principles

calculations were conducted for the two compounds. The central goals were to

study the formation energies of the end-member compounds and to understand

the nature of band energies at the interfaces in biphasic TiNi1+xSn. While we

have previously reported the results of similar DFT study on band alignment in

this system,[62] the calculations utilized GGA-PBE, whereas the present study

was done using hybrid functionals. The authors are unaware of any published
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Figure 5.12: Band structure of TiNiSn as calculated by DFT using the HSE06 hybrid

functional. The compound is a semiconductor, with an indirect (Γ–X) band gap of

0.61 eV.

hybrid functional densities of states or band structure calculations or TiNiSn,

which are also presented here.

Ionic and electronic relaxation of TiNiSn and TiNi2Sn primitive cells, con-

taining three and four atoms, respectively, were run using LDA+U , followed by

an HSE06 calculation on this relaxed cell. The aim of these calculations was to
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determine a more accurate band structure than the PBE value, which is known

to underestimate the band gap in semiconductors.[75, 76] The U parameter—

0 eV for Sn and 5 eV for Ti & Ni—was to account for the possible correlation of

d electrons, as is known for full-Heusler compounds,[106] and to improve the

convergence of HSE06 calculations.

The HSE06 half-Heusler TiNiSn band structure, which correctly predicts an

indirect gap semiconductor, is shown in Fig. 5.12, overlaid on the PBE band

structure. While the hybrid functional band structure is qualitatively similar to

previously reported calculations,[107, 108] the Γ–X indirect band gap is found

to be greater, 0.61 eV as opposed to 0.45 eV. It should be noted that the exis-

tence of Ni interstitials in the half-Heusler lattice—the presence of which are

suggested by the increasing lattice parameters of the reported materials, as re-

fined by XRD (Fig. 5.2(a))—cause “in-gap states,” as observed in x-ray photoe-

mission spectroscopy (XPS) studies of TiNiSn.[51, 109] These states lead to an

experimental band gap of 0.12 eV,[110] much smaller than that calculated for

the stoichiometric half-Heusler. However, such interstitials are energetically un-

favorable at equilibrium.[85]

The densities of states (DOS) calculated for the stoichiometric compounds

using hybrid functionals are displayed in Fig. 5.13. Like the band structure,

the DOS are similar to PBE calculations,[85, 111] however, in both compounds,
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Figure 5.13: Densities of states DFT calculations for (a) TiNiSn and (b) TiNi2Sn

using HSE06 hybrid functional, referenced to the VBM and Fermi level, respectively.

While qualitatively similar to PBE calculations, a pseudogap appears around the Fermi

level of TiNi2Sn.
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states below the Fermi energy, EF , are shifted to slightly lower energies.

To examine the electronic interactions at the interface between the two

phases, the band alignment was determined between TiNiSn and TiNi2Sn. The

local energy was calculated of periodic slabs in vacuum (overlayed on Fig. 5.14),

relaxed using GGA-PBE. By comparing the Fermi energies to these vacuum

potentials, the band energies can be compared directly between TiNiSn and

TiNi2Sn. The results are shown in Fig. 5.14. In the (110), close-packed orienta-

tion, the Fermi level of TiNi2Sn is in the center of the gap between the valence

band maximum (VBM) and conduction band minimum (CBM) of TiNiSn.

Based on this band positioning, a depletion of charge carriers from the bulk

should be expected upon full-Heusler addition into TiNiSn. Electrons excited

from the VBM (TiNiSn is an n-type thermoelectric) would be drawn into the

unoccupied states of TiNi2Sn, lower in energy than the CBM. This result suggests

that at 0 K, carriers are pulled from the semiconductor to the metal, as opposed

to TiNi2Sn acting as a source of carriers. Extrapolation of the measured electrical

conductivity curves from Fig. 5.9(a) would support this idea, however no low-

temperature measurements were made in this study. The difference in energy

levels is small, suggesting TiNi2Sn to be a favorable compound for alloying of

TiNiSn thermoelectrics.
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Figure 5.14: Schematic representation of the positions of the VBM and CBM of TiNiSn

and the EF of TiNi2Sn with respect to vacuum, calculated with a (110) orientation.

The Fermi level is in the center of the TiNiSn band gap, predicting a drawing of carriers

at low temperatures. However, the VBM/EF offset is small, 0.25 eV, suggesting ease

of excitation at high temperatures. Supercells used for the calculation are included in

the figure.

119



5.5 Conclusions

We have studied the evolution of microstructure in a biphasic TiNi1+xSn,

an alloying system suggested for increased efficiency of TiNiSn-based thermo-

electrics.

The solidification path of these compositions was studied by DTA as well as

analysis of the as-solidified distribution and morphology of full- and half-Heusler

phases. Across the range of studied compositions, the initial phase to crystallize

is the higher melting point full-Heusler phase. Thus direct preparation of the

TiNiSn phase from the melt is not possible, and subsequent thermal cycles in

the solid state are required to equilibrate and control the distribution of the

metallic TiNi2Sn phase. The materials investigated in this study were therefore

prepared by solidification followed by a thermal annealing cycle, without any

densification process. The intermixing of the full- and half-Heusler phases at

both the 10−5 m and 10−7 m length scales results in an increase in the measured

ZT , due to a combination of increased power factor and decreased thermal

conductivities even with the increased volume fraction of the metallic phase.

The presence of half-Heusler precipitates within the full-Heusler regions likely

contributes further to the suppression of κ.

DFT calculations, show both that the EF of TiNi2Sn sits between the TiNiSn
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VBM and CBM, while the Eg found by HSE06 is larger than given by PBE cal-

culations. Also, the high stability of these compounds suggests that they are

a good combination for biphasic Ti–Ni–Sn thermoelectric materials. However,

with large Ni excess, the behavior of physical properties changes with respect

to temperature, suggesting the existence of an optimal phase fraction and mi-

crostructure. The modest increase in ZT is encouraging as it was achieved

without the introduction of heavier atoms on the Ti site (Hf, for instance, which

is a relatively scarce element) or dopant atoms such as Sb. This suggests that

there is considerable room for further improvement in thermoelectrics through

control of the composition, size and distribution of both phases.
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Chapter 6

Three-dimensional multimodal

imaging and analysis of biphasic

microstructure in a Ti–Ni–Sn

thermoelectric material

The three-dimensional microstructure of levitation melted TiNi1.20Sn has

been characterized using the TriBeam system, a scanning electron microscope

1The contents of this chapter have substantially appeared in Reference 112: J. E. Douglas, M.
P. Echlin, W. C. Lenthe, R. Seshadri, and T. M. Pollock, Three-dimensional multimodal imaging
and analysis of biphasic microstructure in a Ti–Ni–Sn thermoelectric material, APL Mater. 3
096107 (2015) c©2015 AIP Publishing LLC.
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equipped with a femtosecond laser for rapid serial sectioning, to map the

character of interfaces. By incorporating both chemical data (energy dis-

persive x-ray spectroscopy) and crystallographic data (electron backscatter

diffraction), the grain structure and phase morphology were analyzed in a

155µm×178µm×210µm volume. Through this analysis we found that phase

boundaries and grain boundaries are decoupled and must both be considered to

understand the microstructure. The predominant phases present in the material,

half-Heusler TiNiSn and full-Heusler TiNi2Sn, have a percolated structure. The

distribution of coherent interfaces and high-angle interfaces has been measured

quantitatively.

6.1 Introduction

Given the importance of phase separation in the most advanced half-Heusler

based thermoelectrics, it is critical to understand the microstructure in order to

relate composition to properties, as recognized in previous studies. [32, 50–

52, 57] A challenging aspect of examining and quantifying microstructure in

bulk materials is that while phases and grains are generally 3-D in nature,

most microscopy techniques only allow for 2-D characterization, a planar mi-

crograph of an exposed surface. This is further complicated by the fact that
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multiple types of data are often required to address a single microstructural

question. Previous studies have explored two-phase alloys, such as the γ/γ′ mi-

crostructure of Ni-base superalloys, by sequential imaging and focused-ion beam

milling,[113] but the collection time is prohibitive for large volumes. And while

some microstructural properties can be calculated from stereological analysis in

2-D, others such as permeability[114] and percolation are difficult or impos-

sible to determine without 3-D tomography. X-ray tomography is commonly

employed to acquire 3-D data, to study questions such as precipitate curvature

upon solidification,[115] with the advantage of being able to collect large vol-

umes quickly and non-destructively. However the similar lattice parameters and

poor absorption contrast between the phases precludes this approach for full-

Heusler/half-Heusler mixtures.

When the excess Ni concentration x in TiNi1+xSn exceeds 0.15 in induction-

melted materials, we have previously measured an abrupt jump in the ther-

mal conductivity, attributed to percolation of the metallic TiNi2Sn at the com-

position TiNi1.20Sn (Chapter 5).[50] In this letter, we detail a 3-D microstruc-

tural study of melt-prepared TiNi1.20Sn by use of the TriBeam tomography

system,[92] a scanning electron microscope (SEM) equipped with a femtosec-

ond laser (150 fs pulse) for serial sectioning. Femtosecond lasers have been

demonstrated to achieve in situ material removal rates that are 5 to 6 orders
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Figure 6.1: Schematic process for data segmentation and reconstruction—decomposed

to example 2-D maps for ease of view, though in practice all raw data is stored and

retained at each voxel, and segmentation and analysis are performed in 3-D. (a) At

each slice, chemical and crystallographic data are collected simultaneously and used

respectively to segment phases and define unique grains. (b) These data reconstructed

into a 3-D volume.
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of magnitude faster than conventional Ga+ source focused ion beams (FIBs)

while maintaining low-damage ablation surfaces[92] that can be directly probed

with SEM microanalytical techniques such as energy dispersive x-ray spec-

troscopy (EDS) and electron backscatter diffraction (EBSD), for chemical and

structural information respectively. We have collected a tomographic dataset,

155µm×178µm×210µm in size, and used these data to study grain structure

and phase morphology. In particular we examine connectivity of the TiNi2Sn

phase and the presence of high angle versus coherent interfaces between the

phases, and relate these to the thermal transport properties of the bulk sample.

6.2 Experimental

The material used for this study was prepared by levitation induction melting

the respective constituent elements (Ti, Ni, and Sn in a ratio of 1:1.2:1) followed

by a homogenizing heat treatment, described in detail in Chapter 5.[50] A rect-

angular specimen just over 200µm thick and 1 cm2 in area was prepared for the

TriBeam from this heat-treated material using a low speed cut-off saw with a

diamond wafering blade. Along one edge, square pillars approximately 200µm

wide were cut to limit redeposition of ablating material onto the specimen. The

dataset was collected from one of these pillars.
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Femtosecond laser pulses with 780 nm wavelength and 1 kHz repetition rate

were used to ablate material from the sample surface. The laser beam was

scanned horizontally and parallel to the sample surface, ablating material with

the low-fluence radial edge of Gaussian profile pulses.[92] Therefore, high res-

olution encoded piezoelectric stages control the slice thickness by incrementally

raising the sample surface into the beam. As such, slices as thin as 100 nm

may be removed. However 2µm slices were made for the TiNi1.20Sn samples

due to the size of the dendritic microstructural features and the interaction vol-

ume of 20 keV EDS imaging (1µm deep). In total, 89 slices were collected

with EBSD and EDS maps at 0.7µm step size, giving an overall voxel size

of 0.7µm×0.7µm×2.0µm. The total dataset collection required roughly 48

hours for fully automated acquisition of all signals.

The procedure for reconstructing the dataset into a 3-D volume is outlined

in Fig. 6.1. All collected data is stored in an archival HDF5, binary, or Matlab

file, with the ability to query any modality of information for any voxel. Phases

were defined per slice using the expectation-maximization/maximization of the

posterior marginals (EM/MPM) algorithm,[116] as implemented in BlueQuartz

software EM/MPM Workbench, to threshold maps of the Ni EDS signal into

three classes: hH TiNiSn, fH TiNi2Sn, and a Ti–Sn binary phase, Ti5Ni1−ySn3,

the three phases observed in the material by x-ray diffraction (XRD) and by EDS
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(considering Ti and Sn signal in addition to Ni).

EBSD data collected simultaneously was indexed to either fH or Ti5Ni1−ySn3

to gain orientation data; while EBSD can give higher resolution phase identi-

fication than EDS, which has an interaction volume of between 1 and 2µm,

the diffraction patterns given by hH and fH are too similar be distinguishable

by EBSD analysis software. The data of these two modalities, segmented EDS

and EBSD orientation data, were then combined using the Dream3D software

package,[117] in which volume reconstruction, stack alignment, data cleanup,

property measurement, and data analysis were performed.

6.3 Results and discussion

The complete reconstructed volume is shown in Fig. 6.2(a), colored by

phase. Twenty percent of the voxels in the dataset are indexed as fH, a volume

fraction that agrees well with that expected from the nominal composition as

well as the mole fraction determined from synchrotron x-ray diffraction (XRD)

analysis, 17%.[50] The coarse step size is not optimal for resolving the Ti–Sn

binary phase, given the large aspect ratio and thinness of these features. How-

ever, the general morphology of each phase as indexed from the Ni EDS signal

corresponds well with what we observe in backscatter electron and optical mi-
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Figure 6.2: Visualization of the TiNi1.20Sn dataset, 155µm× 178µm× 210µm in size.

(a) Surfaces of the volume colored by phase, where blue is TiNiSn, green is TiNi2Sn,

and yellow is a Ti–Sn binary. (b) Reconstructions of the three largest full-Heusler

(TiNi2Sn) phase regions of continuous connectivity, as shown with unique coloring.
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croscopy.

From this dataset we isolate the largest contiguous fH features, the three

largest of which are presented in Fig. 6.2(b). The two largest features encom-

pass 90% of fH volume fraction in the dataset, 55% and 35% individually. It

is possible that the two features are connected through pathways that extend

outside the collected dataset volume, especially since their boundaries within

the dataset are separated by only 5µm at points. The large spatial extent of fH

connectivity—hundreds of microns in 3-D—suggests that the metallic fH phase

has reached a percolation threshold in this sample, which could explain its no-

tably higher thermal conductivity as compared to samples with less Ni.[50]

The multiple imaging modalities (EDS and EBSD), collected at every voxel,

were leveraged to identify not only phase information but also the spatial loca-

tion of grains and grain boundaries within the TiNi2Sn phase. Specifically we

can address whether or not these fH features are a single grain, which would

result in high thermal conductivity due to the lack of boundaries where phonon

scattering might occur. As seen in Fig. 6.3, however, this is not the case. While

the second largest fH feature (lower volume) is mostly of a single orientation

within 10◦ of the average, the larger feature has a wide variability in internal

misorientation up to 62.8◦. This feature is comprised mainly of six different

orientation clusters with several smaller grains dispersed throughout. This indi-
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Figure 6.3: The largest and second largest contiguous fH features, as partitioned

from the volume by thresholding Ni EDS data. Each voxel is colored by its degree of

misorientation from the average orientation of the feature. These and all subsequent

images are shown from the same viewpoint.
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cates that a region being monophasic does not necessarily correspond to it being

a single orientation (i.e. a single grain) or, conversely, that grain boundaries do

not necessarily indicate a phase boundary.

As an alternative to partitioning the dataset by phase, it is also insightful to

analyze the volume based on only crystallographic orientation. Phase bound-

aries are often defined prima facie as grain boundaries when analyzing EBSD

data, but this is not appropriate for the hH/fH system. The two phases have

very similar crystal structures, both cubic with a 3% lattice mismatch, and are

known to form (semi)coherent interfaces.[50, 52] As such, grains were analyzed

with boundary locations defined only as interfaces with high crystallographic

misorientation—here we use a voxel-to-voxel misorientation threshold of 5◦ and

a minimum size cutoff of 25 voxels. By this measure there are 2182 grains in the

volume, as compared to the (chemistry-identified) 133 unique fH features >25

voxels in size and an almost completely connected hH phase. (99.992% of the

latter phase belongs to a single feature, one of only 6 hH features >25 voxels.)

The resulting 11 grains with size greater than 100,000µm3 are reconstructed

in Fig. 6.4, constituting 92% of the cubic material volume (hH or fH) in the

dataset. The largest grain is approximately 30% of the volume. Despite the large

size of this grain, which has an equivalent diameter of 70µm within the collected

volume, the crystallographic orientation is extremely homogeneous throughout.
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Figure 6.4: The eleven largest grains of cubic material (hH and fH) within the volume,

in which boundaries are defined only by a 5◦ voxel-to-voxel misorientation threshold

on the EBSD data (i.e., no phase information). Colored only to distinguish for the eye

and presented in three frames to ease visualization of all grains. The blue grain in the

bottom frame is the single largest, making up ∼ 30% of the volume.
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As displayed in Fig. 6.5(a), almost every part of the grain is oriented within 10◦

of the grain average. The few pockets of high internal misorientation (>15◦,

21.1◦ at maximum) are less than 10µm in diameter.

The voxels of the largest grain that are indexed as TiNi2Sn are presented in

Fig. 6.5(b). Approximately 30% of the grain volume is fH, the bulk of which is

a part of the fH feature from Fig. 6.3(b). The fH phase in the interior of this

grain indicates that a single orientation in these materials does not necessar-

ily denote a single phase, and that phase boundaries can occur within a single

grain. This is particularly striking because it demonstrates a high areal density

of coherent hH/fH phase boundaries present throughout the material. The co-

herent interface persists for lengths greater than a hundred microns and acts to

increase the boundary density within the material; the ratio of boundary-area to

volume for this grain is 60% greater when both phase and grain boundaries are

included, rather than just the latter. Given that grain and phase sizes within the

volume are larger than typical phonon mean free path lengths when considered

separately, these coherent interfaces will be important for scattering and ther-

mal conductivity reduction. The coherency of fH with the hH is of additional

significance as coherent boundaries, which account for just over half of the to-

tal hH/fH interface area in the volume, are believed to damp phonon transport

more strongly, due to the elastic strain fields and dislocations introduced into
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the material.[29]

In the grain of Fig. 6.5, the shape and location of the fH are also notewor-

thy in that the fH appears to form the core of the grain. Due to the higher

melting temperature of TiNi2Sn as compared to TiNiSn, we have posited that

the fH solidifies first in TiNi1+xSn materials prepared by the induction melting

process, as evidenced by the dendritic morphology of the features.[50] This is

supported by the observations here: fH particles solidify first in the melt, onto

which heterogeneous hH nucleation occurs, eventually growing to the observed

grain structure. This system and process could be greatly benefited by phase-

field modeling of the solidification process, though no study of this sort has been

undertaken in the TiNi1+xSn system. The areal density of grain boundaries is

47% greater within the hH (0.33µm−1) than the fH (0.23µm−1), likely because

nucleation of isolated fH dendrites initially occurs and subsequently the crystals

impinge—and grain boundaries form—more frequently in the interdendritic hH

regions. With the similarity of the two crystal structures, this sequence would

also predict the observed large areas of coherent interfaces.

The misorientation distribution function (MDF), Fig. 6.6, shows that the

grain boundary character is effectively independent of the structure. (It should

be emphasized, however, that the analysis does not take into account the inter-

face of the nanoscale precipitates, which although present cannot be resolved at
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Figure 6.5: (a) The single largest grain in the volume. (b) The same grain, but

displaying only the voxels indexed as fH, which constitutes ∼ 30% of the grain. Each

voxel is colored by its degree of misorientation from the average orientation of the

grain.
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Figure 6.6: (a) Misorientation distribution function for grain boundaries (GB) at each

of three interfaces in the volume: TiNiSn/TiNiSn (hH/hH), TiNiSn/TiNi2Sn (hH/fH),

and TiNi2Sn/TiNi2Sn (fH/fH). The three are nearly identical. Dashed line is the

Mackenzie distribution for randomly oriented grains in a cubic material.[118] (b) Rel-

ative fraction of the total GB area comprised of each interface, as well as coherent

hH/fH interface (hH/fH:c).
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the measurement step sizes.) Here boundary is defined as voxel faces that are

bounded by voxels belonging to two different grains segmented in the volume.

Intraphase and interphase boundaries show the same distribution, and there

is almost an equal area of coherent and incoherent interface between TiNiSn

and TiNi2Sn. This suggests that the MDF is strongly influenced by the solidi-

fication path and orientation relationship between the fH and hH. Because of

these factors, neither EBSD nor EDS can be used to determine the boundaries

of this system independently. The MDF deviates from a uniformly random cu-

bic distribution,[118] exhibiting more low-angle boundaries (<15◦) and a peak

near 30◦. The peak likely corresponds to a coincident site lattice (CSL) bound-

ary, however current algorithms for calculating boundary misorientation in 3-D

datasets do not support boundary character determination based on local mis-

orientation.

6.4 Conclusions

While the dataset collection volume was initially chosen to capture the scale

of phase features in 2-D SEM micrographs, 100µm or smaller, we see in 3-D

that these grains and features can approach or exceed the edge lengths of our

collected volume. As such, in the future a larger dataset may be required to
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accurately characterize some quantities such as maximum grain size. However

a large number of unique grains and phase features are able to be captured,

which also appears to be a representative volume for a number of other mi-

crostructural features such as connectivity, phase boundary versus grain bound-

ary location, and the relative abundance of boundary types. Simultaneously,

this study has helped developed reconstruction and analysis techniques for 3-D

microstructural data.

In summary, we have used the new TriBeam tomography instrument to study

phase and grain morphology in TiNi1.20Sn prepared by induction melting. With

this technique, we were able to study a large, three-dimensional dataset that

incorporates both chemical (EDS) and crystallographic (EBSD) data. We find

that the fH phase is percolated in this sample, with almost all of the fH phase

contained in one of two contiguous features. Half- and full-Heusler coherency is

maintained over large interfacial areas. In this material we observe that phase

boundaries do not necessarily coincide with grain boundaries and vice versa. The

fact that phase boundaries and grain boundaries are decoupled means there is

a higher density of interfaces than would be present otherwise, potentially in-

creasing phonon scattering within the material. While the effect of percolated

metallic pathways dominated interfacial scattering in this sample, the separa-

bly controllable grain boundary character and fH phase distribution present an
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opportunity for the optimization of microstructure in biphasic hH-based ther-

moelectric materials.
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Chapter 7

Nanoprecipitates in biphasic

TiNi1+xSn thermoelectric materials

formed via high-temperature

solution treatments

The effects of thermal treatment on the microstructure of biphasic materi-

als comprising half-Heusler (hH) and full-Heusler (fH) phases, as well as on

1The contents of this chapter have substantially appeared in Reference 77: N. Verma, J.
E. Douglas, S. Krämer, T. M. Pollock, R. Seshadri, and C. G. Levi, Microstructure evolution of
biphasic TiNi1+xSn thermoelectric materials, Metall. Mater. Trans. A 47 (2016) c©2016 TMS
and ASM International.
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their associated thermal conductivity, are discussed. The focus of this study was

on a biphasic hH/fH alloy of nominal stoichiometry TiNi1.2Sn, synthesized by

containerless (magnetic levitation) induction melting. The alloy samples were

exposed to high-temperature solution treatments to generate microstructures

containing nanoscale second phase precipitates. The materials were character-

ized with regard to morphology, size, shape, and orientation relationship of the

fH and hH phases, both of which were present as precipitates within a matrix of

the counterpart phase. The relationships with the ensuing thermal conductivity

were characterized.

7.1 Introduction

At this point it is widely understood that microstructural features and defects

can strongly influence thermoelectric properties, as well as that the size of these

features plays a role in the degree of their impact.[18, 26] Many strategies have

been explored for reducing κ while preserving the power factor, mainly focused

on introducing phonon scattering centers, either by (i) partial substitution of

Zr/Hf for Ti and Pd/Pt for Ni,[45, 81, 119] (ii) adding solutes in the nominally

vacant interstitial sites of the hH structure,[45] or, of particular interest recently,

(iii) nanostructuring through grain size refinement or incorporation of ultra-
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fine second phases.[34, 78] Reductions in thermal conductivity while retaining

the power factor have been reported for off-stoichiometric TiNiSn alloys,[79]

a behavior that is attributed to random occupancy of the structural vacancies

in the hH structure by excess Ni atoms,[51] acting as phonon scattering cen-

ters. A simultaneous increase of S and σ, which usually vary in opposite di-

rections, has been reported at high temperature through the incorporation of

nanoscale (< 10 nm) coherent precipitates of full-Heusler (fH) phase, MNi2Sn,

in a hH matrix.[66] The thermoelectric properties of these biphasic alloys are

known to depend on multiple factors, but the structure-property relationships

are still poorly understood. Important factors affecting the transport of charge

and heat carriers through a material include, but may not be limited to: (i)

the degree of coherency of the interface between the matrix and the dispersed

phase;[120, 121] (ii) the shape, size, distribution and volume fraction of the sec-

ond phase; and (iii) an energy filtering effect at certain semiconducting/metal

interfaces.[122]

The present investigation aims to provide insight into the influence of heat

treatment on the microstructure of a biphasic hH/fH alloy, namely TiNi1.2Sn, and

its relationship with the temperature dependent thermal conductivity. The com-

position and heat treatments were designed to yield biphasic composites with

nanoscale precipitates with coherent boundaries, which could act as phonon
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scattering centers while leaving electrical conductivity relatively unaffected.

Therefore this chapter, taken in conjunction with Chapter 3, focuses on un-

derstanding the effects of the thermal history on precipitate shape, size and

orientation relationship, and their impact on thermal conductivity.

7.2 Experimental details

The Ti–Ni–Sn alloys investigated were synthesized by induction levitation

melting followed by annealing according to the procedure similar to that estab-

lished in previous chapters,[50] but here the heat treatments involve two cy-

cles, depicted in Fig. 7.1. An initial homogenization exposure consisted of 24 h

at 1173 K, followed by 192 h at 1123 K and cooling in air. The microstructural

details of solidification and this initial heat treatment are discussed in detail in

Chapter 3. The sample was then exposed to a second heat treatment of 5 h at

1423 K, close to the solidus temperature of TiNiSn (hH), followed by cooling at

either ∼1 K min−1 (HT-sc, “high-temperature, slow-cooled”) or an air “quench”

(HT-q).

The constituent phases were first identified by x-ray diffraction (XRD) using

an XPert x-ray diffractometer (PANalytical). The molar fractions of the phases

were determined by Rietveld refinement of XRD patterns. Scanning electron mi-
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Figure 7.1: Schematic showing the thermal history of samples in studying the mi-

crostructural evolution in a TiNi1.2Sn alloy. The solidus temperature, Ts =1453 K, of

the half-Heusler phase TiNiSn[67] is marked.
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croscopy (SEM) in an XL30 Sirion FEG (FEI, Hillsboro, OR) was used to charac-

terize the broader features of the microstructure and then to select specific loca-

tions to extract samples for transmission electron microscopy (TEM). Backscat-

tered electron (BSE) and electron dispersive x-ray (EDS) detectors were used

to identify two-phase regions suitable for TEM analysis. Electron probe micro-

analysis (EPMA) was used in some cases to complement the chemical analysis.

TEM lamellae were extracted using a focused ion beam (FIB, Helios, FEI). Their

microstructures were characterized in a Tecnai G2 Sphera TEM (FEI). High-

resolution transmission electron microscopy (HRTEM), including high-angle an-

nular dark field scanning TEM (HAADF-STEM, FEI Titan 300 kV FEG) was used

to gain insight into the structures of the various phases present and the associ-

ated interfaces.

Thermal diffusivity was measured in Ar atmosphere between room temper-

ature and 900 K using an Anter Flashline 3000 thermal flash apparatus (TA

Instruments, New Castle, DE). Disk-shaped samples were prepared from the

bulk using wire electrical discharge machining (EDM), 8 mm in diameter and

2 mm thick. After machining, the surfaces of the samples were ground and then

coated by spraying with a carbon suspension to optimize absorption of the ther-

mal pulse.
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7.3 Results

7.3.1 High-temperature heat treatments

The second set of treatments was designed to assess the mutual solubility

close to the solidus and its effects on the subsequent precipitation processes. For

the purposes of this discussion the process is labeled as a “solution” treatment,

with two variants at different cooling rates. SEM micrographs of the resulting

microstructures are displayed in Fig. 7.2; TEM images from lamellae taken from

the marked locations in Fig. 7.2 are depicted in Fig. 7.3.

Compared with the material homogenized at lower temperature, both the

HT-sc and HT-q samples show reduced fractions of vestigial dendrites, slightly

smaller in HT-q, suggesting further dissolution of the fH phase into hH at the

higher temperature. The composition of the phases after quenching is consid-

ered more representative of the high temperature equilibrium. For the regions

identified as fH and hH in Fig. 7.2(b) the compositions measured by (SEM) EDS

were TiNi1.77Sn1.09 and TiNi1.16Sn1.08, respectively, which are not substantially

different from those measured by EPMA for the as-cast structure, described in

Chapter 3.

Both phases contain precipitates of their counterparts, although those are
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Figure 7.2: BSE images of the microstructures after the higher temperature solution

treatment, (a) HT-sc and (b) HT-q. The contrast between hH and fH in these images,

where fH (TiNi2Sn) appears darker than hH (TiNiSn), is thought to be due to the

metallic nature of the fH, as the Z contrast is minimal between the two phases. The

dotted lines indicate the positions from which TEM lamellae were extracted.
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Figure 7.3: BF images of TEM lamellae extracted from HT-sc regions marked in

Fig. 7.2(a) showing (a) the interfacial region between a vestigial fH dendrite and the

surrounding hH matrix, and (b) the bulk of the hH matrix containing fH precipitates,

often aligned in rows. The [110] SADPs are from fH precipitates and the surrounding

hH matrix in each case. The phases are of the same orientation as evidenced by

overlapping SADPs. The grain boundary in (a) is incoherent.
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less evident in the quenched material, Fig. 7.2(b), and to some extent within

the vestigial dendrites of the slow cooled sample, Fig. 7.2(a). The HT-sc sample

does show clear evidence of extensive precipitation within the hH matrix even

under the SEM. These are more clearly illustrated in the TEM images from the

lamella extracted from the regions marked in Fig. 7.2(a), shown in Fig. 7.3. The

area in Fig. 7.3(a) corresponds to the interface between a vestigial fH dendrite

and the surrounding hH matrix. The fH phase on the left contains semi-coherent

hH precipitates on the order of 100 nm or 200 nm, barely visible in this image

because of the contrast. Somewhat larger precipitates (between 100 nm and

500 nm) of fH within the neighboring hH matrix are clearly evident on the right

side of Fig. 7.3(a). These precipitates have the expected cube-on-cube orienta-

tion relationship with the matrix and misfit dislocations at the interface. There is

a region seemingly denuded of precipitates near the interface between the two

larger regions, presumably corresponding to one of the precipitate-free patches

in Fig. 7.2(a).

The lamella from the middle of the hH region marked in Fig. 7.2(a) reveals

a higher density of fH precipitates, shown in Fig. 7.3(b). These are similarly

oriented relative to the matrix, but often appear in approximately linear arrays

and exhibit a wider variety of morphologies and sizes, some as long as 1µm.

Where these arrays are present they align along the 〈100〉 directions of the hH
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matrix. The SADP in the inset, taken to include a precipitate and the surround-

ing matrix, reveals slightly elongated spots corresponding to nearly superposed

reflections of the two phases, closer than those in Fig. 3.3.

TEM analysis of the HT-q microstructure using a lamella from the location

marked in Fig. 7.2(b) is shown in Figs. 7.4 and 7.5. When viewed at high mag-

nification by HAADF-STEM it is found that the high temperature fH phase has

decomposed on cooling to form hH precipitates with square platelet shapes,

≤10 nm on edge with moderate aspect ratios, as shown in Fig. 7.4(a,b). These

precipitates are fully coherent with the matrix, as no separate reflections for the

hH and fH phases are observed in the SADP, Fig. 7.4(c). In this instance, the

alignment of precipitates along the 〈100〉 directions of the fH matrix is well de-

veloped. The average precipitate spacing within these rows is ∼19±5 nm. The

apparent volume fraction of hH precipitates seems larger than might be expected

from the rather modest solubility of TiSn (or alternatively Ni deficiency) in the

fH phase, i.e. TiNi1.77Sn vs. TiNi2Sn, which would yield ∼20% hH assuming

essentially equivalent molar volumes.

The hH phase also shows extensive fH precipitation, as illustrated in Fig. 7.5,

reflecting a significant solubility for Ni at high temperature. The SADP shows

no evident peak splitting, suggesting the precipitates are also fully coherent with

the matrix. However, the morphology is significantly different than that of hH
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Figure 7.4: HAADF-STEM images of the HT-q specimen, from the region marked

fH in Fig. 7.2(b), depicting ultrafine cuboidal hH precipitates within the fH vestigial

dendrites. Note (a) the alignment of the precipitates along the 〈100〉 directions of

the fH matrix, with (b) the sides of the precipitates aligned approximately in the

same direction. The orientation relationship is confirmed by (c) the [100] SADP,

which exhibits no evident splitting of the reflections that would be consistent with two

distinct lattice parameters.
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Figure 7.5: HAADF-STEM image of the region marked hH in Fig. 7.2(b), showing

high aspect ratio equiaxed platelets or disks of the fH phase within the hH matrix.

The precipitates appear to be fully coherent. The [100] SADP confirms the coherent

cube-on-cube orientation relationship, with no distinct spots for the two phases.
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precipitates in fH, cf. Fig. 7.4. The fH precipitates arguably exhibit thin platelet

shapes with high aspect ratio and long dimensions ranging from 10 nm to 50 nm.

The measured precipitate spacing normal to their long dimension is 38±5 nm.

As in Fig. 7.4, the volume fraction appears somewhat higher than that estimated

from the excess Ni in the hH phase, approximately 16%. The effect, however,

may be the result of the contrast from coherency strains.

7.3.2 Thermal transport properties

Figure 7.6 depicts the measurement of the thermal conductivities as a func-

tion of temperature for the samples resulting from the different heat treatments

described above, as well as that of a stoichiometric TiNiSn (x=0, TiNi1+xSn).

Both of the HT thermal treatments yield initially lower thermal conductivities

for the TiNi1.2Sn alloys relative to the sample homogenized at the lower tem-

perature, cf. Fig. 7.1. There is a modest reduction for the HT-sc sample, about

20% relative to the LT (x=0.2) sample, with the dependence of κ on temper-

ature during cooling being essentially the same as on heating. The reduction

is substantially larger for the HT-q material relative to that cooled slowly after

the solution treatment, by as much as 50% at ambient relative to the homoge-

nized sample. Note that this would translate to a 2x increase in ZT were the
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Figure 7.6: Thermal conductivity of TiNi1+xSn after the heat treatments defined in

Fig. 7.1. All curves are for x=0.2 except the one marked as x=0. The dashed line

corresponds to the measurements on the HT-q specimen on cooling. Data for LT

curves from Chapter 5.
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power factor to remain constant. Notably, the benefit does not appear to be

robust. Upon heating above 600 K, there is an accelerated increase in conduc-

tivity, eventually approaching that of the HT-sc material (∼6.5 W m−1 K−1) at

the maximum temperature. However, the behavior of κ for the HT-q material

on cooling is essentially the same as that of the HT-sc sample. Further cycles

exhibit essentially the same behavior on heating and cooling for both the HT

treatments.

TEM analysis of the two major constituents of the HT-q alloy after the ther-

mal conductivity measurements to 873 K are presented in Fig. 7.7. No signifi-

cant coarsening of the hH precipitates within the fH regions appears to have oc-

curred, as inferred from comparing the precipitate spacings in Figs. 7.4(a) and

7.7(a), i.e. 19±5 nm and 21±5 nm, respectively. Some changes, however, seem

to have occurred within the majority hH constituent, depicted in Fig. 7.7(b),

where the fH precipitates appear to be more abundant with shorter average

spacing normal to their long dimension (11±2 nm) than prior to the measure-

ment (38±5 nm), albeit not noticeably coarser than those in Fig. 7.3.
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Figure 7.7: HAADF-STEM images of the HT-q specimen after the thermal conduc-

tivity measurements, wherein (a) is taken from a fH region with hH precipitates and

(b) is from a hH region with fH precipitates. Compare the microstructures with their

counterparts prior to the measurement in Figs. 7.4 and 7.5.
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7.4 Discussion

7.4.1 Precipitate evolution

It is instructive to discuss first the results from the higher temperature

solution treatments, starting with the quenched condition (HT-q). The mi-

crostructure consists of two major constituents, namely an hH matrix contain-

ing nanoscale fH precipitates, Fig. 7.5, and vestigial fH dendrites containing

nanoscale hH precipitates, usually aligned in bands at orthogonal directions,

Fig. 7.4. The precipitates are nominally coherent in both cases, exhibiting a

cube-on-cube orientation relationship with their respective matrices and no ev-

idence of peak splitting in the SADPs. The spacing of the mismatch disloca-

tions identified in Chapter 3, Fig. 3.5, compared with the dimension of the pre-

cipitates suggests that the hH precipitates in fH (Fig. 7.4) are fully coherent,

whereas the fH precipitates in hH (Fig. 7.5) are semi-coherent along their habit

plane.

SEM EDS and EPMA measurements provide clear evidence that neither of

these regions has the stoichiometry corresponding to the fully ordered com-

pound at 1423 K, i.e. the fH and hH phase are solid solutions respectively de-

pleted and enriched in Ni while preserving the Ti:Sn ratio of 1:1, as shown in
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Fig. 3.7(b). The implication is that the deviations from stoichiometry are ac-

commodated by fractional occupancy of Ni in the nominally empty sites for

hH, or vacancies in the normally filled sites in fH.[51, 83] While the finite

width homogeneity range for the fH phase has been discussed previously in the

literature[49] much less is known about the solubility range for the hH phase,

although prior reports of nanoscale precipitation of fH in hH would clearly imply

such solubility.[13, 52, 66]

The difference in morphology between the fH and hH precipitates in the

HT-q sample is arguably relevant to their role in the thermal conductivity, as

discussed later, and intriguing because the matrix and precipitate phases are

the same, with the same elastic mismatch but different volume fractions and

elastic properties. The formation of rows of hH platelets with a square base

in Fig. 7.4(a) is reminiscent of the rows of cuboidal L12 precipitates in γ/γ′

superalloys.[123] While both hH/fH and γ/γ′ systems involve cubic precipitates

in cubic matrices, the hH precipitates are not cubes but platelets thinner in one

dimension and arranged in orthogonal directions, presumably to minimize the

overall strain. This is even more evident in the dispersion of fH precipitates in

hH, Fig. 7.5, which have a higher aspect ratio and no distinguishable alignment

in rows.

A rigorous analysis of the precipitate shape evolution such as those under-
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taken for the γ/γ′ superalloys[123, 124] is well beyond the scope of this pa-

per and likely to be hindered by inadequate information on relevant properties.

Some insight, however, can be gained from the earlier analyses for the mor-

phology of precipitates that included the effects of anisotropy, such as that in

Ref. 125. In essence, the simplified criterion for the preference for a plate/disk

morphology over a sphere when the plate is oriented normal to a 〈100〉 direction

is given by

1

2

(
5

2A+ 3
+

2 + 3A

5A

)
C44 >

C∗44
A∗

(7.1)

where “*” denotes quantities for the precipitate and

A =
2C44

C11 − C12

(7.2)

the Zener anisotropy ratio[126] of the matrix or precipitate. The elastic con-

stants calculated by density functional theory (DFT) with the generalized gradi-

ent approximation (GGA) and including ionic relaxation[127] C11, C12, and C44

(in GPa) are, respectively, 172, 127, and 75 for the fH phase and 196, 82, and 61

for the hH phase. Using these quantities for illustration, the anisotropy factors

are AfH=3.33 and AhH=1.07. Inserting these values into Eqn. 7.1, we find that

the inequality is satisfied for fH precipitates in a hH matrix, 59 GPa>23 GPa, but

not for the reverse configuration (fH) 46 GPa≯ (hH*) 57 GPa. The latter, how-

ever, is more likely to be a cuboidal precipitate, as opposed to spherical. More
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recent modeling on Ni alloys[128] has shown that the aspect ratio of precipitates

is larger (thinner) for softer phases, which in this case is the fH based on the C44

values—consistent with the observations in Figs. 7.4 and 7.5. Note, however,

that the arrangement of precipitates within the matrix can further modify the

overall strain energy. The details remain to be elucidated by future investiga-

tions.

Slow cooling from the higher temperature solution treatment leads to sim-

ilar combination of precipitates and matrices, but on a coarser scale, Figs. 7.2

and 7.3. The precipitates are more globular in shape, although many are still

substantially elongated and some appear to have developed into more complex

shapes within the hH regions, Fig. 7.3(b). In spite of the differences in morphol-

ogy with those produced during quenching, the precipitates formed on slower

cooling also exhibit a clear cube-on-cube orientation relationship with the ma-

trix but the SADP peaks are slightly elongated, which along with the complex

shapes suggests a partial loss of coherency. Figure 7.2(a) suggests the presence

of a precipitate-free zone around the vestigial fH dendrites, also evident in the

TEM image of Fig. 7.3(a) on the right side of the interface. This observation

is consistent with the relief of the supersaturation of Ni within the hH phase by

slight re-growth of the neighboring former fH dendrite rather than by nucleation

within the hH phase.
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It is hypothesized that as the dendrites re-dissolve in the matrix to seek equi-

librium, their cores are the last regions to be affected. The precipitates already

formed in these dendrite cores, either during cooling from solidification or at the

early stages of the homogenization treatment, undergo coarsening as the outer

boundaries of the dendrites recede. The same scenario is likely for the hH phase,

which would experience coarsening of the fH precipitates formed earlier in the

process. Hence, the vestigial fH dendrites and surrounding hH matrix exhibit

some degree of inhomogeneity at the end of this treatment. The boundaries

of the two-phase field have been ascribed on the basis of the average composi-

tions, neglecting the inhomogeneity. Nevertheless, the results, at least for the fH

regions, are consistent with those of Romaka et al.[49] at similar temperatures.

7.4.2 Thermal transport properties

It is known that microstructure, nanostructure, and point defects can all play

a role in determining the thermal conductivity,[20] and by extension ZT , given

the range of phonon mean free path lengths. Arguably the ideal microstruc-

ture would comprise a continuous, fine-grain polycrystalline hH matrix with

discontinuous nanoscale intragranular precipitates of the fH phase and point

defects, presumably in the form of excess Ni occupying the normally vacant

162



(3
4
, 3
4
, 3
4
) interstitial sites. As detailed in Chapter 3, while the hH phase is not ev-

idently continuous in the as-cast structure, dominated by the primary fH phase

dendrites, much of it has clearly become continuous after the LT homogeniza-

tion treatment, as expected from its composition and solidification pathway (see

Figs. 3.1 and 3.7). Note, however, that a significant fraction of the overall hH

phase content is present as isolated precipitates within the vestigial fH den-

drites. There are also fH precipitates within the hH matrix, but they are coarse

and only partially coherent in spite of their common crystallographic orienta-

tion. More importantly, the residual fH dendrites are present in a sufficient

proportion (22%) to establish percolation paths (see Chapter 6). The net re-

sult of the fH phase content and distribution after the LT treatment is at best a

modest effect in reducing κ at ambient but no benefit at higher temperatures,

as shown by the comparison of the LT samples for x=0 and x=0.2 in Fig. 7.6.

The implication is that the rise in the electronic component of κ with increasing

temperature, reported for the fH phase,[50] and the percolation of the vestigial

dendrites outweigh any phonon scattering effects resulting from the presence of

a second phase in the hH matrix.

After the HT-sc treatment there is a significant reduction in κ relative to the

stoichiometric TiNiSn, at least at the lower temperatures in Fig. 7.6, with no

significant penalty above 650 K. There is a significant reduction in the fraction
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of vestigial fH dendrites, as well as more extensive and uniform precipitation of

fH within the hH matrix, Fig. 7.2(a), albeit only a modest reduction in the scale

of the precipitates that remain only partially coherent. One may then ascribe

the benefit primarily to the loss of connectivity of the vestigial fH dendrites.

Neither the LT or HT-sc treatments shows any change in the dependence of κ on

cooling, suggesting that the microstructures produced after the heat treatments

are stable, even if the benefits are modest and limited to the lower temperatures.

The initially much larger reduction in κ resulting from quenching in Fig. 7.6,

relative to the slow cooled sample cannot be related to the relative proportions

of the coarser hH and fH constituents, which are the same as for the HT-sc.

There is, however, a substantial reduction in the scale of the precipitates in

both constituents. The hH precipitates are coherent and fully surrounded by the

fH matrix, Fig. 7.4, in contrast with the somewhat larger, higher aspect ratio

fH precipitates in hH, Fig. 7.5, which could arguably exhibit some connectivity.

The implication is that the reduction in conductivity relative to the HT-sc sam-

ple could be ascribed to the finer scale of the fH precipitates, albeit mitigated

by their connectivity. The absence of substantial coarsening after the measure-

ment, Fig. 7.7, is inconsistent, however, with the higher conductivity measured

upon cooling. The reduction in the spacing of the fH precipitates after the heat

treatment suggests that the initial hH matrix was still supersaturated, leading
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to the additional precipitation during the heating step. One may then infer that

there was a significant contribution of the excess Ni remaining in the hH phase

after quenching. This benefit is lost as the supersaturation is relieved, but while

the number of fH/hH interfaces increases any benefit resulting from this change

appears to be counteracted by the presumably increased connectivity of the fH

platelets. The comparable conductivity after cooling between the present HT-q

sample and a composition with much lower Ni excess, namely TiNi1.05Sn after

the LT treatment,[50] suggests some benefits of precipitate refinement may be

feasible at lower Ni content, but one may also need to stabilize the point defects,

perhaps by co-doping.

7.5 Conclusions

A biphasic TiNiSn/TiNi2Sn microstructure (that was detailed in Chapter 3)

synthesized by levitation induction melting was tailored by subsequent thermal

treatments. Extensive microstructural characterization and measurements of

the thermal conductivity after different heat treatments led to the following

conclusions.

All processing steps led to microstructures comprising coarse hH and fH con-

stituents with precipitates of the counterpart phase in a scale depending of the
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heat treatment. In the LT homogenization treatment material, vestigial fH den-

drites are still present in a volume fraction sufficiently high to form percolation

paths that enhance the electronic component of the thermal conductivity, coun-

teracting any effect resulting from the presence of hH/fH interfaces.

Solution treatment near the solidus increases the solubility range of both

phases and increases the volume fraction of the corresponding precipitates on

cooling. The fraction of vestigial fH dendrites is further reduced minimizing

the percolation paths contributing to a desirable reduction in conductivity. The

reduction is greater when the alloy is quenched from the high temperature,

whereupon the precipitates in both of the major constituents are nanoscale. Pre-

cipitating second phase fH/hH is seen coherent or semi-coherent depending on

the size of precipitates, smaller precipitates <10 nm are coherent whereas larger

precipitates >100 nm are semi coherent with misfit dislocations decorating the

grain boundaries.

The scale of these precipitates tends to be sufficiently stable through the

thermal cycle associated with the thermal conductivity measurement, but the

initially large reduction in conductivity vanishes upon the cooling part of the

cycle, becoming essentially identical to that for a sample with much coarser pre-

cipitates. The increase in the volume fraction of fH precipitates within the hH

matrix suggests that the hH phase was supersaturated upon quenching, leading
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to excess Ni occupying the nominally vacant sites in the hH structure. Thus,

the effects of the additional precipitation and associated increase in the fH/hH

interfacial area appears to be counteracted by a loss of the point defect contribu-

tions to the thermal resistivity. These findings suggest possible paths to modify

the microstructure by doping, adjusting the Ni content and tailoring the heat

treatment to eliminate the coarser fH regions and retain a stable point-defect

population to add to the effects of the fH/hH interfaces in phonon scattering.
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Chapter 8

Conclusion

8.1 Summary

Through the work presented in this thesis, we have developed a greater un-

derstanding of high volume-fraction biphasic thermoelectric materials, based on

the half-Heusler TiNiSn. Our main focus was on microstructure development as

well as crystalline defects, as the whole spectrum of length scales will affect the

properties of interest. We began with a study comparing stoichiometric TiNiSn

to TiNi1.15Sn. We found that there was a marked increase in thermoelectric prop-

erties for the TiNi1.15Sn material, showing a 25% greater ZT at its peak temper-

ature than TiNiSn. This acted as a proof-of-concept that high volume fraction
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secondary phase could be a useful paradigm for biphasic thermoelectrics, as

compared to the 5% or less that is typical in thermoelectrics literature. The

homogenization treatment we employed, necessary in order for the levitation

induction melted material to equilibrate from the as-cast microstructure, causes

an interesting hierarchical microstructure. In the hH matrix, the fH forms “la-

goons,” on the scale of 10s of µm, with hH precipitates within these lagoons

themselves, hundreds of nm in size. This “matryoshka” microstructure con-

tributes to the scattering of phonons, ultimately reducing κ from that of TiNiSn

despite the fact that the fH phase, 15 vol-%, is metallic. This also corresponded

to a greater power factor, even without the use of a dopant atom like Sb.

Following this, we completed an in-depth study of the evolution of mi-

crostructure in biphasic TiNi1.20Sn, prepared by magnetic levitation induction

melting. We found in this study that the fH phase crystallizes first from the

melt, partially evidenced by the observation of semi-coherent phase interfaces

with cube-on-cube orientation. As such, it is not possible to prepare single-

phase TiNiSn directly from the melt. It requires a homogenization treatment as

we employed, at 1173 K and 1123 K.

Next, we took an eye to the nature of Ni “interstitial” defects within Ni-rich

TiNiSn materials, with a combination of diffraction techniques, synchrotron x-

ray and neutron, and DFT. We found that rather than a random occupation of
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the 4dWyckoff position by Ni interstitials, that there are nanoclusters of Ni inter-

stitial atoms grouped throughout the material, though not extended or ordered

enough to constitute true full-Heusler TiNi2Sn. This study was a great exam-

ple of the power and utility—arguably, necessity—of advanced characterization

techniques in combination. Neutron diffraction seems to be a more faithful

probe strictly of Ni interstitial occupancy. Synchrotron XRD, rather than accu-

rate composition, reveals the impact on structure and the local inhomogeneity

of the interstitials. Fatband calculations by DFT of a Ni interstitial atom in a

2×2×2 supercell shows agreement with reported band gap measurements,

and may give insight to the transport properties of bulk TiNiSn.

Then we returned to study a wide range of compositions in biphasic

TiNi1+xSn, where x =0.00, 0.05, 0.10, 0.15, 0.20, 0.25. In this work, we com-

pare the microstructure between materials as a function of Ni loading, as well

as the transport properties, S, σ, and κ. This study also provided some of the

first thermal characterization of TiNi2Sn in the literature, both with differential

thermal analysis (DTA) and thermal diffusivity measurements as a function of

temperature. In this study, we also employed careful density functional theory

(DFT) calculations using hybrid functionals to find the band gap of TiNiSn and

the band offsets between it and TiNi2Sn, the fH Fermi level to reside inside the

TiNiSn gap. Despite the monotonic increase in ZT we observed up to x =0.15,
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we found that with large Ni excess, the behavior of physical properties changes

with respect to temperature, suggesting the existence of an optimal phase frac-

tion and microstructure.

From here, we looked more closely at the microstructure in a Ni-rich mate-

rial, TiNi1.20Sn, for a study of full-Heusler connectivity in three dimensions and

to characterize the nature of interfaces in these biphasic materials. This was

done using the TriBeam tomographic system, with spatially resolved chemical

and diffraction maps taken of a rectangular prismatic volume, approximately

200 µm on edge. This study made it clear that three-dimensional data is neces-

sary to fully understand the microstructure in TiNi1+xSn. We found that the fH

phase was indeed percolated in TiNi1.20Sn, likely accounting for the deleterious

change in properties seen at this composition compared to lower Ni loadings.

We also observed that there is extensive coherent fH/hH interfacial area in these

materials, and generally that phase boundaries do not necessarily coincide with

grain boundaries and vice versa.

Finally we took this TiNi1.20Sn material, with its percolated fH phase, and

examined how the microstructure could be tailored via various heat treatments.

It was seen that by heating to just below the TiNiSn solidus, the TiNi2Sn can be

put into solution. Cooling from this state leads to much smaller fH precipitates

than the as-homogenized materials, on the µm scale when the cooling rate is
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Figure 8.1: Schematic hierarchy of microstructural features in TiNi1+xSn and their

relation to phonon mean free path lengths. The thermoelectric performance is affected

by features at each length scale.

slow and tens of nm when rapid. These pared down fH precipitates were seen

to coincide with a significant reduction in κ, suggesting that the (a) disrupted

percolation network and (b) increased interfacial density retarded phonon mo-

tion through the material.

8.2 Future directions

The results of the work presented in this document suggest several inter-

esting avenues for future research, as well as illuminating certain “open ques-

tions” remaining in TiNi1+xSn thermoelectrics. For instance, TriBeam datasets
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Figure 8.2: X-ray diffraction patterns of TiNi1.1Sn, as-annealed and quenched from

1423 K. After quenching, both the fH mole fraction and lattice parameter decrease.

This suggests that some of the Ni from the fH phase is going into solution in the hH

matrix as interstitial defects.

of other compositions, both x greater than and x less than 0.20, to get trends

on the TiNi2Sn morphology and distribution in these materials as a function of

Ni loading. Combining transport measurements with simulation of thermal con-

ductivity directly on the digital reconstructions of these datasets—by molecular

dynamics or cellular automata, e.g.—to probe the strength of phase(+grain)

boundary scattering could be very interesting.

One of the foremost issues in these materials is in isolating the effects of
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Ni interstitials on the properties, from that of the microstructure. The thermal

conductivity measurements in Chapter 7 suggest that there is a great deal of to

be gained by controlling the defect concentration in these materials, but their

effect on the Seebeck coefficient and electrical conductivity are not understood.

Nor is it well known how much the microstructural features are contributing to

phonon scattering versus point defects. In comparing the x-ray diffraction of

homogenized material to that of high-temperature quenched TiNi1+xSn, as in

Fig. 8.2, it is evident that there are extensive changes occurring in the fH phase

that are most easily accounted for by assuming that a non-negligible portion of

the fH Ni is being redistributed as “interstitials” in a hH matrix.

Being able to control the defect concentration and measure the properties

at these loadings with minimal difference in microstructure would be ideal,

if difficult. We have performed preliminary experiments measuring the room-

temperature S, σ, and κ of TiNi1.1Sn that has been quenched from 1423 K and

annealed at a low temperature (623 K) for various times. As shown in Fig. 8.3,

it appears that the transport properties move towards the values of pre-quench

sample the longer they are annealed. However to clarify this point an in-depth

structural study with synchrotron XRD, neutron diffraction, and possibly solid-

state NMR to probe local structure would be required.

Along a similar vein, we have sputtered an amorphous film with a Ti:Ni:Sn
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Figure 8.3: Room temperature Seebeck coefficient, S, electrical conductivity, σ, and

thermal conductivity κ of TiNi1.1Sn samples that have been quenched from 1423 K,

then re-annealed at 623 K. It appears that with annealing, the transport properties gen-

erally move back towards their state before the high-temperature solution & quench,

as shown by the “as-annealed” black markers.
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Figure 8.4: X-ray diffraction patterns of sputtered TiNi1.3Sn film as a function of

annealing time at 673 K. Peaks associated with full-Heusler ordering grow in first from

the as-grown amorphous state, but with the half-Heusler growing to dominate over

time. Due to a lack of capping layer on the film, a number of oxide phases start to

form by 8 hr.

176



ratio of 1:1.3:1, atop a (100) MgO substrate. Annealing from the amorphous

state at low temperatures shows an interesting evolution of the phases, observed

by glancing-angle x-ray diffraction in Fig. 8.4. Though the lever rule states that

the mixture should be 70% half-Heusler, the first peaks to form are that associ-

ated with the full-Heusler phase. With time at 673 K all the peaks shift to higher

angle, and the half-Heusler peaks grow to dominate the full-Heusler. This ex-

periment was hampered by oxidation of the film during annealing; a capping

layer (e.g., Al2O3) is required. However, the developments we do observe could

give insight to the initial formation and ordering of hH TiNiSn and fH TiNi2Sn

if studied in detail.

Finally there is a question of what could be done by alloying with other

elements. The highest-ZT half-Heusler materials incorporate Ti, Zr, and Hf

on the X site, as well as Sb for doping and carrier concentration control.

These additions would greatly complicate the thermodynamics of the system

and may have unintended consequences on the half-Heusler/full-Heusler com-

posite microstructure, but are likely to be ultimately beneficial. A study of

Ti1−x−yZrxHfyNi1+zSn1−aSba would be very revelatory and an important next

step. Our findings, collapsed into Fig. 8.5, demonstrates how all of these fea-

tures play a role; quantifying these contributions precisely, though difficult,

would be invaluable in guiding future efforts.
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Figure 8.5: Approximation of the relative influence of microstructural features on the

physical properties in TiNi1+xSn. Based on our data—in particular Chapters 5 and 7

and Fig. 8.3—whereas thermal conductivity (sub percolation limit) is most sensitive

to point defect engineering, electrical conductivity correlates more directly with the

metallic phase fraction. The interaction with Seebeck effect is more convoluted.
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Together, it can be concluded from these studies that TiNi2Sn phase mor-

phology is controllable by thermal treatments of levitation induction melted and

that some microstructures are more optimal than others, and that this optimiza-

tion should be considered and employed in the production of these materials,

TiNi1+xSn. In addition to microstructure, point defects are also important to

the thermoelectric properties of TiNi1+xSn, and should be considered with an

eye towards how they can be used to the advantage rather than detriment of

these properties. Advanced characterization—microscopy, diffraction, tomogra-

phy, and computation—have all proven to be critical to aiding our understand-

ing of TiNi1+xSn.
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