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Abstract

Alternative Chemistries and Architectures

for Electrochemical Energy Storage

by

Megan M. Butala

We can begin to reduce anthropogenic contributions to climate change by re-

placing non-renewable energy generation with renewable alternatives. Because

renewable energy generation is intermittent, stationary grid-scale storage will

be increasingly important. Additionally, mobile storage for electric vehicles will

reduce dependence on oil and decrease greenhouse gas generation associated

with transportation.

Current commercial Li-ion batteries (LIBs) have revolutionized portable elec-

tronics and even electric vehicles. Materials chemistry was key in the develop-

ment of the cathode materials that enabled improvements in efficiency and bat-

tery lifetime. These cathodes store charge by a process called intercalation, in

which Li-ions move into and out of sites between the layers of a transition metal

(TM) oxide host. However, the same structures that enable the stable devices

xv



we rely on also limit capacities to less than 1 mole of Li per mole of TM in the

host.

There are many alternatives to commercial intercalation LIBs that re-

searchers hope will meet the growing energy storage needs. One such “beyond

Li-ion” alternative is conversion, which still relies on the transport of Li-ions,

but electrode materials undergo more significant chemical and atomic structure

changes during cycling. Through these larger changes, conversion systems boast

theoretical capacities 4 to 20 times larger than intercalation materials. However,

this compelling storage is rarely achieved in practice and issues of capacity fade

and short cycle life are significant barriers to being commercially feasible.

Following similar approaches to those used to improve performance in in-

tercalation LIBs, we (i) consider the impact of mesostructuring on the cycling

of MnO and (ii) study the evolution of local structure with cycling of isostruc-

tural FeS2 and CoS2 to address the performance issues observed for conversion

materials.

We employ a template-free method to prepare porous MnO and compare its

cycling performance to electrodes of nonporous MnO. We find minor improve-

ments in the first cycle, but find nearly identical performance in later cycles.

SEM reveals changes in the microstructures, which are initially distinct, but be-

xvi



come quite similar after 20 cycles. From this work we find limited utility of

microstructuring alone, but note examples in the literature who have seen im-

provements of reduced feature lengths in combination with optimized electrode

preparation or electrolyte formulations. We also employed in situ X-ray diffrac-

tion to investigate structural changes with cycling of MnO. However, because of

the small and disordered nature of the resulting structures, we were not able to

identify cycling products.

Moving forward, we investigated the impact of chemistry and initial atomic

structure on the cycling of conversion materials. In particular, we observed

much better capacity retention for FeS2 than isostructural CoS2. By ex situ X-ray

absorption spectroscopy and operando pair distribution function data from total

scattering, we identify differences in the modes of charge storage and identify

structural causes of capacity fade in both systems.

The synthesis of chalcogenides, including FeS2 and CoS2, typically requires

heating at temperatures of ≥ 700◦C and above for multiple weeks. We report

here the preparation of several sulfide compounds of interest for next generation

energy storage through only 40 minutes of heating using domestic microwave

ovens. This rapid preparation allows for the discovery and evaluation of other

chemistries, including solid solutions, to further probe the impact of chemistry

and structure on performance.
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We describe the utility of mesostructuring for conversion systems, finding

that decreased feature length alone is insufficient to provide marked improve-

ments in cycling. We also describe the significant differences that arise in such

similar materials for conversion energy storage. With continued study of not

only the preparation of materials and devices, but also of how composition and

structure impact the performance of conversion materials, the promise of these

systems might be realized.
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Chapter 1

Electrochemical Energy Storage:

Basics, State-of-the-Art, and

Next-Generation

1.1 The Case for Continued Electrochemical En-

ergy Storage Research and Development

One obvious approach to reducing anthropogenic contributions to climate

change is to implement more renewable energy generation methods, includ-

ing wind and solar. However, many of these renewable energy resources are
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intermittent, thus necessitating the continued development of energy storage

technologies for grid scale storage. Independence from non-renewable energy

resources also requires the use of electric, or at least hybrid, vehicles, the per-

formance of which are largely tied to the quality of energy storage systems.

The Li-ion battery (LIB) has transformed electrochemical energy storage as

we know it and enabled the ubiquity of portable electronics. Despite initial

skepticism, LIBs have also proven an excellent option for a much larger applica-

tion: electric vehicles. However, counting on a singular mechanism and set of

materials to accommodate the growing demand for energy storage over a range

of scales (high power, high energy, stationary, small, etc.) is naive and, in part,

irresponsible.[1–3] Concerns of material cost, toxicity, global concentration, and

abundance are important to address as the role of energy storage devices in our

daily lives continues to grow. Other important considerations moving forward

include device safety and lifetime.

All of these constraints manifest as opportunities, and academic research has

no shortage of ideas or interest of how to improve LIBs and their alternatives.

So-called “beyond Li-ion” energy storage technologies each have particular ben-

efits and challenges that, respectively, draw interest and inhibit commercial de-

velopment. While current commercial LIBs offer the obvious advantage of being

an established technology, they have nearly reached their physical limits, so the
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expansion of electrochemical energy storage to meet different design criteria

(energy density, cost, etc.) requires the development of fundamentally different

technologies.[4]

1.2 Introduction to Energy Storage Terms and Con-

cepts

The most essential components of a battery are the anode and cathode,

which react with ions and electrons to store charge; an electrolyte that conducts

ions, but not electrons; and an external circuit that conduct electrons between

the anode and cathode. Commercial LIBs store and deliver energy through re-

versible, electrochemical reactions of Li with a host structure. Upon discharge,

Li-ions move from the anode to the cathode through the electrolyte, while elec-

trons travel through the external circuit, providing either voltage or current to

power a device. Upon charge, the reverse reactions take place. In commer-

cial LIBs, these reactions involve the insertion (and extraction) of Li-ions and

electrons into (and out of) host structures.

The various performance metrics for battery materials allow comparison of

performance between different materials independent of molecular weight. The
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major term relevant for this dissertation is capacity, which is related to more

industrially relevant performance metrics of energy and power. Capacity, Q,

is used to compare the charge storage of different materials, normalizing the

charge storage per unit mass or volume. Gravimetric capacity, with units of

mAh g−1, is calculated according to Equation 1.1:

Q =
moles of e−

moles of host
× 1

MWhost ( g
mol

)
× 96× 103

1mol e−
× Ampere s

Coulomb
× h

3600 s
× 103mA

A

(1.1)

Gravimetric energy density for a material can be estimated as the product of

capacity and the average potential at which it reacts with Li, and has units of

Wh kg−1. Specific power is the energy that can be delivered per unit time, with

units of W kg−1.

In the following document, a combination of coin and SwagelokTM cells (Fig-

ure 1.1) were employed in the lab scale evaluation of candidates electrode ma-

terials.
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Figure 1.1: Coin cells (not pictured) and SwagelokTM cells (left) were used in

cycling experiments described in the following document. Each cell consisted of

a cathode, separator, electrolyte (not shown), Li metal anode, and spring. Two

types of cathodes were employed: (i) cast film of the active material, conductive

carbon additive, and polymer binder or (ii) powder of the active material and

conductive carbon additive.
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1.3 Current Commercial LIBs

Commercial cathodes, which react with Li at potentials of about 3.5 V to 4 V

vs. Li/Li+ (−3.05 V vs. standard hydrogen electrode), are typically composed

of layered transition metal (TM) oxides, with Li filling sites between the layers.

These materials store charge by “intercalation” and have been optimized for high

efficiency and long cycle life; they far exceed their predecessors in gravimetric

and volumetric energy density. The first commercialized intercalation TM oxide

was Li1−xCoO2, the electrochemical reaction of which goes as Equation 1.2.

LiCo3+O2 
 Co4+O2 + 1 Li+ + 1 e− (1.2)

However, Equation 1.2 is an idealized reaction that involves the reaction of 1

mol Li per formula unit of the host structure. In practice, layered oxide cath-

odes are operated over a narrow chemical range, typically 0.5 to 0.6 mol Li per

formula unit of the LiCoO2 host. These limits were established to minimize the

structural changes that occur with changes in composition over 0 ≤ x ≤ 1. Such

constraints are responsible for the extended cycle life of current devices relative

to earlier generations of LIBs. However, these cycling parameters also limit the

usable capacity of intercalation cathodes to ≤200 mAh g−1.

Among systems of interest for next generation energy storage are those that
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employ alternative mobile ions, with the majority of work focusing on Na+ and

Mg2+, but also some on K+, Ca2+, and Zn2+. Na has the benefits of being a

more abundant element on which to base large scale technology.[5] Mg metal

does not have the same issue of dendrite formation that Li does, making the

use of a metal anode with high energy density more feasible. The divalent

cations have advantages in energy density, as they can store two electrons per

ion. Still, the most compelling cathode materials for these systems store charge

by intercalation.

1.4 High Capacity Conversion Reaction Electrodes

Another field of interest for future energy storage applications involves ma-

terials that store charge by a vastly different mechanism than commercial elec-

trodes, which affords them theoretical capacities between 500 mAh g−1 and

2000 mAh g−1. These are referred to as conversion materials because they take

place through substantial chemical changes and phase transformations. On the

first discharge, the conversion reaction lithiation of a TM-anion compound of

the form MaXb will store charge according to Equation 1.3.

MaXb + (bn)Li+ + (bn)e− → aM0 + bLinX (1.3)
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Figure 1.2: Schematic of nanostructural evolution during the first discharge and

charge of a conversion material.

At room temperature, the complete reverse of Equation 1.3 is rarely, if ever,

achieved. Rather, the reverse reaction is incomplete and, as such, charge stor-

age in later cycles typically occurs through different reactions. Detailed struc-

tural and chemical studies have been applied to understand materials that store

charge by conversion in more detail. For these, local – rather than average –

structure methods are necessary because cycling products tend to have small

domain sizes (Figure 1.2) and little-to-no long range order.[6, 7]

With the improvements of local structure methods and the development of

in situ (or operando) tools for such studies, a growing collection of reports be-

gin to reveal trends of initial chemistry and structure with cycling and failure

mechanisms. The structural changes that incite capacity fade and cell failure

in intercalation materials for Li-ion batteries are relatively easy to elucidate for

those compounds, especially because the initial structures of the materials are
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much more similar and the structural changes are relatively minor. Because of

the much larger library of initial structures and chemistries that store charge

through conversion, a larger variety of reaction schemes and failure modes are

possible.

The systematic evaluation of conversion electrodes varying TM, anion,

and/or initial atomic structure is needed to identify those systems that are rela-

tively reversible, which would in turn guide the selection of the most promising

candidates for high energy density conversion-based energy storage.
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Chapter 2

MnO Conversion in Li-Ion Batteries:

In Situ Studies and the Role of

Mesostructuring

Complex manganese oxides have been extensively studied as intercalation

Li-ion battery electrodes. The simple oxide MnO has been proposed as a conver-

sion anode material with a theoretical capacity of 756 mAh g−1 for full reduction

to the metal. We report the reaction of MnO with Li using in situ X-ray diffraction

1The contents of this chapter have substantially appeared in Reference 8: M. M. Butala,
K. R. Danks, M. A. Lumley, S. Zhou, B. C. Melot, and R. Seshadri, MnO Conversion in Li-Ion
Batteries: In Situ Studies and the Role of Mesostructuring, ACS Appl. Mater. Interfaces 8 (2016)
6496–6503. Copyright 2016 American Chemical Society.
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and find no sign of crystalline products upon either discharge or charge. How-

ever, the absence of reflections, paired with electrochemical impedance spec-

troscopy, suggests disordered discharge products. We also examine composite

electrodes with porous particles of MnO as the active component, with pores

generated through the reductive heating of Mn3O4. We compare the behavior

of these with more dense MnO powders, including studies of the electrode mor-

phologies pre- and post-cyling. We find differences in the first discharge relevant

to the utility of such mesostructuring in conversion reaction materials. Specifi-

cally, we find this type of mesostructure, which gives advantage in intercalation

and pseudocapacitive storage, does not yield the same benefits for conversion

reaction systems.

2.1 Introduction

The realization of Li-ion battery (LIB) technology that came with layered

transition metal oxides is a key contributor to the ubiquitous nature of portable

electronics. LIBs have more recently found use in electric vehicles. While the

layered or channeled structures of intercalation-based LIBs outperform previous

technologies, especially nickel-metal hydride and lead acid, there are funda-

mental limits to the achievable gravimetric capacities of intercalation materials,
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which are typically only 150 mAh g−1 to 250 mAh g−1.[2, 9]

Given the perpetual drive for electrochemical energy storage with higher en-

ergy densities needed for lighter, smaller batteries, the number of studies on

conversion electrode materials with theoretical capacities between 600 mAh g−1

and 1000 mAh g−1 has increased dramatically.[6] Initially considered to be fea-

sible only at high temperatures with molten salt electrolytes,[10, 11] transition

metal oxides that store charge by conversion were found to exhibit reversibility

at room temperature with sufficiently small particle sizes.[12] Since this reve-

lation, a number of studies have reported the performance of MaXb compounds

that react with Li by conversion, such that M = a transition metal and X = O, S,

N, P, and F.[6, 12]

The conversion reaction of MnO upon reaction with Li follows is (Equa-

tion 2.1):

MnO + 2Li+ + 2e− 
 Mn0 + Li2O (2.1)

A major issue that plagues conversion electrodes is significant irreversibility,

which leads to poor coulombic efficiency and short cycle life. This is due in part

to kinetic issues, though theoretical and experimental works have also found

evidence of significant thermodynamic barriers to reversibility in displacement
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and conversion systems.[13–15] In addition to chemical irreversibility, conver-

sion materials undergo nanostructuring during the first discharge, as described

in Chapter 1.[16]

This study focuses on porous transition metal compounds, which have been

extensively studied for surface-based energy storage, especially pseudocapaci-

tors. Mesopores have been used to improve performance in several intercalation

systems and are shown to have superior performance to nanoparticles.[17, 18]

Porosity has also been applied to transition metal oxide conversion materials in

attempts to improve electrochemical performance, with hopes for porosity to de-

liver similar benefits to coulombic and energy efficiency as have been observed

for intercalation and capacitive storage.[19–23]

We find here that porosity can yield temporary capacity improvement, but

does not resolve the significant hysteresis and irreversibility encountered in con-

version systems. Additionally, studies reporting on porous materials for conver-

sion reactions only rarely detail why there are or are not advantages afforded

by porosity, for example, by characterizing the morphology of the material with

cycling, as we do here.[19, 21, 24, 25]

Most reports of porous transition metal oxides for Li-ion batteries with

charge storage by either intercalation or conversion have exclusively been pre-
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pared by templating. Here, we prepare porous MnO through spontaneous, tem-

plate free routes, by heating dense Mn3O4 in a reducing atmosphere, based on

methods reported by Toberer et. al.[26] We compare the benefits of mesopores

on the order of 15 nm to 40 nm to nonporous MnO by galvanostatic cycling

and investigate mesostructures before and after cycling by scanning electron

microscopy (SEM). Additionally, we report in situ X-ray diffraction (XRD) and

electrochemical impedance spectroscopy (EIS) for the conversion reaction of

MnO with Li.

2.2 Experimental Methods

2.2.1 Cell Assembly and Electrochemical Analysis

For in situ studies, as-purchased MnO powder (Alfa Aesar) and the conduc-

tive carbon additive SuperP R© (TIMCAL) were ground by hand using an agate

mortar and pestle in a 75:15 ratio by weight. The powders were dried overnight

in a vacuum oven at 120 ◦C. In an Ar-filled glovebox, the loose powder cath-

ode and Li metal anode were assembled into a cell with a Be window at the

cathode side, which allowed the collection of XRD data in situ.[27] A glass fiber

filter paper (Whatman R© GF/D) separator prevented electrical shorting between
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electrodes. The electrolyte was a 1 M solution of lithium hexafluorophosphate

(LiPF6) in ethylene carbonate and diethyl carbonate (EC:DEC) in a 1:1 ratio by

volume. In situ XRD data was collected on a Bruker D8 powder diffractometer

with Co Kα (λ = 1.79 Å) equipped with a LynxEye detector. Due to the cell

configuration, data collection was limited to a 2θ range of 40◦ to 60◦. Relevant

reflections were primarily in the 40◦ to 50◦ range, so this region is the focus of

in situ XRD analysis.

Electrochemical cycling was carried out using half-cells assembled in stain-

less steel 2032 coin cell cases (MTI). For coin cells, electrodes were a cast com-

posite of MnO (either porous or nonporous), SuperP R©, and polyvinylidene flu-

oride (PVDF) binder in a 75:10:15 ratio by weight. The electrode components

were made into a slurry with N -methyl-2-pyrrolidone (NMP). The slurry was

cast onto Cu foil using the doctor blade method and the cast film was dried on a

hot plate at 120 ◦C for 3 hours. From the cast film, 15 mm diameter circles were

cut out and dried in a vacuum oven at 120 ◦C overnight. The separator was a

19 mm diameter polypropylene sheet (Celgard). The electrolyte used was 1 M

LiPF6 in ethylene carbonate and dimethyl carbonate (EC:DMC) in a 1:1 ratio by

volume. The reference electrode was 15 mm diameter scraped Li metal (STREM

Chemicals). Cells were assembled in an Ar-filled glovebox.

Electrochemical measurements for in situ and cycling studies were per-
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formed using a Bio-Logic VMP-3. Galvanostatic cycling with potential limitation

(GCPL) was carried out at a rate of C/20, as calculated for the 2 e− reaction of

MnO with 2 moles of Li, with an upper potential limit of 3 V and a lower po-

tential limit of either 0.2 V or 0.01 V. For all cycling, rates and capacities were

normalized to the mass of MnO in the electrode. During in situ GCPL, elec-

trochemical impedance spectroscopy (EIS) data was collected in the frequency

range of 500 kHz to 100 mHz at various states of charge. Data was collected

with 6 points per decade and in logarithmic spacing, with a sinus amplitude of

10 mV and a waiting period of 0.10 s between each frequency.

2.2.2 Preparation of Porous MnO

Porous MnO was prepared as reported by Toberer et. al.[26] MnO powder

was ground and pressed into 13 mm pellets using 5 metric tons of force. Pellets

were sintered at 950 ◦C for 24 h and then quenched in water to retain Mn3O4,

suppressing the phase transformation and reduction to Mn2O3 that would result

from slow cooling. Mn3O4 was reduced to MnO at 475◦C for 6 h in flowing 5%

H2 in N2 gas.[26] X-ray diffraction (XRD), using a Philips X’Pert Diffractome-

ter with Cu Kα radiation (λ = 1.5418 Å) in the 2θ range of 10◦ to 100◦, and

Rietveld refinement, using Topas software,[28] confirmed the phase purity of
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the quenched and reduced products. Reduction to MnO involved a mass loss of

about 6.9%, which was accommodated by the generation of connected pores on

the order of 15 nm to 40 nm, as previously reported,[26] with pore walls of a

similar size. The morphology of Mn3O4 and the resulting MnO were compared

by SEM using an FEI XL40 Sirion FEG microscope. SEM samples were mounted

with Cu tape and sputter-coated with Au/Pd to improve resolution and prevent

charging. Images were collected with a beam voltage of 5 kV and a spot size of

3.

2.3 Results and Discussion

2.3.1 In situ XRD and Electrochemical Impedance Study of

MnO Conversion

We carried out in situ XRD and EIS at several states of charge to learn about

the conversion reaction of MnO with Li. For this experiment, the working elec-

trode was nonporous MnO and SuperP R© in a 75:15 ratio by weight against a Li

metal anode using 1 M LiPF6 in EC:DEC electrolyte. The loose powder cell was

cycled galvanostatically at a rate of C/20, calculated based on the reaction of

MnO with 2 moles of Li (Equation 2.1).[12]
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Figure 2.1: (a) GCPL at C/20 with potential limits of 0.01 V and 3 V was

recorded for nonporous MnO, with EIS measured at various states of charge

(EIS is shown in Figure 2.3). (b) In situ XRD for the first discharge is shown as

a contour plot vs. discharge time. (c) Select XRD scans are shown, with * for

peaks associated with Be or BeO from the window of the in situ cell.
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Figure 2.2: XRD collected before cycling shows two MnO reflections, which

decreased in intensity during discharge. No other peaks formed with either

discharge or charge. The sets of vertical lines at the bottom of the figure indicate

the expected peak positions of various crystalline Mn0 phases that could form.

Data for these phases are plotted from ICSD entries 42743,[29] 41775,[30] and

41509.[31] MnO peaks do not return with charge, which is suggestive of an

amorphous charge product.
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The first cycle is shown in Figure 2.1(a), with time for the discharge on the

lower x-axis and the corresponding capacity on the upper x-axis. XRD collected

during the first discharge is shown in Figure 2.1(b) as a function of time, which

is aligned with the time axis of the GCPL in Figure 2.1(a). Figure 2.1(c) shows

select XRD patterns, which provide visualization of the relative intensity of MnO

reflections before (t= 0), part way through (t= 10), and at the end of (t= 24)

the first discharge. Before discharge (t= 0), there were intense MnO reflections

at 41.0◦ and 47.5◦ in Co Kα 2θ and other, lower intensity peaks (marked with

*) corresponding to Be and BeO from the window of the in situ cell.

There was a decrease in the intensity of MnO peaks during discharge, indi-

cating the reaction of MnO with Li (Figure 2.1). However, XRD shows no crys-

talline discharge products. The proposed products from the reaction of MnO

with 2 moles of Li are Mn0 and Li2O (Equation 2.1).[12] We saw no crystalline

Li2O by XRD, due in part to the low Z elements of Li2O which make it a weak

X-ray scatterer. Also, Li2O formed by conversion of a transition metal oxide is

expected to have little-to-no long-range order, which limits phase identification

of cycling products by XRD.[6, 7] There are reports of crystalline Li2O at the

end of discharge, detected by ex situ XRD, with conversion of MnO and several

higher valent Mn oxides.[32] However, various in situ studies see no evidence of

crystalline Li2O at the end of discharge, such as in the conversion of Mn3O4 and
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CoO.[7, 12] These in situ results are in agreement with our findings, suggesting

electrochemical products are amorphous, but have the opportunity to crystallize

during ex situ experiments.

Several phases of Mn0 could form on discharge, none of which were observed

(Figure 2.2). However, amorphous Mn0 could account for the lack of reflections

at the end of discharge. Additionally, if there were broad, low intensity peaks

coming from 2 nm to 5 nm particles,[7] the signal could be lower than the back-

ground of the XRD data. Jiao et. al also found no evidence of crystalline Mn0

at the end of discharge for Mn3O4 by XRD, but did see locally ordered Mn0 by

X-ray absorption spectroscopy.[7]

Furthermore, we do not see evidence for the reformation of crystalline MnO

on charge (Figure 2.2). This is in agreement with similar in situ studies of tran-

sition metal oxide conversion electrode materials, especially CoO.[12] Our find-

ings are also consistent with those of the operando characterization of Mn3O4,

in which charge product(s) showed no crystalline phase(s) by XRD, but locally

resembled MnO.[7] Ex situ X-ray absorption near edge spectroscopy (XANES) of

MnO conversion saw some, but not complete, oxidation of Mn to the 2+ state

upon charge.[33] Charge products with only local, rather than long range, order

have also been observed for MnO and NiO, among others.[15, 33, 34]
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Figure 2.3: EIS was recorded at various states of charge during galvanostatic

cycling, which are marked in Figure 2.1(a). The spectra are shown here in a

Nyquist plot. (i) The impedance before discharge was moderate and (ii) de-

creased with discharge to 0.5 V. (iii) Impedance decreased further with com-

plete discharge to 0.01 V. (iv) With charge to 3 V, both the imaginary and real

components of impedance increased.
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Figure 2.4: SEM of cast composite electrodes of (a) nonporous MnO before

cycling shows micron-sized grains. (b) The micrograph of nonporous MnO after

cycling shows cracks and sub-micron features. (c) Porous MnO before cycling

has 15 nm to 40 nm pores and pore walls. (d) The micrograph of cycled porous

MnO shows that the pores have been destroyed and the dominant feature sizes

resemble those of (b) nonporous MnO after cycling.
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While in situ XRD provides only partial phase information for the cycling of

MnO, namely the conversion of MnO to X-ray amorphous product(s) upon dis-

charge and charge, we can gain insight about the nature of the products from

EIS recorded at various states of charge, marked in the GCPL in Figure 2.1(a) as

(i), (ii), (iii), and (iv). The collected spectra are shown in Figure 2.3 by the same

labels. Before discharge (i), the loose powder cathode has an impedance spectra

with a semicircle at low impedance and a tail at higher impedances. With dis-

charge to 0.5 V (ii), just beyond the small plateau in GCPL, the size of the upper

intercept of the semicircle is decreased, suggesting a decrease in charge transfer

resistance. By XRD, we see no change in the MnO peak intensities at this state of

charge, so the small plateau [Figure 2.1(a)(ii)] and change in impedance likely

result from solid electrolyte interphase (SEI) formation. SEI has been shown to

occur near this potential for carbonate electrolytes and to reduce charge transfer

resistance.[35, 36]

At the end of discharge (iii), both the real and imaginary components of

impedance were again decreased. According to the model for conversion reac-

tions, we expect Mn0 nanoparticles in a matrix of disordered Li2O at the end of

discharge.[16, 37] The decreased size of the semicircle could correspond to im-

proved Li+ conductivity, which suggests the formation of disordered Li2O. This

fits with the absence of Li2O reflections by in situ XRD. Studies of FeF2 conver-
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sion report a percolative network of Fe0 nanoparticles upon discharge, expected

to provide an electron conduction pathway through the sub-micron domains of

the initial phase.[37] For discharged MnO, we saw negligible change in the low

impedance (high frequency) regime of EIS, suggesting no enhanced electron

conductivity upon discharge.

After charging to 3 V (iv), the semicircle grew beyond its initial size. Ad-

ditionally, the high impedance intercept of the semicircle was less well-defined

than before cycling (i). This could be the result of reduced homogeneity of the

electrode-electrolyte interface after charge (iv), possibly arising from a variety

of domain sizes or an increased roughness at the electrode interface, as observed

by SEM after 20 cycles [Figure 2.4(b)]. Alternatively, the nature of the observed

impedance could arise from the presence of various phases upon charge. Since

less than 60% of the discharge capacity was recovered with charge, we did not

expect a single-phase product. Each different surface or phase present could

contribute a different semicircle, the combination of which would give rise to

the disperse and ill-defined end of the semicircle at mid-range frequencies upon

charge. Other possibilities include a contribution of SEI or electrolyte decom-

position to charged state EIS. While electrolyte interactions play a large role in

some of our observations and, generally, in electrochemical energy storage ma-

terials that operate below 1 V, we focus here on the inorganic aspects of MnO
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conversion.

The combination of in situ XRD and EIS at various states of charge suggests

the formation of small domains of amorphous phases from micron-sized parti-

cles at the end of the first discharge that persist with charge. By XRD, we also

saw no crystalline phases at discharge or charge. The formation of disordered

Li2O at discharge is supported by XRD and decreased impedance. XRD and EIS

support SEI formation during the plateau near 0.6 V, because the impedance

shows a decrease in charge transfer resistance, but MnO reflection intensities in

XRD show no change before and after this electrochemical feature.

2.3.2 Comparing Nonporous and Porous MnO

As described in the experimental section, MnO with connected porosity was

prepared by reducing Mn3O4, following the procedures described by Toberer

et. al.[38] The phase and morphology of Mn3O4 were assessed by XRD and

SEM. XRD and Rietveld refinement showed good agreement to sintered and

quenched Mn3O4 [Figure 2.5(a)] and reduction to MnO [Figure 2.5(b)]. SEM

shows macroscale porosity for Mn3O4 [Figure 2.6(a)] and smaller, secondary

pores 15 nm to 40 nm wide in the reduced MnO [Figure 2.6(b)]. The nanoscale

pores of MnO were evident at pellet surfaces and cross-sections, showing poros-

26



Figure 2.5: XRD and Rietveld refinement confirmed the phase purity of (a)

Mn3O4 prepared by solid state methods and (b) reduction to MnO by heat treat-

ment in flowing 5% H2/N2. XRD data is shown as black circles, the Rietveld fit

is shown in red, and the difference is shown in orange.
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Figure 2.6: SEM of (a) Mn3O4 prepared by solid state methods showed micron-

sized grains. (b) SEM after heating in flowing 5% H2/N2 shows pores and pore

walls 15 nm and 40 nm wide throughout micron-sized grains.
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ity was throughout the micron-sized grains. BET surface area and BJH pore size

distribution for MnO prepared by the methods employed here have been previ-

ously reported by Toberer et al. from N2 sorption measurements,[26] reporting

low surface areas between 1 m2 g−1 and 6 m2 g−1 with a pore size distribution

centered at 50 nm.[26] We find similar pore size distributions by N2 sorption

measurements, consistent also with observations by SEM.

Based on previous studies,[12, 39, 40] we expected the smaller domain sizes

and minor increase in surface area that accompany porosity to improve the ca-

pacity and capacity retention of the conversion reaction of MnO. We compared

the electrochemical performance of micron-sized grains of MnO [Figure 2.4(a)]

and MnO prepared by the reduction of Mn3O4 [Figure 2.4(c)]. Following, these

will be referred to as nonporous and porous MnO, respectively.

Composite electrodes of nonporous and porous MnO were prepared with

SuperP R© and PVDF and cast onto Cu foil. Electrodes were tested in coin cells

with 1 M LiPF6 in EC:DMC electrolyte against a Li metal anode. Galvanostatic

cycling was carried out at C/20, calculated based on the reaction of MnO with

2 moles of Li (Equation 2.1).[12]

The theoretical potential for the reaction of MnO with Li is 1.032 V vs.

Li/Li+.[41] We carried out GCPL with an upper potential limit of 3 V and a
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Figure 2.7: (a) The first three cycles of GCPL are shown for porous and non-

porous MnO cycled at C/20 between 0.2 V and 3 V. GCPL shows a large overpo-

tential on the first discharge for porous and nonporous MnO. (b) Capacity per

cycle is shown for porous and nonporous MnO, with discharge capacity shown

by open shapes and charge capacity shown by closed shapes. With these poten-

tial limits, porous MnO appears to cycle better than nonporous MnO. However,

(a) GCPL shows that neither cell achieved full discharge with this lower poten-

tial limit.
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lower potential limit of either 0.2 V or 0.01 V. The first three cycles of GCPL with

a lower potential limit of 0.2 V are shown in Figure 2.7(a) for porous and non-

porous MnO and capacity per cycle is shown in Figure 2.7(b). For the discharge-

charge profiles shown, electrodes had loadings of 5.6 mg cm−2 and 7.7 mg cm−2

of porous and nonporous MnO, respectively.

GCPL revealed a difference in the reaction potentials for porous and non-

porous MnO on the first discharge. For both porous and nonporous MnO, there

was a short plateau near 0.6 V associated with SEI formation, based on observa-

tions for nonporous MnO by in situ XRD and EIS and previous studies.[35, 36]

Beyond this short plateau, only negligible capacity was achieved for nonporous

MnO over a short plateau at 0.2 V. Porous MnO also had a plateau near 0.2 V,

but with an order of magnitude higher capacity.

In the second and third discharges of porous MnO, two plateaus were

present, one sloping from 0.5 V to 0.25 V and a second near 0.2 V that resem-

bled the first cycle discharge plateau. While two plateaus typically indicate two

distinct chemical processes, for porous MnO the difference in potential of the

two plateaus arises from microstructural, rather than chemical, differences in

the processes taking place. Conversion electrodes have large overpotentials on

the first discharge that result from the energy associated with nanostructural

evolution from initial particles to nanoscale domains of discharge products.[12]
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Since the theoretical capacity was not achieved on the first discharge and the

plateau did not end before the lower potential limit was reached, during the

second discharge (1) the sloping plateau at 0.5 V comes from the reduction of

active material that has already undergone reaction with Li in the first cycle and

(2) the plateau at 0.2 V is the reaction of previously unreacted MnO with Li,

with the same overpotential as the first discharge.

Nonporous MnO had negligible capacity in the first three cycles, with only a

small fraction of the active material reacting with Li. Galvanostatic cycling and

capacity per cycle number [Figure 2.7(a) and (b)] with a lower potential limit of

0.2 V suggest that porous MnO offers an advantage over nonporous MnO, with

first discharge capacities of 425 mAh g−1 and 25 mAh g−1 and capacities near

200 mAh g−1 and 25 mAh g−1 approaching 20 cycles, respectively.

The cycling of porous and nonporous MnO with a lower potential limit of

0.01 V (Figure 2.8) shed light on the differences observed between porous and

nonporous MnO cycled with a lower potential limit of 0.2 V (Figure 2.7). With

a lower potential limit of 0.01 V, the cycling and capacity per cycle of porous

and nonporous MnO were strikingly similar [Figure 2.8(a) and (b)]. For the

discharge-charge profiles shown, electrodes had loadings of 6.0 mg cm−2 and

10.7 mg cm−2 of porous and nonporous MnO, respectively. Porous MnO had

a first discharge capacity of 945 mAh g−1 and that of nonporous MnO was
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Figure 2.8: (a) The first three cycles of GCPL are shown for porous and non-

porous MnO cycled at C/20 between 0.01 V and 3 V. For porous and nonporous

MnO, there is a larger overpotential on the first discharge than in subsequent dis-

charges. There is also irreversible capacity for both porous and nonporous MnO.

(b) Gravimetric capacity per cycle is shown for porous and nonporous MnO. Dis-

charge capacity is shown with open shapes and charge capacity is shown with

closed shapes.
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865 mAh g−1. The first charge capacities for porous and nonporous MnO were

also similar, at 375 mAh g−1 and 360 mAh g−1, respectively. About 40% of the

capacity was lost with the first charge, similar to that observed for porous MnO

with a lower potential limit of 0.2 V (Figure 2.7).

A feature observed for porous and nonporous MnO regardless of lower po-

tential limit was a small plateau near 0.6 V during discharge, just as was seen

for in situ XRD of nonporous MnO [Figure 2.1(b)]. This feature is consistent

with SEI formation.[35, 36] On the first discharge with a lower potential limit

of 0.01 V, the theoretical capacity of MnO (756 mAh g−1) was exceeded for both

porous and nonporous MnO. The 0.6 V plateau in the first discharge contributes

25 mAh g−1 and 50 mAh g−1 for nonporous and porous MnO. Even taking this

into account, the observed capacity exceeds the theoretical. Additional capacity

may come from either storage by the conductive carbon additive or other elec-

trolyte decomposition processes at low potentials.[15, 35] The contribution of

SEI to capacity and its influence on other aspects of cycling appear to be sig-

nificant in transition metal oxides operating below 1 V and especially in those

that are mesoporous, with more surface area upon which SEI can form.[19, 21]

Although EIS experiments showed a decrease in charge transfer resistance fol-

lowing SEI formation (Figure 2.1 and Figure 2.3), the stability of the SEI with

cycling was unclear.
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With a lower potential limit of 0.01 V, there was a difference in the potential

of the first discharge plateau for porous and nonporous MnO [Figure 2.8(a)].

The first discharge plateau began at 0.22 V for porous MnO and at 0.15 V for

nonporous MnO [Figure 2.8(a)]. This explains the negligible capacity observed

for nonporous MnO with a lower potential limit of 0.2 V. As mentioned, a higher

overpotential is typically observed for the first discharge of conversion mate-

rials. The apparent benefit of mesopores to capacity for MnO cycled with a

lower potential limit of 0.2 V is simply an exaggerated manifestation of the de-

creased first discharge overpotential of porous MnO relative to nonporous MnO

(Figure 2.7). Ponrouch et. al saw a similar difference in overpotential with tem-

perature between NiO cycled at room temperature and at 150◦C.[42] For NiO,

the temperature had a similar effect to that observed here between nonporous

and porous MnO.

However, the difference in the first discharge overpotential does not explain

the similar performance for porous and nonporous MnO after the first cycle

with a lower potential limit of 0.01 V. Rather, by GCPL (Figure 2.8) any benefit

of porosity was lost beyond the first discharge. SEM of MnO electrodes pre- and

post-cycling showed significant microstructural changes for both nonporous and

porous MnO after 20 cycles (Figure 2.4). In Figure 2.4(a) and (c), we see initial

domain sizes on the order of microns for nonporous MnO and tens of nanome-
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ters for porous MnO. SEM showed that initially distinct porous and nonporous

MnO closely resembled one another after cycling; the micron-sized grains of

nonporous MnO were broken down into smaller domains and the small pores of

porous MnO were destroyed with repeated volume expansion and contraction

during cycling.

Similar observations have been made for the conversion reaction of Co3O4

with 10 nm pores (generated through templating) by two groups via ex situ TEM

and small angle X-ray scattering.[19, 24] These results of destroyed mesopores

in the first few cycles are in contrast to those of Dupont et. al for mesoporous

Cr2O3, for which porosity persisted through at least 40 cycles.[21] Regardless

of how long the structures lasted with cycling, for each mesoporous system the

capacity with cycling resembled that of its nonporous, micron-sized analogue

upon the loss of porosity.[19, 21, 24] Mesoporous Cr2O3 also had a decreased

overpotential relative to the bulk initially, but beyond the first cycle had the

same hysteresis as bulk Cr2O3.[21]

2.4 Conclusions

We find the electrochemical conversion reaction of MnO with Li to form X-

ray amorphous products. This is evidenced by the decreasing intensity of MnO
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reflections over the first discharge and the absence of any emerging peaks by in

situ XRD. EIS suggests SEI formation at 0.6 V and discharge products with lower

impedance than the initial phase. These observations support that presence of

disordered, rather than crystalline, discharge products that locally resemble Mn0

and Li2O. Charge products also appear amorphous, and less than 60% of the first

discharge capacity was recovered upon charge. We are unable to determine the

chemistry of the charge product(s) by XRD, but expect that they locally resemble

MnO.[7, 15]

We observe a higher capacity and lower overpotential on the first discharge

for porous relative to nonporous MnO. In the appropriate potential range, we

find strikingly similar cycling for nonporous and porous MnO. SEM reveals sig-

nificant mesoscale changes with cycling, including the destruction of mesopores.

While it is known that conversion electrodes undergo extensive changes at

the atomic and nanoscale, we find the nature of conversion also impacts the

mesoscale. Accordingly, mesoscale structures, such as porosity, do not yield the

same lasting benefits to conversion materials as as they afford in intercalation

and pseudocapacitor electrode materials.
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Chapter 3

Local Structure Evolution and

Modes of Charge Storage in

Secondary Li–FeS2 Cells

In the pursuit of high capacity electrochemical energy storage, a promising

domain of research involves conversion reaction schemes, wherein electrode

materials are fully transformed during charge and discharge. There are, how-

ever, numerous difficulties in realizing theoretical capacity and high rate capa-

1The contents of this chapter have substantially appeared in Reference 43: M. M. Butala,
M. Mayo, V. V. T. Doan-Nguyen, M. A. Lumley, C. Göbel, K. M. Wiaderek, O. J. Borkiewicz, K.
W. Chapman, P. J. Chupas, M. Balasubramanian, G. Laurita, S. Britto, A. J. Morris, C. P. Grey,
and R. Seshadri, Local Structure Evolution and Modes of Charge Storage in Secondary Li−FeS2

Cells, Chem. Mater. 29 (2017) 3070–3082.
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bility in many conversion schemes. Here we employ operando studies to un-

derstand the conversion material FeS2, focusing on the local structure evolution

of this relatively reversible material. X-ray absorption spectroscopy, pair distri-

bution function analysis, and first principles calculations of intermediate struc-

tures shed light on the mechanism of charge storage in the Li−FeS2 system, with

some general principles emerging for charge storage in chalcogenide materials.

Focusing on second and later charge/discharge cycles, we find small, disordered

domains that locally resemble Fe and Li2S at the end of the first discharge. Upon

charge, this is converted to a Li−Fe−S composition whose local structure reveals

tetrahedrally-coordinated Fe. With continued charge, this ternary composition

displays insertion-extraction behavior at higher potentials and lower Li content.

The finding of hybrid modes of charge storage, rather than simple conversion,

points to the important role of intermediates that appear to store charge by

mechanisms that more closely resemble intercalation.

3.1 Introduction

The disordered nature of products, as described in Chapter 1, contributes to

the difficulty of elucidating the mechanism of charge storage and makes aver-

age structure methods, including X-ray diffraction (XRD), ill-suited to the study
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of conversion systems.[7, 8] Rather, local structure methods, including pair dis-

tribution function (PDF) analysis and X-ray absorption spectroscopy (XAS), are

powerful in studying such systems.[34, 46, 47] A number of studies applying

PDF to Fe-based conversion electrode materials have greatly contributed to the

mechanistic understanding of conversion systems.[37, 45, 48–50] In particu-

lar, operando characterization provides valuable information about the charge

storage mechanism as the chemistry is occurring.

FeS2 has compelling performance relative to other conversion materials, in-

cluding transition metal oxides, and was originally investigated as a cathode

for high temperature batteries with molten salt electrolytes.[51, 52] It was later

studied for room temperature secondary batteries with organic electrolytes,[53,

54] with a focus on the mechanism of charge storage. A primary Li−FeS2 bat-

tery has since been commercialized by EnergizerTM.[55] Recent work by Shao-

Horn and coworkers revisited earlier mechanistic studies.[56] Near-theoretical

storage by FeS2 in an all-solid state cell operating at 60◦C has been reported

recently,[57] as have cells based on ionic liquid electrolytes.[58]

In pyrite FeS2, Fe2+ forms a face-centered cubic lattice with each Fe

octahedrally-coordinated by one S atom of a disulfide bond of the form S2−
2

[Figure 3.1(a)]. FeS2 can theoretically store 4 mol Li per formula unit, with a

complete first discharge (Equation 3.1):
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FeS2 + 4 Li+ + 4 e− → Fe0 + 2 Li2S (3.1)

FeS2 is not recovered on charge at room temperature,[61] and consequently

Equation 3.1 is representative of only the very first discharge. With some

exceptions,[46] including for FeS2,[62] mechanistic studies of conversion mate-

rials have typically focused on the first discharge or first cycle.[56, 63, 64] The

first discharge is unique from subsequent cycles and consequently, monitoring

structural evolution after the first discharge is essential to elucidating processes

representative of battery performance.

For FeS2, there is near consensus that an intermediate phase forms dur-

ing cycling. Pyrrhotite and other off-stoichiometry binaries are among those

proposed,[64–66] while other literature suggests a ternary Li−Fe−S intermedi-

ate stable over a range of Li compositions.[61, 62, 67] Among the postulated

ternary intermediates are those with layers of FeS6 octahedra with Li in the

Van der Waals gap [Figure 3.1(b)],[54, 68] layers of Li and Fe tetrahedrally-

coordinated by S between layers of LiS6 octahedra [Figure 3.1(c)],[59] or a

three-dimensionally connected, disordered structure with mixed and partial oc-

cupancies of Li and Fe tetrahedrally-coordinated by S [Figure 3.1(d)].[60]

We report new mechanistic and structural information about the reaction of
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Figure 3.1: (a) FeS2 (Pa3̄) consists of a fcc lattice of Fe atoms (green)

octahedrally-coordinated by disulfides, highlighted in yellow. Published

Li−Fe−S ternary phases proposed to be intermediate products during the cy-

cling of FeS2: (b) Li2FeS2 (P 3̄m1) with layers of FeS6 octahedra with Li (grey)

in tetrahedral sites between the layers,[54] (c) Li2FeS2 (P 3̄m1) with layers

of mixed occupancy Li and Fe tetrahedrally-coordinated by S,[59] and (d)

Li1.77Fe1.17S2 (P3) with mixed and partial occupancy (white) of Li and Fe in

corner-sharing tetrahedra.[60]
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FeS2 with Li based on operando and ex situ local structure methods. The na-

ture of the local structure of products at various states of charge is consistent

from complementary operando PDF and ex situ XAS data. Ternary structures

predicted by first principles calculations are in good agreement with the PDF

data of intermediate and charge products. The mechanism(s) of charge stor-

age for FeS2 depend(s) on cycling conditions including rate, temperature, and

electrolyte. We focus on later cycles, as stated earlier, and find for the applied

conditions dual mechanisms including (i) conversion between small, disordered

domains that locally resemble Fe and Li2S and a Li−Fe−S ternary local structure

with tetrahedrally-coordinated Fe at low potentials and high Li content and (ii)

insertion-extraction behavior of the ternary structure at high potentials and low

Li content.

3.2 Experimental and Computational Methods

3.2.1 Ex situ Cell Assembly, Cycling, and Sample Preparation

Cycling was carried out in Swagelok cells with loose-powder electrodes of

FeS2 (Alpha Aesar, 99.9%) and conductive carbon additive Ketjen Black (KB)

(AkzoNobel EC-600JD) in a 9:1 ratio by weight. Powders were ground in air
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with an agate mortar and pestle. 1 M LiPF6 in ethylene carbonate:dimethyl car-

bonate (EC:DMC) (1:1 ratio by volume) electrolyte and two Whatman glass

filter dryer (GFD) separators were used. Li metal served as both the counter

and reference electrode in these half-cells. Cells were assembled in an Ar-filled

glove box and cycled galvanostatically at a rate of C/40 (Q/10), calculated for

the theoretical reaction of FeS2 with 4 mol Li (per formula unit) in 40 h, with

potential limitations of 1 V and 3 V for discharge and charge, respectively. Cells

were cycled using a Bio-Logic VMP-3.

For ex situ total scattering and X-ray absorption spectroscopy (XAS), loose-

powder Swagelok cells were cycled to a specified potential or capacity. Cells

were disassembled in an Ar glove box and the cathode powder was collected,

washed with DMC, and dried under vacuum. For total scattering experiments,

washed powders were loaded into 1.2 mm diameter kapton tubes sealed with

epoxy at both ends. For XAS, powders were painted into homogeneous films on

kapton tape. All ex situ samples were prepared and transported under Ar.

3.2.2 First Principles Calculations

Structure prediction was performed using the ab initio random structure

searching (AIRSS) method.[69] For a given system, AIRSS initially generates

44



random structures, which are then relaxed to a local minima in the potential

energy surface (PES) using density functional theory (DFT) forces. By generat-

ing large numbers of relaxed structures it is possible to widely cover the PES of

the system. Based on general physical principles and system-specific constraints,

the search can be biased in a variety of sensible ways.[70] About 2200 Li–Fe–S

structures were generated by AIRSS at stoichiometries of x = 0.5, 1, 1.5, 2, 3

and 4 in LixFeS2.

AIRSS calculations were undertaken using the CASTEP DFT plane-wave

code.[71] The gradient corrected Perdew Burke Ernzerhof (PBE) exchange-

correlation functional [72] with spin-polarization was used in all calculations

presented in this work. The core electrons were described using Vanderbilt “ul-

trasoft” pseudopotentials,1 the Brillouin zone was sampled using a Monkhorst-

Pack grid [73] with a k-point spacing finer than 2π × 0.07 Å
−1

. The plane wave

basis set was truncated with a cut-off value of 350 eV.

The thermodynamical phase stability of a system was assessed by comparing

the free energy of different phases. From the available DFT total energy of a

given binary phase of elements A and B, E{AaBb}, it is possible to define a

1Pseudopotentials were generated by the CASTEP on-the-fly generator using the following
parameters: Li: 1—1.0—11—16—16—10U:20(qc=7)
Fe: 3—2.2—2.0—1.0—8—8—11—40:41:32(qc=5.5)
S: 3—1.8—3—6—6—30:31:32
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formation energy per atom as Equation 3.2:

Ef/atom =
E{AaBb} − aE{A} − bE{B}

a+ b
. (3.2)

The formation energies of each structure were then plotted as function of the

B element concentration, u = b/(a+ b), starting at u = 0 and ending at u = 1. A

convex hull was constructed between the chemical potentials at (u,Ef/atom) =

(0, 0); (1, 0) by drawing a tie line to join the lowest energy structures, which is

valid provided it forms a convex function. This construction gives access to the

0 K stable structure, as the second law of thermodynamics demands that the

(free) energy per atom is a convex function of the relative concentrations of the

atoms.

Average voltages for the structures lying on the hull were calculated from the

available DFT total energies. For two given phases on the hull, Ax1B and Ax2B

with x2 > x1, the following two-phase reaction is assumed as Equation 3.3:

Ax1B + (x2 − x1)A→ Ax2B. (3.3)

The voltage, V, is given by Equation 3.4:[74]
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V = − ∆G

x2 − x1

≈ − ∆E

x2 − x1

= −E(Ax2B)− E(Ax1B)

x2 − x1

+ E(A), (3.4)

where it is assumed that the Gibbs energy can be approximated by the internal

energy, as the pV and thermal energy contributions are small.[74]

The low energy structures obtained by the AIRSS search were refined with

higher accuracy using a k-points spacing finer than 2π× 0.03 Å−1 and an energy

cut-off of 800 eV with more accurate pseudopotentials (see SI). The DFT+U

approach implemented in CASTEP was used to correct self-interaction error in

the GGA by adding the U parameter to the d orbital of the transition metal.[75]

The U parameter can be chosen to assimilate any experimental band gap. U

parameters ranging from 2 eV to over 5 eV have been reported for first principles

calculations of various transition metal chalcogenides.[76–78] We have used a

value of Ueff = 4 eV, as was used for Li−Fe−S−O compounds,[79] which falls

within the range of reported U values.

3.2.3 X-ray Absorption Spectroscopy

Ex situ XAS at the Fe K-edge was carried out at 20-BM-B at the Advanced

Photon Source at Argonne National Laboratory for cells cycled at C/40, as de-

scribed above. Spectra were collected in transmission mode. The data was
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calibrated to 7.112 keV,[80] and normalized by aligning the E0 for each Fe foil

to a reference spectra. Data was deglitched, normalized, and averaged using the

open source program ATHENA.[81]

3.2.4 Operando Pair Distribution Function Studies

Operando total scattering experiments were carried out at 11-ID-B at the

Advanced Photon Source at Argonne National Laboratory. A Perkin-Elmer

amorphous Si-based area detector enabled rapid-acquisition of X-ray scat-

tering measurements with an X-ray wavelength of 0.2112 Å (≈58 keV). An

AMPIX electrochemical cell[82] was assembled in an Ar-filled glove box with

a free-standing pellet cathode composed of FeS2:graphite/VulcanC (1:1 by

weight):polytetrafluoroethylene (70:20:10 by weight). The free standing pel-

let cathode was about 160µm thick and 13 mm in diameter. The electrolyte was

1 M LiPF6 in EC:DMC in a 3:7 by volume, which soaked a GFD separator. Li

metal served as both a reference and counter electrode. The cell was galvano-

statically cycled with an applied current of 0.8722 mA and a C-rate of about

C/17, based on the reaction of 1 mol FeS2 with 4 mol Li in 17 h, and with po-

tential limits of 1 V and 3 V. Due to time constraints of beamtime and our interest

in characterizing later cycles in addition to the first discharge, operando studies

48



were carried out at a faster rate than other cycling discussed here.

The background contribution of the operando cell was collected using an

AMPIX cell assembled without the cathode. Experimental geometries were cal-

ibrated using CeO2 powder and Fit2D freeware.[83] Fit2D was also used to in-

tegrate collected 2D data, which was acquired once every thirty minutes. From

each set of integrated data, the real-space pair distribution function (PDF) was

calculated by a Fourier transform using PDFgetX2,[84] with the structure factor

taking into account the relative Li content based on a constant Fe:S ratio of 1:2

and with aQmax = 19 Å−1. PDFgui[85] was used to simulate PDFs and to fit data

to published and calculated structures. Similar data collection and processing

were carried out for ex situ PDFs. Principal component analysis (PCA) was used

to assess the local structure evolution during the first discharge. PCA was car-

ried out using Origin Pro (OriginLab, Northampton, MA, USA), which yielded

three significant principal components (PCs). Linear combinations were taken

of the raw PCs such that there was a single component at the beginning of the

reaction and a single component at the end of the reaction.[86] The weightings

for these revised PCs were evaluated with a least squares linear combination

analysis.
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3.3 Results

3.3.1 Electrochemical Cycling of FeS2

For the first several cycles of FeS2 unoptimized loose-powder Swagelok cells

in carbonate electrolytes, we saw surprising reversibility and coulombic effi-

ciency (Figure 4.2). The discharge-charge curves give clues about the mecha-

nism(s) of Li storage. For example, there is ambiguity as to the presence of

one or two plateaus in the first discharge [Figure 4.2(a)], which would suggest

either one or two reactions occur. This has been addressed in previous litera-

ture and the mechanism (one vs. two reactions) appears to depend on the rate

and/or temperature at which the cell is cycled.[56, 64]

It is typical for the first discharge plateau of conversion materials to occur

at lower potentials than in subsequent discharges.[6] The higher overpotential

on the first discharge is ubiquitous and has been attributed to the extra energy

associated with the creation of new interfaces of the many nano-scale domains

formed during the first discharge.[37, 45] There is also a contribution to the

difference in potential of the first and subsequent discharges that arises from

the difference in structure and composition of the first charge product from the

initial material. For FeS2 we saw a marked difference in both the potential
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Figure 3.2: (a) Discharge-charge curves for FeS2 at C/40 show good capacity

retention for a conversion material over the first five cycles. Broken lines indi-

cate later cycles, as numbered. (b) Capacity per cycle and coulombic efficiency

show surprising reversibility for the first five cycles.
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and character of the first discharge compared to later cycling. During the first

charge, there were two distinct plateaus separated by about 0.75 V. We observe

a sloped region between the plateaus that contribute nearly one-third of the

charge capacity. The features of the second discharge are more similar to those

of the first charge than the first discharge. This is suggestive of a distinct reaction

on the first discharge, which differs from subsequent cycles.

3.3.2 First Principles Calculations

About 2200 Li−Fe−S structures were generated by AIRSS for the reaction of

FeS2 with 1, 1.5, 2, 3 and 4 mol Li. While it is known that the discharge product

resembles a combination of Fe and Li2S after reacting with 4 mol Li, treatment

of multiple phases quickly becomes computationally expensive and so AIRSS

calculations over the range were carried out to yield descriptions as single phase

products. For the same reasons, the electrochemical curve is calculated based

on the pseudobinary phase diagram (Figure 3.3).

The formation energies of calculated structures are plotted as a function of

composition [Figure 3.3(a)]. Detailed information about the phases on the hull,

and several just above it, are provided in Table 3.1.

Among the structures included in Table 3.1 are two previously published
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Li2FeS2 phases shown in Figure 3.1. We found the P 3̄m1 with octahedrally-

coordinated Fe [Figure 3.1(b)] to be 0.110 eV/atom above the hull. For the

P 3̄m1 structure with sites half occupied by Li and Fe tetrahedrally-coordinated

by S [Figure 3.1(c)], two 1x2 supercells were adapted with different patterning

of Li and Fe on the sites, such that each is fully occupied by one or the other.

These supercells were found to have formation energies about 0.050 eV/atom

above the hull. While more rigorous methods would be needed to more accu-

rately provide the relative energies of the these published phases to the hull, this

would require computationally intensive efforts and have relatively low returns

for this study. As such, we provide these formation energies to show that from

a first pass, it is more likely that the MP or AIRSS phases, especially those in

Table 3.2, are descriptive of the cycling products.

Tie lines connect the minimum energy structures and end members, FeS2 and

Li, to create the convex hull. The hull represents the thermodynamic equilibrium

phases predicted to form as Li reacts with FeS2 in the simplification of the ternary

system to a pseudobinary. Assuming each phase transformation occurs as a two-

phase reaction upon lithiation, a potential curve was calculated for the lowest

energy structures [Figure 3.3(b)] using Equation 3.4.

We were not surprised to find differences between predicted and experi-

mental potential curves for the first discharge. We expect the plateau of the
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experiment to have a lower potential than was thermodynamically calculated

due to the overpotential associated with kinetics of the reaction, especially

the formation of many new surfaces during the nanostructuring that is well-

documented for conversion materials.[37, 45] Our experimental first discharge

is at only a slightly lower potential than the calculated electrochemical curve

[Figure 3.3(b)]. If treated as a true ternary, the combination of Fe and Li2S

would be energetically favorable to the predicted Li4FeS2. The predicted curve

is not in agreement with second and later discharges either because, as will

be discussed, the charge product is distinct from FeS2 and so a different phase

evolution occurs for the second and subsequent discharges.

Since batteries do not necessarily operate under equilibrium conditions, we

considered several metastable phases near the hull. Despite variations of the

relative stability, structures with similar structural motifs were near the hull for

a range of Li content (1 to 2 mol Li). As such, we considered structures with

Li:FeS2 ratios of 1:1, 1.5:1, and 2:1 in comparing the local structure measured

by PDF to predicted structures. FeS2 did not achieve theoretical capacity dur-

ing operando PDF studies, so for intermediate cycling products, we considered

structures with corresponding Li content. We chose to focus on those of the stoi-

chiometry Li3Fe2S4 (also referred to in the text as Li1.5FeS2), previously described

in Table 3.1. We also calculated the relative formation energies of selected struc-
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Figure 3.3: (a) Enthalpy per atom versus the fractional lithium concentration in

the Li−FeS2 system, simplifying the treatment of the system from a ternary to

a pseudobinary. The convex hull is constructed by joining the stable structures

obtained by the searches with tie lines. For further description of these phases,

see Table 1. (b) Based on the stable phases, a prediction of the potential curve

upon the first discharge involves several two-phase transformations: from FeS2

to Li2FeS2, from Li2FeS2 to Li3FeS2, and finally from Li3FeS2 to Li4FeS2.
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Table 3.2: Li3Fe2S4 structural formation energies, cell volumes and spin arrange-

ments using GGA+U correction with Ueff = 4 eV.

Relative formation Symmetry Volume Magnetic Ordering Structure origin

energy (meV/atom) (Å3/f.u.)

0 P21 176.5 AFM AIRSS

0.002 Pnma 178.2 FM MP*

0.003 P 1̄ 177.8 FM AIRSS

0.015 P21 174.9 FM AIRSS
∗ Derived from Materials Project ID:mp-768360[88]

tures at this composition when relaxed with DFT+U (Table 3.2).

The energetics of the system do not seem to change significantly after adding

the Ueff parameter. However, an average increase of 15% in the cell volume is

observed. The increment of the lattice parameters with increasing Ueff value

has been observed in other studies.[75, 90]

3.3.3 X-ray Absorption Spectroscopy

Ex situ Fe K-edge XAS was carried out at various states of charge to probe

the oxidation state and coordination of Fe during the cycling of the Li−FeS2

electrochemical system. Samples were prepared by stopping cells at a particular
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capacity or potential during the cycling of loose-powder Swagelok cells at C/40

(Q/10). For complex and non-equilibrium systems, such as conversion materi-

als, in situ and operando experiments are ideal for the most representative data.

However, we compared operando and ex situ PDF for similar states of charge and

saw good agreement between features of each (Figure 3.4), which gave us con-

fidence in the ex situ XAS. For both ex situ PDF and XAS, samples were prepared

just prior to experiments to minimize changes of the material between cycling

and measurements. Due to extreme disorder in these materials after cycling, we

focus on the near-edge energy range of the XAS data, rather than attempting

to carry out an analysis of the fine structure. The discharge-charge curves for

the first 1.5 cycles are shown in Figure 4.3(a) and are marked at each point a

cell was stopped for an ex situ measurement. The first discharge differs slightly

from that shown in Figure 4.2(a), which is due to cell-to-cell variation from the

non-optimized loose-powder cells employed. In this cell, a slight increase in

potential can be seen at about 2 mol Li; this could arise from the change in

the particle size upon lithiation, as the bulk particles are broken into smaller

domains.[8, 15] The XAS measured at each state of charge, and of FeS2 as a

reference, are shown for each half cycle [Figure 4.3(b), (c), and (d)].

During the first discharge, we observed a slight change of slope with the re-

duction of Fe2+ in FeS2. The product of the first discharge differed from bulk

58



Figure 3.4: (a) Ex situ discharge-charge curves for 1.5 cycles of FeS2 marked

at the potentials and capacities at which cells were stopped for ex situ PDF. (b)

Ex situ PDF at various states of charge are shown as dotted lines with operando

PDF at similar states of charge shown as solid lines. Only operando PDF was

measured halfway through the first discharge. Operando and ex situ data are in

good agreement.
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Figure 3.5: (a) Representative 1.5 cycles of galvanostatic cycling at C/40

marked at each potential or capacity at which a cell was stopped for ex situ

XAS. (b) The corresponding XAS for the first discharge, (c) the first charge, and

(d) the second discharge. FeS2 is plotted in each panel for reference.
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Figure 3.6: Select Fe K-edge XANES highlight the nature of the edge and pre-

edge peaks of (a) the discharge products and several standards and (b) charge

and near-charge products and ternary CuFe2S3 (F4̄3m) with a pre-edge peak that

corresponds to tetrahedrally-coordinated Fe.

Fe [Figure 3.6(a)], which is in part due to the incomplete reaction of FeS2 over

the first discharge. The nature of the XAS of the discharge product was also

impacted by the small domain size and disorder of Fe clusters that formed with

discharge. This has been observed for FeS2 by XAS previously and will be dis-

cussed in more detail in the PDF analysis and discussion sections.

The character of the post-edge, above 7.12 keV, changes from the pristine

material with reduction halfway through and at the end of the first discharge

61



[Figure 4.3(b)]. Over the first charge, the slope of the edge increases with

oxidation. Also, a more well-defined, sharper pre-edge peak emerges upon

charging to 1.9 V [Figure 4.3(c)], just beyond the lower potential plateau [Fig-

ure 4.3(a)]. This pre-edge peak grew during the rest of the charge process, over

which there were relatively minor changes to the edge and post-edge features

[Figure 4.3(c)]. The evolution of the post-edge during the slope and high po-

tential plateau of the electrochemistry could correspond to slight changes in the

local coordination of Fe, for example, bond distances and bond angles.

The evolution of the XAS over the second discharge was quite different than

that observed for the first discharge. Over the high potential plateau and the

sloped region (above 1.5 V), the edge remained quite similar and the post-edge

evolved slightly [Figure 4.3(a) and (d)]. Over the lower potential plateau, the

XAS saw a more pronounced change suggestive of the reduction of Fe [Fig-

ure 4.3(a) and (d)]. The second discharge product, similar to that of the first

discharge, differed from bulk Fe [Figure 3.6(a)], likely due to small domain sizes

of Fe. At these cycling conditions, there is ambiguity as to whether an interme-

diate phase forms on the first discharge. It has been previously reported to

vary with electrolyte, temperature, rate, and particle size.[56, 63, 64] The XAS

of the first and second discharge products were similar and resembled small

clusters of metallic Fe and, possibly, remaining FeS2 or a ternary structure [Fig-
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ure 3.6(a)].[91] Differences between the spectra of the discharge products and

the bulk Fe reference are likely a consequence of small clusters of Fe and local

disorder,[63] which we also see evidence of by operando PDF.

The difference of XAS evolution over the lower and higher potential plateaus

of the cycling was revealing about the mechanisms at play. There is clearly

conversion over the lower plateau, but relatively minor changes in the XAS at

higher potentials, suggesting a different mechanism of Li reaction in this po-

tential range, one with minimal changes to the local environment of Fe. The

similarity of the XAS at higher potentials suggests the products are structurally

similar. In previous work, Totir et al. interpreted the similarity of the Fe K-edge

to mean that S redox was predominant at higher potentials.[61] However, a

follow-up study using S K-edge XAS did not see clear evidence for oxidation

of S to disulfide.[67] These studies led Totir et al. to believe that the charge

product consisted of pyrrhotite (of the form FexSy) and S,[67] as had been pro-

posed by other work.[65] We find the XAS of the charge product to be distinct

from that of pyrrhotite [Figure 3.6(a)]. In particular, the pre-edge character of

XAS above the lower plateau is suggestive of tetrahedrally-coordinated Fe,[92]

similar to that of a cubanite (CuFe2S3, F 4̄3m)[93] standard [Figure 3.6(b)], in

which Cu and Fe are tetrahedrally-coordinated sites and Fe has an average 2.5+

oxidation state. Previous XAS studies of FeS2 that did not see a pre-edge peak
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were carried out using ether-based electrolytes, in which the electrochemical

behavior of S will vary.[64]

3.3.4 Operando Pair Distribution Function Studies

Operando PDF of a cycling Li−FeS2 cell was collected over the first 4.5 cycles

(Figure 3.7). On the first discharge, FeS2 reacted with Li over a single, sloping

plateau near 1.5 V, yielding a capacity of 2.6 mol Li [Figure 3.8(a)]. This differs

slightly from slower cycling in which it was unclear if one or two plateaus were

present on the first discharge [Figure 4.2(a)]. The general behavior and features

of the discharge-charge curves of the operando cell were similar to those seen in

the cycling of loose-powder Swagelok cells.

Over the first discharge, operando PDF shows a change in local structure from

FeS2 to Fe- and Li2S-like domains [Figure 3.8(b)]. PCA was carried out to dis-

cern if intermediate local structures evolved during the first discharge. By PCA

and linear combination transformations to satisfy criteria, as described by Chap-

man et al.,[86] we determined three significant PCs. The first PC is FeS2 and

matches the pattern before cycling [Figure 3.8(b)(i)]. The second PC is repre-

sentative of the product of the first discharge, which resembles Fe and Li2S [Fig-

ure 3.8(b)(ii)]. The third PC forms intermediately and is then consumed. This
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Figure 3.7: Operando galvanostatic cycling in an AMPIX cell is similar to cycling

in loose-powder Swagelok cells. Increasingly broken lines correspond to later

cycles, as labeled.

65



third PC does not resemble the ternary local structures observed in later cycles,

but does have some features in common with the product of the fifth discharge.

The PCs and the percentages in which they appear over the first discharge can

be found in Figure 3.9 and Figure 3.10, respectively. For the discharge product,

the intensity of peaks at even 14 Å was low, indicating poor long-range order, as

is expected for conversion materials.[37, 45] Further analysis of the discharge

product will be discussed in following sections.

The first charge took place over two plateaus and a sloped region between

them and achieved a charge capacity of about 2.3 mol Li (Figure 3.11). The

first plateau [Figure 3.11(a)(ii) to (iii)], near 1.9 V, contributed 1 mol Li to the

capacity and the second [Figure 3.11(a)(iv) to (v)], at about 2.5 V, contributed

0.7 mol Li. Between them, the sloped region [Figure 3.11(a)(iii) to (iv)] con-

tributed a non-negligible 0.6 mol Li. Over the first charge, there was a con-

version from the Fe- and Li2S-like domains [Figure 3.11(c)(ii)] to another lo-

cal structure [Figure 3.11(c)(v)] distinct from both FeS2 [Figure 3.11(b)(i)] and

the first discharge product [Figure 3.11(b)(ii)]. Above the lower plateau [Fig-

ure 3.11(a)(iii) to (v)], the first three major peaks between 1.5 Å and 5 Å, shifted

to lower r. As was observed for the first discharge product, the higher r peaks

decreased in intensity, indicating a decrease in long-range order.

We found electrochemical features during the second discharge similar to
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Figure 3.8: (a) The first 1.5 cycles of operando electrochemistry at ≈ C/17. (b)

The corresponding PDFs for the first discharge show conversion of (i) FeS2 to

(ii) Fe- and Li2S-like products. The PDF also shows a decrease in crystallinity

with cycling by the decreased intensity of peaks beyond 6 Å.
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Figure 3.9: By PCA, three PCs were identified. The PCs underwent transforma-

tion to satisfy the necessary criteria and resulted in the three PCs here.[86] PC1

is representative of the PDF collected before cycling of FeS2 in the composite

cathode used in operando scattering. PC2 is representative of the first discharge

product, which resembles a combination of disordered Fe clusters and Li2S. PC3

forms intermediately; while there is no clear structure to which this can be as-

signed, it has some features in common with the fifth discharge product, which

is also shown.
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Figure 3.10: The percent of the identified PCs (shown in Figure 3.9) in each

PDF collected during the first discharge was determined by linear combination

analysis. This shows that PC2 and PC3 begin to form early in the discharge at

the expense of PC1 (FeS2). As the end of the discharge is approached, PC1 and

PC3 are both consumed in favor of PC2.
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Figure 3.11: (a) First 1.5 cycles of operando electrochemistry at ≈ C/17. (b)

PDF of the FeS2 before cycling. (c) The PDFs for the first charge show conversion

of (ii) discharge products (Fe- and Li2S-like domains) to (iii) an intermediate

phase and then [(iii) to (iv)] the shifting of pairwise interactions to lower r over

the sloped region and (iv) the high potential plateau with continued charging.

The local structure shows that [(c)(v)] the charge product has much less long-

range order and is not FeS2 [(b)(i)].
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those of the first charge, with plateaus near 2 V [Figure 3.12(a)(v) to (vi)] and

1.5 V [Figure 3.12(a)(vii) to (viii)] and a total discharge capacity of about 2.2

mol Li. During the second discharge, the local structure initially evolved with

the shifting of low and moderate r peaks to higher r [Figure 3.12(b)(v) to (vii)],

followed by a change of the local structure to resemble the first discharge prod-

uct [Figure 3.12(b)(vii) to (viii)].

Considering the first 1.5 cycles of operando PDF together, a few key observa-

tions can be made. Similar to XAS, PDF showed that the discharge products lo-

cally resembled Fe and Li2S [Figure 3.8(b)(ii) and Figure 3.12(b)(viii)] and that

FeS2 [Figure 3.8(b)(i)] was not recovered on charge[Figure 3.11(b)(v)]. The

shifting of peaks during the first charge and second discharge (as well as dur-

ing subsequent cycles) suggests the charge product is structurally similar to an

intermediate. This is in line with the minor changes of the post-edge of XAS

in this regime of potential and Li content. In the high potential regime of the

second discharge, we propose there is some storage of Li by a host structure by

an insertion-extraction mechanism at lower Li content, followed by conversion

to Fe- and Li2S-like domains at higher Li content and lower potentials. Further

analysis of discharge, charge, and intermediate products are discussed in greater

detail following.
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Figure 3.12: (a) First 1.5 cycles of operando electrochemistry at≈ C/17. (b) The

corresponding PDFs for the second discharge suggest a similar mechanism as the

first charge, which is distinct from the first discharge. [(v) to (vi)] Over the high

potential plateau and [(vi) to (vii)] the sloped region, there is an increase in the

pairwise interaction lengths with reduction, an expansion of the local structure,

suggestive of Li insertion into a host structure. [(vii) to (viii)] Over the low

potential plateau, at about 1.5 V, there is a conversion to (viii) Fe- and Li2S-like

products, similar to [Figure 3.8(b)(ii)] the products of the first discharge.
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Pair Distribution Function Analysis of Intermediate Ternary Products

Several structures have been proposed to form during the cycling of FeS2.

Among those are phases hypothesized to accommodate a range of Li content

and, accordingly, store charge by a Li insertion-extraction mechanism at high

potentials and low Li content. We also see evidence for this mechanism in our

study. By the analysis of operando PDF, we elucidate new information about the

local structure of the ternary intermediate and a related charge product.

Among the calculated and published ternary Li−Fe−S phases we consid-

ered, there were a number of local structural motifs present. At the smallest

correlation distance, we saw a difference of Fe octahedrally- or tetrahedrally-

coordinated by S in the simulated PDF. Fits to intermediate cycling products

(collected at 1.56 V and 1.3 mol Li, along the sloped region of the second dis-

charge) show that published Li2FeS2 with FeS6 octahedra[54] does not capture

the features of the measured PDF as well as structures with FeS4 tetrahedra (Fig-

ure 3.13). This is consistent with the pre-edge peak in XAS at these potentials,

which is indicative of tetrahedrally-coordinated Fe (Figure 4.3).

To analyze the PDF of the intermediate and related charge products of cy-

cling, we focused on PDF measured over the sloped region of the second dis-

charge at 1.74 V with about 1.2 mol Li. Since the full capacity was not achieved
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Figure 3.13: (a) Operando PDF at 1.56 V and 1.3 mol Li during the second

discharge and fits of several Li−Fe−S ternaries and (b) the difference curves

between the measured and fit PDF. P1̄ Li1.5FeS2 has a combination of edge- and

corner-sharing FeS4 tetrahedra and P21 Li1.5FeS2 has chains of edge-sharing FeS4

tetrahedra. Published Li2FeS2,[54] with Li between layers FeS6 octahedra is not

well-fit to the intermediate cycling products. The calculated structures with

tetrahedrally-coordinated Fe are in much better agreement with the local struc-

ture of the intermediate cycling product.
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and calculated structures at various compositions had similar local motifs, we

considered several metastable calculated phases at the composition Li1.5FeS2

with FeS4 tetrahedra (Figure 3.14). The metastable Li1.5FeS2 structures con-

sidered generally consist of Li between 1D or quasi-1D chains of FeS4 tetrahe-

dra, each with a unique local motif beyond the first coordination shell. The

P 1̄ structure [Figure 3.14(a)] consists of disrupted corrugated chains, which

meet to form a group of four corner-sharing tetrahedra, referred to hereafter

as a “tetrad” motif [Figure 3.15(i)] (GGA+U structure used, see Table 3.2).

The P21 structure [Figure 3.14(b)] has edge-sharing FeS4 tetrahedra that ar-

range as corrugated chains [Figure 3.15(ii)], with Li between them (by PBE,

see Table 3.2). The Pnma phase [Figure 3.14(c)] has linear chains of edge-

sharing FeS4 tetrahedra [Figure 3.15(iii)] (derived from Materials Project,[88]

relaxed by PBE, see Table 3.2). Among the other calculated structures with

tetrahedrally-coordinated Fe, each had one of these three motifs.

We fit the three representative structures shown in Figure 3.14 to an inter-

mediate product along the slope of the second discharge at 1.74 V and 1.2 mol

Li. The data was fit between 1.5 Å and 5.5 Å and lattice parameters, non-special

angles, a correlated motion parameter (delta1 in PDFgui), and the Uiso of each

atom were refined in a single-phase fit with a nanoparticle size (the parameter

spdiameter in PDFgui) of 40 Å. It is important to note that the “tetrad” phase
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Figure 3.14: Several structures with the composition Li1.5FeS2 with

tetrahedrally-coordinated Fe from AIRSS calculations. (a) Li1.5FeS2 with P 1̄

symmetry has both edge- and corner-sharing FeS4 tetrahedra (GGA+U). (b)

Li1.5FeS2 with P21 symmetry has corrugated chains of edge-sharing tetrahedra

(PBE), and (c) Li1.5FeS2 with Pnma symmetry has linear chains of edge-sharing

tetrahedra (derived from Materials Project, relaxed by PBE).
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has the more complex local structure and the lowest symmetry; this enables re-

finement of more Fe−Fe correlation distances and parameters that contribute to

the goodness of fit of this local motif to measured PDF.

Fitting over this small range, on the same length scale of the structural mo-

tifs, gave good fits with small difference curves (Figure 3.15). While the cor-

rugated and linear chains [Figure 3.15(ii) and (iii)] fit the local structure quite

well [Figure 3.15(b) and (c)], there are still several correlations not completely

captured by these motifs. Both the fit and the nature of the difference curve

show the tetrad structural motif (in the P 1̄ phase) best models the local struc-

ture of the measured PDF [Figure 3.15(i) and (a)]. The low symmetry of the P 1̄

structure and the corresponding larger number of refined parameters undoubt-

edly contribute to the goodness of fit to the measured data. This structure also

has the most variety of connectivity, with both edge- and corner-sharing tetra-

hedra, which enables it to fit the local structure. When refined to higher r, the

overall quality of fit decreases, which suggests the local and average structures

are different. In particular, it appears that the local structure resembles the local

motifs described by the calculated phases, but there is insufficient correlation

of these units to give a periodic structure. We carried out fits to the three pub-

lished structures (shown in Figure 3.1 and described above) with similar fitting

conditions as the calculated structures and less satisfactory fits (Figure 3.16).
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Figure 3.15: Fits of three calculated structures with the composition Li1.5FeS2

with tetrahedrally-coordinated Fe to data collected at 1.74 V and 1.2 mol Li

during the second discharge and various local structure motifs. (a) Li1.5FeS2

with P 1̄ symmetry has both edge- and corner-sharing FeS4 tetrahedra, which

we refer to as (i) a “tetrad”. (b) Li1.5FeS2 with P21 symmetry has (ii) corrugated

chains of edge-sharing tetrahedra. (c) Li1.5FeS2 with Pnma symmetry has (iii)

linear chains of edge-sharing tetrahedra.
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Figure 3.16: Fits of published ternary intermediate phases to PDF measured

about halfway through the second discharge, at a potential of 1.74 V and 1.2

mol Li. Fitting was performed in the range of 1.5 Å to 5.5 Å and then applied

to higher r for (a) Li2FeS2 (P3̄m1) with Li between layers FeS6 octahedra,[54]

(b) Li2FeS2 (P3̄m1) with Li between layers of mixed occupancy LiS4 or FeS4

tetrahedra,[59] and (c) Li1.77Fe1.17S2 (P3) with mixed and partial occupancy

LiS4 and FeS4 corner-sharing tetrahedra.[60]
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Of the local structures considered, the tetrad motif present in the Li1.5FeS2

with P 1̄ symmetry gave the best local fit. Accordingly, this is a possible structural

unit in the intermediate products. However, there could be a variety of local

motifs contributing to the measured PDF. From PDF and XAS, we know the

local structure of the intermediate and charge products are similar. By fitting

the P 1̄ structure to 15 Å at various states of charge above the lower potential

plateau, on both the first charge and second discharge, we see many of the

features are captured (Figure 3.17 and Figure 3.18). It is important to note that

the average structure is not well-defined by the P 1̄, or any other, of the phases

we considered; when we extend the good local fit for the tetrad motif to even

15 Å, the overall fit is not as good (Figure 3.17).

Pair Distribution Function Analysis of Discharge Products

By XAS,[15, 61, 62] transmission electron microscopy,[37, 45, 94] and 26Fe

Mössbauer,[63] among other methods, researchers have previously found that

the metal formed during the discharge of conversion electrodes tends to occur

as disordered clusters of metal atoms on the order of 10 Å to 50 Å in diameter.

Deviations of the structure of nanoparticles from the bulk structure has been

observed for several systems, including gold nanoparticles.[95]
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Figure 3.17: Operando PDF at various states of charge during the first charge

are fit to symmetry (calculated with +U, described in the text) between 1.5 Å

and 15 Å. Fit at (a) 2.0 V with 1.4 mol Li, (b) 2.45 V with 1 mol Li, and (c) 2.49 V

with 0.7 mol Li.
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Figure 3.18: Operando PDF at various states of charge during the second dis-

charge are fit to calculated Li1.5FeS2 with P1̄ symmetry (calculated with +U, de-

scribed in the text) between 1.5 Å and 15 Å. Fits were carried out for operando

PDFs collected at (a) 2.9 V with 0.3 mol Li, (b) 2.0 V with 0.8 mol Li, and (c)

1.7 V with 1.2 mol Li.
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As previously mentioned, for FeS2 the first and second discharge products

locally resembled Fe and Li2S. Upon a closer look we found equilibrium body-

centered cubic (bcc) Fe did not fully capture the local structure of the first dis-

charge product (Figure 3.19), which has been previously observed for other Fe-

based conversion electrode materials.[48, 50] Comparing the PDF of the first

discharge product to a two-phase fit of Li2S and bcc Fe, bcc Fe contributes an ex-

tra peak at 5.6 Å and does not capture the peaks at 6.3 Å and 8.7 Å (Figure 3.19).

From similar comparisons to the local structure of face-centered cubic and body-

centered tetragonal Fe, we found these local structures were not a good match

to the measured PDF. We also compared the local structure of the first discharge

to hexagonal close-packed (hcp) Fe, which was close, but like bcc Fe had extra

or missing peaks (Figure 3.19); hcp Fe captured the peaks at 6.3 Å and 8.7 Å that

bcc Fe was missing, but had extra features at 3.6 Å and 5.6 Å.

To better model the local structure, we employed a supercell of bcc Fe whose

atomic positions were perturbed from their ideal sites, using the RMCProfile

software suite.[96] A 3×3×3 supercell of 54 atoms was generated from a single

unit cell of Im3̄m (bcc) Fe with Fe in the 2a Wyckoff site at (0, 0, 0). Atoms were

allowed to translate a maximum of 0.01 Å per move and a minimum approach

distance of 2.46 Å was applied, employing approximately 5×106 Monte Carlo

moves. The relaxation yielded a local structure that offered a good compromise
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Figure 3.19: (a) Two-phase fits of the local structure of the first operando dis-

charge product to Fe and Li2S and (b) difference curves. Data is shown as black

circles and fits and difference curves as solid lines. Fe with a cluster size of 10 Å

was used for each fit. The data is best fit by Li2S and Fe from the RMC relaxation

of a supercell of bcc Fe. The hcp Fe has strong peaks near 3.6 Å and 5.6 Å that

are not observed by experiment. The bcc Fe has fewer extra peaks than hcp, but

is missing a peak near 6.3 Å that is captured by the RMC and hcp Fe.
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between bcc and hcp Fe (Figure 3.19). The structure produced by the simulation

was then used in a two phase fit of the discharge product with Li2S as the sec-

ond phase. In combination with Li2S, the disordered Fe, with an approximate

cluster diameter of 10 Å to 12 Å (set as spdiameter in PDFgui[85]), captures

the dominant features of the first discharge product in the range of 1.5 Å to 15 Å

[Figure 3.20(a)]. We know from previous work that the diameter of a parti-

cle or cluster will relate to the damping of the signal from that material in the

PDF.[95] For these fits, the lattice parameters and Uiso of all atoms were refined.

Visualization of the initial bcc Fe supercell and the disordered Fe structures are

available in Figure 3.22.

The local structure of the first, second, and third discharge products were

similar [Figure 3.21(a)], and can therefore be described by clusters of disor-

dered Fe and Li2S. The PDF of the fourth and fifth discharge products were

different than the previous and better described as a combination of hcp Fe and

Li2S. A two-phase fit of the fifth discharge product with about 20 Å diameter

clusters of hcp Fe and Li2S model the local structure well [Figure 3.20(b)]. This

analysis of the discharge products does not preclude other species that may be

present in small amounts.

It appears that Fe clusters grow with subsequent discharges, possibly as the

crystallinity of the system decreases with each cycle, which could enable in-
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Figure 3.20: (a) Two-phase fit of the first discharge and contributions from each

phase: disordered Fe from the relaxation of a bcc Fe supercell with a particle

diameter of 10 Å and Li2S with a particle diameter of 60 Å. (b) Two-phase fit

of the fifth discharge and contributions from each phase: hcp Fe with a particle

diameter of 20 Å and Li2S with a particle diameter of 60 Å.
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Figure 3.21: (a) PDFs of the first through fifth discharges of FeS2 show changes

in the local structure with cycling. The first through the third discharge prod-

ucts are similar, corresponding to clusters of disordered Fe and Li2S locally.

The fourth and fifth discharge products have a different local structure, bet-

ter matched to small clusters of hcp Fe and Li2S. The fits of the first and fifth

discharge products can be found in Figure 3.20. (b) PDFs of the first through

fourth charge products show similar local structures.
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Figure 3.22: (a) 3×3×3 unit cells of equilibrium Im3̄m (bcc) Fe (crystal infor-

mation file from ICSD entry 52258).[97] (b) 2.5×2.5×3 unit cells of P63mmc

(hcp) Fe (crystal information file from ICSD entry 53450).[98] (c) Disordered

Fe generated using a 3×3×3 supercell of bcc Fe.
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creased Fe diffusion. Despite the evolution of the discharge product with cycling,

there are only minor changes to the charge product [Figure 3.21(a)]. Despite

the apparent growth of clusters and their resemblance to hcp Fe at discharge in

later cycles, the cluster formation appears to be mostly reversible, as no major

changes are evident in the four charge products over which PDF was collected

[Figure 3.21(b)].

3.4 Discussion

By a combination of first principles calculations, operando PDF, and ex situ

XAS, we bring new insight to the local structure evolution at the cathode in

Li−FeS2 cells. We make a point of examining later cycles in addition to the

first discharge to understand the processes most representative of the system.

In the cycling of micron-sized particles of FeS2 at room temperature at C/17

in carbonate electrolyte, we observed conversion to Fe- and Li2S-like domains

during the first discharge by operando PDF. On the first charge we observed a

conversion from Fe and Li2S to an intermediate, ternary local structure over the

lower potential plateau. With continued oxidation, the low r peaks shift, rather

than forming a new local structure. The shift of these peaks with oxidation

and reduction corresponds to the expansion and contraction of bond lengths
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and, consequently, cell parameters with cycling, suggestive of a Li insertion-

extraction mechanism (similar to the intercalation of Li for Li1−xCoO2) above the

lower potential plateau between the ternary intermediate and a related charge

product. Ex situ Fe K-edge XAS also shows only minor changes above the lower

potential plateau. An insertion-extraction regime has been proposed in previous

reports and our operando PDF enables visualization of this mechanism.

The combination of operando PDF and ex situ XAS also allows us to expand

upon hypothesized phases to describe the intermediate, ternary local struc-

ture and the related charge product. The pre-edge feature in Fe K-edge XAS

and the first correlation peak in PDF indicate an intermediate product with

tetrahedrally-coordinated Fe. The tetrahedral features persist in both the PDF

and XAS for all electrochemistry above the lower potential plateau. The combi-

nation of this data is in contrast to previous literature that suggests octahedral

coordination of Fe by S, either in ternary phases or in off-stoichiometry FexSy

pyrrhotite.[64, 65, 67] However, pyrrhotite has primarily been reported for

ether-based electrolytes, in which S electrochemistry and solubility are known

to differ and could impact the structural evolution. For our study in a carbonate-

based electrolyte solution, we see a poor fit of phases with FeS6 octahedra to our

data (Figure 3.13).

There are previously proposed ternary phases with FeS4 tetrahedra [Fig-
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ure 3.1(c) and (d)], however, we found the local structure of these phases be-

yond the first coordination shell were not a good fit to measured PDF (Fig-

ure 3.16).[59, 60] To further explore the local structure, AIRSS was employed

to predict a library of ternary structures with various local motifs. We found

reasonably good fits for those motifs with linear or corrugated chains of edge-

sharing FeS4 tetrahedra at intermediate states of charge. The best local fit, how-

ever, was for a “tetrad” motif, which has both edge- and corner-sharing FeS4

tetrahedra. All three motifs capture most of the local features of the intermedi-

ate PDF well, but none have great agreement to the average structure, indicating

there is poor correlation at higher r. It is well-known that conversion systems

lack long-range order, making our findings consistent with previous reports on

conversion systems.[7, 8, 37]

The collection and analysis of PDF over 4.5 cycles allows a unique opportu-

nity to relate structure and performance. We see over the five discharge prod-

ucts an increase in the size of Fe clusters, modeled in fits as spdiameter. As

the clusters grow, there is also a change from disordered Fe to a local structure

resembling hcp Fe. The larger diameter could enable the lower energy, more

ordered Fe structure. Previous studies suggest that Fe-based conversion systems

show favorable reversibility relative to Cu-based analogues due in part to the

smaller size of Fe particles formed, with the cluster size limited by the diffu-
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sivity of the metal during discharge.[37] The combination of small angle X-ray

scattering and PDF has been previously employed by Wiaderek et al. to reveal

a dependence of cluster size on anion chemistry for Fe-based conversion elec-

trodes, with fluorides forming larger particles than oxides (35 Å compared to

20 Å).[50] For FeS2, we find Fe clusters for the first discharge on the order of

10 Å in diameter. Combining the results of the study by Wiaderek et al. with this

one,[50] it is possible that nanoparticle size varies with anion electronegativity.

However, it is unclear if this trend is exclusively applicable to Fe-based materials

or is more general. Other factors, such as the degree of ionicity or covalency of

bonds, could be at play in the impact of anion chemistry on metal cluster size.

Despite the evolution in the discharge products, the first four charge products

remain quite similar, even as the charge capacity fades slightly. Operando PDF

at later cycles could further inform failure mechanisms for this system.

The intriguing difference between FeS2 and a number of other conversion

systems is the dual modes of storage. FeF2,[45] MnO,[8] CuF2,[34] and many

others store Li by a single conversion step. In isostructural pyrite CoS2, which

does have multiple reactions, the observed intermediate products are a com-

bination of Li2S and Co−S binaries.[99] We present here strong evidence that

the cathode of an Li−FeS2 cell operates by two different mechanisms beyond

the first discharge under cycling conditions similar to those employed here. At
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slower rates or higher temperature, the first discharge can involve an interme-

diate product, but this would be two conversion steps, rather than the pairing

of insertion-extraction and conversion reactions. The combination of insertion-

extraction and conversion seen in the second and subsequent cycles of FeS2

system are similar to observations for VS4, which on charge undergoes conver-

sion from V clusters and Li2S to a ternary Li3+xVS4 structure that is stable over a

range of Li content, and so then undergoes an insertion-extraction mechanism

from the host structure at higher potentials.[46] The reversible behavior of FeS2

could arise from the two types of charge storage mechanisms that occur.

3.5 Conclusions

This examination of the Li−FeS2 secondary energy storage system provides

new insights into the previously studied cycling mechanism at slow rates, room

temperature, and in a carbonate-based electrolyte by operando PDF and ex situ

K-edge XAS. During the first discharge, FeS2 undergoes conversion to Fe- and

Li2S-like domains under these cycling conditions. Initially, the Fe clusters are

disordered, not quite resembling bcc or hcp Fe. In continued cycling, the Fe

clusters grow and the local structure more closely resembles hcp Fe, possibly

stabilized as the diameter of metal clusters increases.
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The first charge product is not FeS2, and consequently, the second discharge

follows a different evolution of local structure than the first. The first charge

occurs as two steps: (i) conversion between Fe- and Li2S and a ternary interme-

diate over the lower plateau and (ii) an insertion-extraction reaction with a host

structure over the higher potential slope and plateau. The Li insertion-extraction

is evidenced in the PDF by the shifting of low r peaks in real space, correspond-

ing to expansion/contraction of the structure as bond lengths increase/decrease

with reduction/oxidation. The related intermediate and charge products have

tetrahedrally-coordinated Fe. We suggest several structures with local motifs

that capture the low r features of the measured PDF well and describe the local

structure of the intermediate cycling products. The second discharge appears to

follow the same steps as the first charge in the reverse order. We hypothesize

that the hybrid modes of storage – insertion/extraction and conversion – could

be important in identifying promising candidates for next-generation, high ca-

pacity electrode materials.

In addition to our contribution to the understanding of FeS2 as a conver-

sion electrode, we also show effective methodology for investigating dynamic

and disordered systems, including conversion reaction electrode candidates. We

especially highlight the utility of combined computational and local structure

methods. Further, we show that the application of operando methods and struc-
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tural characterization well beyond the first discharge reveal useful insight into

the mechanisms of charge storage and even cell failure. This work also con-

tributes to the literature on conversion electrodes by characterizing the mech-

anisms of a relatively reversible system. Mechanistic studies with advanced

characterization methods permit the identification of general rules for more re-

versible candidates, toward realizing the promise of conversion reaction systems

for electrochemical energy storage.
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Chapter 4

Operando Local Structure Studies

Reveal the Origin of Capacity Fade

in the Li−CoS2 System

The desire for high energy density alternatives to Li-ion batteries drives inter-

est in systems without the inherent capacity limits of the intercalation electrode

materials that enable current commercial devices. Among the alternatives are

electrode materials that store charge by conversion and have theoretical capaci-

1Vicky V.T. Doan-Nguyen, Anna J. Lehner, Claudia Göbel, Margaret A. Lumley, Shiri Arnon,
Kamila M. Wiaderek, Olaf J. Borkiewicz, Karena W. Chapman, Peter J. Chupas, Ma-
halingam Balasubramanian, and Ram Seshadri have contributed to the contents of this
chapter.
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ties three to five times larger than the usable capacity of commercial electrodes.

However, the vast structural changes that enable high theoretical capacity con-

tribute to issues of inefficiency and short cycle life. To address the cycling issues

of conversion systems, we study the local structure evolution of the cathode

active material in Li−CoS2 cells. Through combined ex situ X-ray absorption

near-edge spectroscopy and pair distribution function analysis from operando

total scattering, we describe the reactions that take place over the first 1.5 cy-

cles and identify the irreversible formation of a Co9S8-like local structure with

significantly limited electrochemical activity as the primary source of capacity

fade.

4.1 Introduction

The wide variety of chemistries that can store charge through conversion re-

sults in variations of how the reaction(s) takes place between materials, includ-

ing differences in reversibility, hysteresis, and the nature of intermediate(s),

among other factors that impact performance. For example, Wiaderek et al.

found differences in the size of the Fe clusters formed at discharge based on

the identity of the anion, X.[50] An additional complexity of these systems is

that the original compound does not reform upon charge,[7, 15] with possi-
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bly one exception, RuO2, as reported based on ex situ selected area electron

diffraction.[101]

These types of findings are useful on their own, but deriving more general

rules about how various conversion materials store charge is needed to under-

stand and select promising conversion materials. One approach to do this is

through thorough structural characterization of the cycling products at vari-

ous states of charge, for which local – rather than average – structure methods

are needed, as initially crystalline active materials lose long-range order dur-

ing the first cycle.[7, 8, 102] Given the vast library of compounds that can

store charge by conversion, applying such local structure methods to isolate

the impact a single variable drives an understanding of how that variable im-

pacts performance. For example, considering related materials with the same

structure, anion, cation, etc., and comparing the evolution of phases improves

our understanding of the impact of each variable, and their interactions, on

cyclability.[37, 46, 50, 103] This approach has not been employed to address

isostructural TM sulfides, to our knowledge. This prompted us to revisit and

compare the structural evolution of isostructural FeS2 and CoS2. We have re-

cently published the results for FeS2,[43] and present a complementary study

here for CoS2. Through X-ray absorption near-edge spectroscopy (XANES) and

pair distribution function (PDF) analysis, we describe the structural evolution,
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shedding light on the role of structural evolution in determining cycling behav-

ior.

FeS2 and CoS2 have previously been studied for high-temperature molten-

salt batteries, with some studies that address phase evolution during cycling at

350◦C and above.[51, 52, 99, 104] At these temperatures, FeS2 and CoS2 are

expected to react with Li through equilibrium reactions found on ternary phase

diagrams, involving the formation of Li2S and reduction of to lower oxidation

state sulfides,[51] for example Fe3S4 and Co3S4, until M and Li2S are formed

with complete discharge.

FeS2 has been more heavily studied than CoS2 and has been reported to have

compelling performance at room temperature and slightly elevated tempera-

tures (≈60◦C) enabled by ionic liquid and solid electrolytes.[57, 58] The pre-

dominant strategy to improve performance of CoS2 involve particle engineering

and the addition of specialty carbons to realize useful capacity.[105–108] Even

so, these reports see significant irreversible capacity in the first cycle and do not

address the contributions of conductive carbon additives and electrolyte decom-

position reactions to observed capacity, which have been found to be significant

and are described by See et al.[109]

The few studies that address the structural evolution with cycling for CoS2
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do not make use of use of local structure methods,[108, 110] which have been

established as powerful probes to elucidate conversion reaction mechanisms,

especially given the tendency to form amorphous products.[15, 34, 46, 50] Fur-

ther, previous reports propose intercalation to LixCoS2, even upon discharge to

2 mol Li per formula unit (f.u.) of CoS2.[110] This is unexpected based on the

structure and chemistry of CoS2, and we see evidence to the contrary.

CoS2 has a pyrite structure composed of a Co2+ face-centered cubic (fcc)

sublattice. Each Co is octahedrally-coordinated by one S atom of a disulfide unit

(S2−
2 ) [Figure 5.1(a)]. CoS2 can theoretically store 4 mol Li, with a complete

first discharge as Equation 4.1:

CoS2 + 4 Li+ + 4 e− → Co0 + 2 Li2S (4.1)

If the reaction followed the equilibrium phase diagram,[99] it would involve

the formation of several binary intermediates (Equations 4.2, 4.3, and 4.4):

CoS2 +
4

3
Li+ +

4

3
e− → 1

3
Co3S4 +

2

3
Li2S (4.2)

1

3
Co3S4 +

2

3
Li2S +

8

9
Li+ +

8

9
e− → 1

9
Co9S8 +

10

9
Li2S (4.3)
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1

9
Co9S8 +

10

9
Li2S +

16

9
Li+ +

16

9
e− → Co0 + 2 Li2S (4.4)

We recently reported deviations of FeS2 from the expected reactions based

on the equilibrium phase diagram,[43] which we summarize here: During the

first discharge, FeS2 is converted to Fe- and Li2S-like domains. In subsequent

cycles, there is conversion between Fe/Li2S and a ternary local structure with

tetrahdrally-coordinated Fe over the low potential plateau. Over the higher po-

tential features, there is evidence of insertion-extraction behavior by the ternary

structure. Capacity fade is apparently caused by the growth and eventually irre-

versible formation of Fe clusters.

To understand why the difference of 1 e− of the TM in the initial structure

has such an impact on cycling, we report here a study of CoS2 by ex situ X-

ray absorption near-edge spectroscopy (XANES) and operando pair distribution

function (PDF) data from total scattering. We identify the local structures that

evolve during cycling, which are close to the equilibrium phase evolution under

the applied conditions. We also find that irreversible formation of Co9S8 causes

rapid capacity fade. By comparing the local structure evolution during cycling

and with capacity fade for these two systems, these findings can be extended to

understand and select other candidates for conversion energy storage.
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Figure 4.1: (a) CoS2 (Pa3̄)[111] is composed of an fcc lattice of Co atoms (blue)

octahedrally coordinated by S2−
2 disulfides. (b) In Co3S4 (Fd3̄m)[112] spinel, Co

is octahedrally- (blue) and tetrahedrally-coordinated (teal) by S. (c) In defect

spinel Co9S8 (Fm3̄m),[113] Co is tetrahedrally- and octahedrally-coordinated

by S, with a higher portion tetrahedrally-coordinated Co than Co3S4.
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4.2 Experimental Methods

4.2.1 Ex situ Cell Assembly, Cycling, and Sample Preparation

Cycling was carried out in Swagelok cells with loose-powder electrodes of

CoS2 (Sigma Aldrich, 99.98%) and conductive carbon additive Ketjen Black

(KB) (AkzoNobel EC-600JD) in a 9:1 ratio by weight. Powders were ground by

hand with an agate mortar and pestle. 1 M LiPF6 in ethylene carbonate:dimethyl

carbonate (EC:DMC) (1:1 ratio by volume) electrolyte (Aldrich) and two What-

man glass filter dryer (GFD) separators were used. Li metal served as both the

counter and reference electrode in these half-cells. Cells were assembled in an

Ar glovebox and cycled galvanostatically at C/40 (Q/10), calculated for the the-

oretical reaction of CoS2 with 4 mol Li in 40 h, with potential limitations of 1 V

and 3 V for discharge and charge, respectively. Cells were cycled using a Bio-

Logic VMP-3. Li−FeS2 cells were prepared and tested in the same manner, as

described previously.[43]

For ex situ XANES, loose-powder Swagelok cells were cycled to a specified

potential or capacity limit and disassembled in an Ar glovebox. The collected

cathode powders were washed with DMC and dried under vacuum. Dried pow-

ders were painted into homogeneous films on kapton tape and transported un-
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der Ar.

4.2.2 Ex situ XANES

Ex situ Co K-edge XANES was measured at 20-BM-B at the Advanced Pho-

ton Source at Argonne National Laboratory for cells cycled at C/40, as de-

scribed above. XANES spectra were collected in transmission mode, calibrated

to 7.709 keV,[80] and normalized by aligning the E0 for each Co foil to a ref-

erence spectra. Data was deglitched, normalized, and averaged using the open

source program ATHENA.[81]

4.2.3 Operando PDF

Operando total scattering experiments were carried out at 11-ID-B at the

Advanced Photon Source at Argonne National Laboratory. A Perkins-Elmer

amorphous Si-based area detector enabled rapid-acquisition of X-ray scatter-

ing measurements with an X-ray wavelength of 0.2112 Å (about 58 keV). An

AMPIX electrochemical cell[82] was assembled in an Ar glovebox with a

free-standing film cathode composed of CoS2:graphite/VulcanC (1:1 ratio by

weight):polytetrafluoroethlene (70:20:10% by weight). The free standing film

cathode was 13 mm in diameter and about 160µm thick. The electrolyte was
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1 M LiPF6 in EC:DMC in a 3:7 ratio by volume, which soaked a GFD separator.

Li metal served as both a reference and counter electrode.

The cell was galvanostatically cycled with an applied current of 0.8228 mA

for a C-rate of about C/18 based on the reaction of CoS2 with 4 mol Li, and

with potential limits of 1 V and 3 V. Due to constraints on acquisition time, faster

cycling was used for operando than for ex situ cycling to ensure the collection of

PDF beyond the first cycle.

The background contribution of the operando cell was collected for an AMPIX

cell assembled without a cathode. Experimental geometries were calibrated

using CeO2 powder and Fit2D freeware.[83] Fit2D was also used to integrate 2D

data that was collected every thirty minutes. From each set of integrated data,

the real-space PDF was calculated by the Fourier transform, with the structure

factor accounting for the approximate Li content and a constant molar Co:S

ratio of 1:2 and with a qmax = 19 Å−1.[84] PDFgui[85] was used to simulate

PDF and to fit data to published structures. Crystal structure visualizations were

prepared using VESTA 3.[114]

OriginPro was used to carry out linear combination analysis (LCA) of

operando PDF data. From fitting the initial material, first discharge product,

first charge product, and the product of the fourth charge, simulated patterns
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of refined structures were used as “components” to fit measured data using the

multiple linear regression function. The employed components were fit by re-

fining scale, lattice parameters, particle size (as spdiameter), and in some cases

Uiso and a correlated motion parameter, delta.

4.3 Results

4.3.1 Cycling of CoS2

Galvanostatic cycling of unoptimized loose-powder Swagelok cells shows

two plateaus over the first discharge and charge [Figure 4.2(a)]. As early as

the second charge, however, the plateaus become much less well-defined, and

there is significant capacity fade by the third charge (Figure 4.2).

The dramatic contrast in capacity retention with cycling for CoS2 and FeS2

is unexpected given they are isostructural, have the same anion, and have a dif-

ference of only 1 e− between the TMs [Figure 4.2(b)]. Even so, FeS2 maintains

a higher capacity for longer, with capacity retention of 87.5% and 44.8% for

the fifth and tenth cycles, respectively, and the nature of the capacity fade is

different from that of CoS2. FeS2 loses some capacity every cycle, with most of

the discharge capacity recovered on charge. In contrast, CoS2 suffers significant
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Figure 4.2: (a) Galvanostatic cycling of loose-powder Swagelok cells of

CoS2:Ketjen Black (9:1 by weight) vs. Li show two plateaus on discharge and

charge. Later cycles are shown as increasingly broken lines, as labeled. The

second charge has much less well-defined plateaus and the third charge has

significant capacity fade. (b) Capacity per cycle shows a marked difference in

capacity retention and the nature of capacity fade: gradual for FeS2 (red) and

primarily upon charge for CoS2 (blue).
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capacity fade in the first few charges with >1% capacity retention by the fifth

cycle. Further, the capacity is overwhelmingly lost to irreversibility upon charge.

4.3.2 Ex situ XANES

Ex situ Co K-edge XANES was carried out at various states of charge to

probe the oxidation state and local Co environment during the cycling of sec-

ondary Li−CoS2 cells. Halfway through the first discharge, at the end of the

first plateau [yellow in Figure 4.3(a)], the edge shifts to lower E relative to CoS2

and a pre-edge peak develops. The pre-edge feature indicates tetrahedrally-

coordinated Co, arising from the allowed 1s to 3d transition, which is disallowed

in octahedral-coordination environments.[115, 116] With continued reduction,

a product partway through the second plateau of the first discharge maintains

the pre-edge peak at 7.709 keV, indicating tetrahedrally-coordinated Co is still

present. Additionally, the decreased slope of the edge indicates the reduction of

Co. At the end of discharge, the XANES is similar to that of Co, but differs from

the bulk metal; this is in agreement with our previous observations for the Fe

metal clusters formed at the end of the first discharge of FeS2.[43]

Upon charge, the intermediate and charge products have a pre-edge peak,

an intermediate slope, and an edge step similar to the intermediates of the
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Figure 4.3: (upper panel) The first 1.5 cycles of Li−CoS2 cells stopped at various

states of charge, as marked, and (lower panel) the Co K-edge XANES from of

CoS2 and at each state of charge. The most notable evolution is the pre-edge

peak at intermediate and charged states in [(a) and (b)] the first cycle and

throughout (c) the second discharge, which indicates tetrahedrally-coordinated

Co.
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first discharge [Figure 4.3(b)]. The charge product has a slightly larger step

height and the edge is shifted to higher E, indicating more oxidized Co than the

intermediate.[115] XANES reveals that CoS2 does not form upon charge.

During the second discharge, there are only minor changes to the edge, pre-

edge, and post-edge, including slight shifts of the edge to lower E with reduction

[Figure 4.3(c)]. XANES also shows Co metal, even as small disordered clusters,

is not the majority product of the second discharge, in significant contrast to the

first discharge.

From XANES, we see changes in the local coordination environment of Co

during the first cycle. In particular, we see intermediates and a first charge

product with some tetrahedrally-coordinated Co. The first discharge product

has Co metal, but in sufficiently small and disordered clusters that the XANES

is unique from that of bulk Co. During the second discharge, however, there

are only minor changes the local environment of Co, despite an appreciable

measured capacity of about 2 mol Li per f.u. CoS2.

4.3.3 Operando PDF Data and Analysis

PDF data from X-ray total scattering was collected for 10 cycles for a Li−CoS2

cell at about C/18 (based on the reaction of 4 mol Li per f.u. CoS2 in 18 h).
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Similar to cycling in loose-powder Swagelok cells, capacity faded rapidly during

the first three cycles. Below we discuss the local structure evolution during

the first 1.5 cycles and analysis at specific states of charge. The electrochemical

curves from the AMPIX cell are consistent with those measured for loose-powder

Swagelok cells, with slightly less well-defined plateaus on the first discharge

[Figure 4.2 and Figure 4.4(a)].

The pristine material [Figure 4.4(i)] is fit well to CoS2 before cycling (Rw =

0.137) [Figure 4.5(a)]. Over the first plateau of the first discharge [Figure 4.4(i)

to (ii)], there is conversion from CoS2 to a new local structure. Over the re-

mainder of the discharge, another local structure evolves. This agrees with ex

situ XANES, which reveals changes in the local environment of Co over the first

discharge.

Some caveats should be considered about fitting PDF data of this nature:

the structures we cite do not occur as bulk phases; we capture the features of

the local structure, but there are residual differences that should be considered;

residual correlations leave the possibility of deviations from the reported phases;

and fitting parameters required for this type of analysis can be highly correlated.

The local structure features of the first discharge product can be captured

by a combination of Li2S and small clusters of Co metal [Figure 4.5(b)]: hexag-
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Figure 4.4: (a) The first 1.5 cycles of a operando Li−CoS2 cell and (b) the PDF

data collected during the first discharge [(i) to (iii)].
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Figure 4.5: (a) The PDF data before cycling is fit to CoS2 (Pa3̄). (b) PDF data

for the first discharge product it fit by Li2S and Co metal. The contributions

of Li2S (Fm3̄m) as well as hcp (P63/mmc) and tet Co (P42/mnm) are shown.

Damping corresponds to particle diameters of about 45 Å for Li2S and 20 Å for

Co. (c) PDF data of the first charge product is fit to Co3S4 (Fd3̄m) and Co9S8

(Fm3̄m) with particle diameters of about 30 Å.
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onal close packed (hcp) Co (P63mmc, ICSD collection code 44990[117]) and

tetragonal (tet) Co (P42mnm, ICSD collection code 165725[118]). The struc-

ture of tet Co has features of hcp and fcc Co. The structure of metastable tet Co

is based on the sigma phase, a brittle alloy that can act as crack nucleation sites

in welded stainless steels[119] and was reported from an ab initio study of bi-

nary alloys, but has not been experimentally observed.[118] We do not observe

this structure as a bulk phase, though we do find a local structure that can be

described by the same local correlations. It is possible this structure models the

data well as a consequence of disordered, nanoscale clusters or at the interface

of hcp Co clusters and Li2S. Deviation of the metal formed on discharge from

the bulk metal is consistent with ex situ Co K-edge XANES. Similar findings have

been reports for other conversion systems.[7, 15, 43] Part of the nonequilibrium

atomic structure is undoubtedly tied to the small cluster size. A three-phase fit

of the PDF data with 20 Å clusters for hcp and tet Co captures the local structure

of the data [Figure 4.5(b)].

The first charge of operando PDF takes place over two plateaus and involves

significant changes to the local structure [Figure 4.6(iii) to (v)]. PDF data ap-

pears to involve conversion in two steps, one over each plateau. The charge

product has a local structure distinct from that of CoS2; again, there is agree-

ment of PDF and XANES that CoS2 does not form upon charge. Rather, the
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Figure 4.6: (a) The first 1.5 cycles of a operando Li−CoS2 cell and (b) the PDF

data collected during the first charge [(iii) to (v)].

features of the local structure can be described by a combination of Co3S4 and

Co9S8 [Figure 4.5(c)].

Similar to the first charge, the second discharge takes place over two plateaus

[Figure 4.7(a)(v) to (vii)], although these are less well-defined and more sloped,

than those of the first charge. Over the higher potential plateau, centered at

about 2.5 V, changes in the local structure are subtle [Figure 4.7(b)(v) to (vii)]

relative to those of the first charge [Figure 4.6(b)(iii) to (v)]. Yet the local struc-

ture at the end of the second discharge [Figure 4.7(b)(vii)] is different from that
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Figure 4.7: (a) The first 1.5 cycles of operando Li−CoS2 cell and (b) the PDF

data collected during the second discharge [(v) to (vii)].

of the first discharge product [Figure 4.4(b)(iii)].

In cycling beyond the second charge, the real space pairwise correlations in

the operando PDF data are relatively unchanged and the capacity quickly fades.

The discharge and charge products of the third and later cycles are nearly iden-

tical (Figure 4.8). The fourth charge product can be well fit by 45 Å diameter

particles of defect spinel Co9S8 and 60 Å disordered Li2S (Figure 4.9).
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Figure 4.8: PDF data of discharge (red) and charge products (blue) of the first

four cycles. Beyond the second cycle, changes in the PDF are negligible and

capacity is low.
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Figure 4.9: PDF data of the fourth charge product is fit to Co9S8 (particle di-

ameter 45 Å) and Li2S (particle diameter 60 Å). The contributions of each local

structure and the difference between the data and fit are shown.
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4.3.4 Linear Combination Analysis of Operando PDF Data

Nearly all of the 50+ PDFs collected over the first 1.5 cycles of operando total

scattering had contributions from two or more phases. In addition to being time

consuming, fitting all PDF data by least squares methods with contributions from

multiple structures would result in less meaningful conclusions, especially be-

cause multiple variables [lattice parameter, Uiso, correlation parameter (delta),

and particle diameter (as spdiameter)] for multiple phases could be correlated.

To avoid over-fitting data, LCA is used to estimate the relative contributions of

several local structures using “components” from fits to more well-defined data.

For example, the PDF data before cycling is fit well by CoS2, and so the calcu-

lated fit of the refined structure serves as a component representative of CoS2

[Figure 4.5(a)].

LCA in combination with principle component analysis (PCA) has previously

been described in detail for more efficient analysis of large data sets, including

for PDF data from in situ and operando experiments.[86] After comparing PDF

data to simulated pairwise correlations of known structures and eventually fit-

ting the data with various phases, we gathered a general idea of the local struc-

tures present at various states of charge. Instead of PCA, which does not require

any previous knowledge of structure, we used simulated PDF from structures fit
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to data.

For our components, we fit the material before cycling to CoS2; the first

discharge product to Li2S and a combination of hcp and tet Co metal; the first

charge to Co3S4 and Co9S8; and the fourth charge product to Co9S8 and Li2S.

From these, CoS2 fit before cycling; hcp Co, tet Co, and Li2S fit to the first

discharge product; Co3S4 fit to the first charge product; and Co9S8 fit to the

fourth charge product were simulated and used as the components for LCA. LCA

with all of the components resulted in non-physical negative weightings at some

states of charge, so some components were excluded for LCA for these data. For

example, Co3S4 was excluded for the LCA for PDF data collected during the first

discharge.

Over the first plateau of the first discharge, we see the formation of a Co9S8-

like local structure at the expense of CoS2 [Figure 4.10(left)]. Over the second

plateau of the first discharge, Co9S8 and the remaining CoS2 are consumed,

converting to Co metal clusters and Li2S [Figure 4.10(left)].

During the first charge, LCA shows the formation of Co9S8 at the expense of

Co metal and Li2S over the first plateau [Figure 4.10(center)]. Over the second

plateau, most Li2S and some Co9S8 are consumed during the formation of Co3S4.

However, at the end of charge, about half of the Co9S8 that forms intermediately
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Figure 4.10: LCA shows the trends in structural evolution over the first 1.5 cycles

of operando PDF. The phase fraction (right y-axis) is shown as a function of Li

content and we see phase ratios that correspond to the potential curve (black,

left y-axis). Blank spaces are due to beam outages during the measurement.

remains, resulting in major charge products of Co3S4 and Co9S8.

The phase fractions of Co3S4 and Co9S8 are relatively unchanged over the

beginning of the second discharge, corresponding to about 1 mol Li per f.u. CoS2,

possibly a consequence of Li being accommodated into the spinel structures, as

has been observed for spinel Co3O4.[120] As the second discharge continues,

Co3S4 is converted to Co9S8. Over the lower plateau, some Co9S8 is converted

to Co metal and Li2S. At the end of the second discharge, however, about half of

the Co9S8 that formed intermediately remains.

LCA of the subsequent charge and discharge products shows the phase frac-

tion of Co9S8 increases with each cycle (Figure 4.11). The accumulation of Co9S8
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Figure 4.11: LCA of the cathode before cycling and at each discharge and charge

from operando PDF summarizes the products of each cycle. After the second

charge, the capacity significantly fades and the product is primarily Co9S8.

is concurrent with a fade of capacity to about 0.2 mol Li per f.u. of CoS2 ( 0.13

mol Li per f.u. Co9S8).

4.4 Discussion

During the first discharge, LCA shows the formation of Co9S8 over the first

plateau and its consumption over the second half of the discharge. The presence
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of a spinel-like structure with tetrahedrally- and octahedrally-coordinated Co,

such as Co9S8, at intermediate states of charge is in agreement with XANES, in

which the pre-edge peak indicates the presence of tetrahedrally-coordinated Co.

These observations are contrary to proposed reaction schemes in the literature,

which suggest CoS2 initially intercalates Li to form LixCoS2 over the first plateau

before conversion to Co and Li2S over the second.[110] However, Yan et al.

employed X-ray diffraction (XRD) to come to this conclusion, while PDF and

XANES enable description of smaller, less-ordered domains, which is especially

important for conversion systems.

LCA is in good agreement with the least squares fit of PDF data at the end

of the first discharge, in which we find a combination of Li2S, hcp Co, and a

local structure resembling tet Co, which has features of hcp and fcc Co. Co metal

with particle diameters of about 20 Å in combination with Li2S with particle di-

ameters of about 45 Å capture the local structure features of the first discharge

product. The presence of small clusters of Co as well as deviations from equilib-

rium hcp Co are consistent with the XANES for the first discharge product.

We find a first discharge reaction scheme in contrast to thermodynamic equi-

librium reactions (Equations 4.2, 4.3, and 4.4). In particular, we do not see the

intermediate formation of Co3S4. Additionally, the Co that forms is not the low-

est energy hcp suggested to occur by thermodynamic equilibrium, nor does it
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resemble bulk Co.

During the first charge, LCA shows conversion of Li2S to Co metal to Co9S8

in the first half of the discharge. This, again, is in agreement with the pre-edge

peak in XANES, which indicates Co in a tetrahedral coordination environment.

Over the second plateau, Li2S continues to be consumed as Co3S4 begins to form.

Some Co9S8 is also consumed in favor of Co3S4, resulting in a charge product

composed of Co3S4, Co9S8, and Li2S. The presence of tetrahedrally-coordinated

Co in the spinel and defect spinel phases are consistent with XANES of the first

charge product. Neither XANES nor PDF show formation of CoS2 upon charge.

This is unsurprising based on other studies of conversion systems, including for

FeS2.[7, 15, 43]

LCA over the first plateau of the second discharge follows as the reverse

of the higher potential plateau of the first charge: we see the the conversion

of Co3S4 to Co9S8 with reduction. Over the second plateau of the second dis-

charge, Co and Li2S form at the expense of some Co9S8, but the major product

of the second discharge is Co9S8. The persistence of the spinel through the

second discharge is in agreement with XANES, which shows the presence of

tetrahedrally-coordinated Co throughout the second discharge.

Taking a closer look at the LCA results for the second discharge [Fig-
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ure 4.10(right)], relatively little Li2S is modeled as forming. As mentioned, there

are limitations of the specific compositions from LCA. The significant contribu-

tions from Co3S4 and Co9S8 as suggested by LCA are consistent with XANES,

which indicate tetrahedrally-coordinated Co is present throughout the second

discharge. It is possible that Co3S4, Co9S8, or both are able to store some Li in

their spinel frameworks. Spinel TM oxides, especially of the form M3O4 such

that M = Mn, Fe, Co, have been found to accommodate some Li through the

migration of M from tetrahedral to octahedral sites during lithiation.[120–123]

Accommodation of Li into the thiospinel structures through the migration of

Co and Li might occur in this system, but requires further analysis beyond the

scope of this work. If this is a lithiation mechanism, identifying the delithiation

mechanism could also be relevant for thiospinels for energy storage.

Through operando cycling and PDF data, we see small capacities and minor

structural changes following the second charge. By LCA, we find Co9S8 as the

majority local structure present in the second charge and later cycling products.

The irreversible formation of Co9S8 appears to be the cause of failure under

the employed conditions (carbonate electrolyte, C/20 and slower rates, room

temperature, etc.). Co9S8 has been reported as a conversion electrode itself,

however, special incorporation of carbon additives and particle size engineering

are necessary to realize any useful capacity.[105, 107, 108] One possible cause
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of the poor cycling observed for Co9S8 is poor transport of Li+ through the struc-

ture. Alternatively, volume expansion could result in particle fracture, rendering

some material electrochemically inactive.[108] However, PTFE binder was in-

corporated into the cathode pellet for operando experiments, which should aid

particle-particle and particle-conductive carbon additive connectivity. Even so,

we see rapid capacity fade with the use of binder. We have previously reported

that the capacity fade in FeS2 is associated with the growth and stabilization

of Fe metal clusters,[43] suggesting chemistry and atomic structure are central

factors impacting capacity fade. As such, we identify the irreversible formation

of Co9S8 and tie it to the low capacity in later cycles. However, why Co9S8 is so

detrimental to cycling is not evident. This could be related to the incorporation

of Li into the spinel structure. The role of the spinel-type structures in the cy-

cling and capacity fade for energy storage could be an interesting topic of future

study.

4.5 Conclusions

We describe the local structure evolution in secondary Li−CoS2 cells by ex

situ XANES and operando PDF. We find deviations of the cycling process from

thermodynamic equilibrium, as has been observed for other conversion elec-
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Figure 4.12: Based on the local structure characterization and analysis, we de-

scribe the reactions that occur upon reaction with Li in initial and later cycling

relative to the reactions predicted by the equilibrium phase diagram.

trode systems. The evolution of local structure as estimated by PDF and LCA is

summarized in Figure 4.12 for the first 1.5 cycles and at later states of charge.

We do not capture in Figure 4.12 subtle structural deviations from equilibrium.

Specifically, we find the local structure can be captured by known, bulk phases,

despite products having only short-range order. Also, there is the possibility of

thiospinels Co3S4 and Co9S8 accommodating Li through displacement of Co to

other sites.

We find deviations from the thermodynamic equilibrium phase evolution,

but do see local structures similar to the phases over various states of charge.
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On the first discharge, CoS2 is converted to Co9S8 and Li2S, and then to Co and

Li2S. In our PDF analysis, some equilibrium hcp Co is present, but there is also

a contribution captured by a metastable, tetragonal Co structure based on the

sigma phase.[118, 119] This metastable structure could be capturing Co at the

interface of metal clusters.

Over the first discharge, we see conversion to Co9S8 and then Co3S4 with

oxidation, but do not recover CoS2. The following discharge follows the reverse

of the first charge. With continued cycling, capacity fade is associated with ac-

cessing only a small composition range as an electrochemically inactive product

accumulates, which has a local structure resembling Co9S8.

Overall, we find differences between the reactions modes and local structure

evolution of FeS2 and CoS2. For FeS2, we previously reported the formation of

a metastable, ternary intermediate with insertion-extraction behavior at high

potentials and conversion at lower potentials. We associated accumulation of

Fe with the observed, slow capacity fade of FeS2. For CoS2, we find the lo-

cal structure evolution is more similar to that described by equilibrium phases,

with deviations from the bulk structures and – possibly – several deviations to

metastable structures, including tet Co and Li-containing thiospinel derivatives.

We also find the capacity fade is concurrent with the irreversible formation of a

Co9S8-like local structure.
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Chapter 5

Rapid Preparation of Binary and

Ternary Transition Metal Sulfides

by Microwave-Assisted Heating

Transition metal chalcogenides are of interest for a variety of energy appli-

cations, including energy generation in photoelectrochemical cells and as elec-

trodes for next-generation electrochemical energy storage. Synthetic routes for

such chalcogenides typically involve the operation of furnaces at 700◦C and

above for multiple weeks. We demonstrate here the feasibility of rapidly prepar-

ing several sulfides with just 40 min of heating, rather than weeks, using domes-

1Claudia Göbel, Shiri Arnon, Minué A. Perez, and Ram Seshadri contributed to this work.
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tic microwave ovens. We report the preparations of phase pure FeS2 and CoS2

from the elements. Solid solutions near the nominal composition Fe0.5Co0.05S2

are prepared by the same method. Conventional furnace and rapid microwave

preparations of CuTi2S4 both result in a majority of the goal phase, with some

secondary products. Through the optimization of heat treatment parameters

and further grinding of precursor powders to reduce particle sizes, improved

homogeneity and phase purity can certainly be achieved for the solid solution

and the thiospinel. The easy and rapid preparation of sulfides demonstrated

here can be employed to evaluate their performance in various applications.

These methods can also be extended to rapidly prepare related sulfides and

chalcogenides previously unexplored.

5.1 Introduction

Simple and complex transition metal chalcogenides are of interest for a num-

ber of energy applications, including solar and photoelectrochemical (PEC) en-

ergy generation,[124–126] as well as electrochemical energy storage.[1, 46, 47,

127] Pyrites, including FeS2, CoS2, and their solid solutions, have shown promis-

ing performance for PEC applications,[125, 128] as well as for so-called “beyond

intercalation” energy storage.[6] Another promising alternative to commercial
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LIBs are those based on multivalent ions, including Mg, for which Cu0.1Ti2S4

prepared from CuTi2S4 is a promising cathode candidate.[129]

PEC activity of FeS2 with small concentrations of Co substituted for Fe is re-

ported to have better performance than pure FeS2 films.[125] The substitution

of Co for Fe alters the band structure,[130] which impacts electronic behavior

and optical absorption.[125] Accordingly, there is the possibility of tuning vari-

ous properties over the solid solution Fe1−xCoxS2, and extending this concept to

other solid solutions of pyrite compounds.

FeS2 and CoS2 have been studied as conversion electrode materials, in which

charge storage involves extensive chemical and structural evolution. This re-

sults in conversion materials having much higher theoretical capacities than

commercial intercalation electrodes, for example, 500 mAh g−1 to 2000 mAh g−1

compared to ≈150 mAh g−1.[6, 12, 43] Pyrites were originally considered for

thermal batteries operating near 400◦C with molten salt electrolytes.[51, 52,

99, 104] FeS2 has found commercialization in room temperature, primary

batteries.[55] Despite the poor reversibility typically observed at room tem-

perature for conversion electrodes, FeS2 has shown compelling performance in

secondary cells at 60◦C, particularly when paired with solid[57] or ionic liquid

electrolytes.[58] CoS2 has also been recently revisited for secondary energy stor-

age, but shows more promise in supercapacitor applications than for conversion
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batteries.[110, 131, 132]

Other sulfides have also shown promise for next-generation energy storage.

Cu-deficient thiospinel of the form CuδTi2S4, such that δ ≈ 0.1, with Cu re-

moved by oxidation of the stoichiometric compound was recently shown to have

promising performance as a cathode for Mg-ion batteries.[129] Sun et al. report

high capacity, good capacity retention, and high rate capability relative to other

candidates for Mg-ion cathodes.[1, 129]

Conventional preparations of pyrites and their solid solutions reported in the

literature typically involve three or more heat treatments at 700◦C, with each

heating step carried out for at least a week, resulting in syntheses requiring

three or more weeks at elevated temperatures.[130, 133] Soheilnia et al. have

reported the preparation of phase pure CuTi2S4 from the elements after heat-

ing at 700◦C for as little as 1 week,[134] but reports typically require longer

treatment times of multiple weeks.[135, 136]

Given the promise of chalcogenide materials and their solid solutions for en-

ergy generation and storage, developing methods to decrease preparation time

would expedite the discovery and evaluation of yet untested compounds. Mi-

crowave (MW) irradiation and MW-assisted heating have been shown to greatly

reduce the time and energy required to prepare inorganic materials.[137]
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MW preparation has been reported for materials for solid-state lighting,[138,

139] catalysis,[140] batteries,[132, 141] and thermoelectrics.[142] MW meth-

ods have also been employed in the preparation of chalcogenides from the

elements.[138, 143] Landry et al. prepared chalcopyrite semiconductors

CuInS2, CuInSe2, and their solid solutions (CuInS2−xSex) from the elements us-

ing MW irradiation in just 3 min, and by doing so reduced the preparation time

by 95%.[143, 144]

We report here the rapid preparation of several binary, solid solution,

and ternary transition metal sulfides from the elements by MW-assisted heat-

ing, in which activated charcoal served as a susceptor to transfer heat to

reactants.[138] FeS2 and CoS2 were prepared phase-pure. We found a distri-

bution of compositions present for the solid solution following the same pro-

cedure. For CuTi2S4, we compare the products of two procedures, both with

two heating steps, one at extended times using a conventional furnace and the

other via rapid MW-assisted heating. For both, we find Cu-deficient spinel as

the majority phase, with some binary and ternary impurities. The fraction of the

goal phase could be increased by additional heating steps and/or optimization

of MW conditions.
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5.2 Experimental Methods

Powders of the elements were ground using an agate mortar and pestle.

Two 100 mg bar pellets of mixed powder were pressed to 2 metric tons. Pel-

lets were sealed in 3/8 in. silica tubes (Technical Glass Products Inc.) under

25 inHg of Ar. The sealed tube was immersed in activated charcoal (1220 mesh,

R©DARCO, Sigma-Aldrich) filling an alumina crucible. The charcoal acted as

a susceptor, which is heated by MW irradiation and then transfers heat to the

reactants.[138] Because we use a susceptor, we refer to the preparation method

as MW-assisted heating rather than MW irradiation. The crucible was placed in

the annulus of high-temperature alumina insulation foam and this placed on the

outer edge of a Panasonic Inverter (NN-SN651B, 1200 W, 2.45 GHz) microwave

plate. For pyrites, samples were heated at power level 3 (360 W) for 20 minutes

and slowly cooled to room temperature for a minimum of 2.5 h. Following, the

tube was flipped over and the same heat treatment was repeated. A similar pro-

cedure was carried out for the MW preparation of CuTi2S4, but at power level

5 (600 W) and with regrinding and pelletizing of powders in an Ar glovebox

between the two heatings. An excess of S was used for all samples to account

for volatilization at the pressures and temperatures employed. The metal to sul-

fur ratios of the powders for each compound were as follows: CoS2 1:2.3, FeS2
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1:2.4, FeS2 1:2.25, Fe0.5Co0.5S2 1:1:4.6, CuTi2S4 1:2:4.25. The following mate-

rials were used: S powder (Aldrich, 100-mesh), Ti powder (Aldrich, 99.5%),

Fe powder (Aldrich, 99.99+%), Co powder (Sigma-Aldrich, 99.8%), and Cu

powder (Alfa Aesar, 99.9%).

A more conventional preparation of CuTi2S4 in a furnace was carried out to

compare to the product of MW-assisted heating. For this, pellets were also sealed

in silica tubes under 25 inHg Ar and heated in two steps: 850 ◦C for 7 days and

then 1000 ◦C for 5 days. Between heatings, pellets were ground and repressed

into pellets in an Ar glovebox.

Room temperature, synchrotron powder X-ray diffraction (XRD) was col-

lected through the rapid-access mail-in program at beamline 11-BM-B (λ =

0.414568 Å) of the Advanced Photon Source at Argonne National Laboratory.

Rietveld refinement was carried out using the program Topas[28] and crystal

structures were visualized using VESTA.[114]

5.3 Results and Discussion

Synchrotron powder XRD and Rietveld refinement confirm the phase purity

of FeS2 and CoS2 prepared by MW-assisted heating (Figure 5.2). These isostruc-

tural materials are composed of an fcc sublattice of the metal, with each metal
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Figure 5.1: Structures of pyrites (a) FeS2 (Pa3̄) and (b) CoS2 (Pa3̄); and of (c)

thiospinel CuTi2S4 (Fd3̄m).

octahedrally-coordinated by disulfide units (S2−
2 ) [Figure 5.1(a) and (b)].

For the solid solution of FeS2 and CoS2, Rietveld refinement shows a de-

viation from the nominal composition, Fe0.5Co0.5S2 (Figure 5.3). We find the

co-existence of several solid solutions over a distribution of compositions. By

Rietveld refinement, Bragg peaks can be captured by two solid solutions with

intermediate compositions, which account for 94% of the refined products, and
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Figure 5.2: Synchrotron XRD data and Rietveld refinement confirm the prepa-

ration of phase pure (a) FeS2 and (b) CoS2 prepared by MW-assisted heating.
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two minority solid solutions near the end members. The compositions and phase

fractions of these phases are given in Table 5.1, with a caveat that X-ray methods

cannot easily distinguish Fe and Co (Z = 26 and 27, respectively), making the

compositions much less accurate. The lattice parameters, however, are more

meaningful and values refined for the end members prepared in this study are

also shown. Several impurity peaks at low Q could not be identified through

comparison to the elements, binary, and ternary phases. It is not uncommon for

solid solutions to require additional heating steps to achieve phase purity;[130]

additional regrinding and heating steps would yield a more homogeneous prod-

uct.

CuTi2S4 has a spinel structure, with Cu1+ and Ti3+ tetrehedrally- and

octahedrally-coordinated by S, respectively [Figure 5.1(c)]. We compare

CuTi2S4 prepared by conventional and MW-assisted heating, each with two heat-

ing steps, between which powders were reground and pressed into pellets. The

phase fractions and compositions of products were evaluated by Rietveld re-

finement of synchrotron XRD data (Figure 5.4 and Figure 5.5). For both cases,

Cu-deficient CuTi2S4 was the majority phase (≈ 58 mole%, ≥ 82 weight%)

(Table 5.2). Both had unreacted Cu metal precursor and Cu-deficient, layered

CuTiS2 impurities. The sample prepared by MW-assisted heating also had a

hexagonal Ti0.67S impurity phase.
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Figure 5.3: Synchrotron XRD data and Rietveld refinement show multiple

phases result for the solid solution with the nominal composition Fe0.5Co0.5S2.

The majority phases are Co-rich and Fe-rich solid solutions. Phases that resem-

ble the end members, FeS2 and CoS2, are also present. Refined phase fractions

and compositions are provided in Table 5.1.
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Table 5.1: Approximate compositions and refined lattice parameters (a) of the

products of the MW preparation of a solid solution with the nominal composi-

tion Fe0.5Co0.5S2. Compositions are not accurate, but the various products show

an appropriate trend of a with relative composition. Lattice parameters for the

end members refined in this work are provided for reference (marked with *).

refined composition label a (Å) mol %

FeS2* 5.418

FeS2 FeS2 5.422 2.9

Fe0.95Co0.05S2 ssFe 5.455 25.2

Fe0.36Co0.64S2 ssCo 5.488 68.5

CoS2 CoS2 5.517 3.4

CoS2* 5.536
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Figure 5.4: Synchrotron XRD data and Rietveld refinement show a majority of

the goal phase, CuxTi2S4, results from the conventional furnace preparation. A

ternary impurity and precursor Cu are also present. Phase fractions are provided

in Table 5.2.
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Figure 5.5: Synchrotron XRD data and Rietveld refinement show a majority of

the goal phase, CuxTi2S4, results from the rapid MW preparation. Binary and

ternary impurities are present, as is a minor impurity of precursor Cu. Phase

fractions are provided in Table 5.2.
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Table 5.2: Phases and compositions from Rietveld refinements of thiospinel

CuTi2S4 prepared by conventional furnace and rapid MW-assisted heating meth-

ods.

furnace microwave

phase mol % wt % phase mol % wt %

Cu0.89Ti2S4 58.0 85.3 Cu0.92Ti2S4 57.9 82.2

Cu0.32TiS2 32.4 11.5 Cu0.37TiS2 11.6 7.9

Cu 9.7 3.2 Ti0.67S 25.2 8.2

Cu 5.3 1.7

5.4 Conclusions

We demonstrate the preparation of pyrite and spinel sulfides from the el-

ements by MW-assisted heating, using activated charcoal as a susceptor. The

phase purity of FeS2 and CoS2 are confirmed by synchrotron XRD and Rietveld

refinement. Their solid solution, prepared by the same methods, has a distribu-

tion of compositions, but yields 95% Fe1−xCoxS2 near the nominal composition

(x = 0.5), with minor impurities close to the end members. Inhomogeneity of

solid solutions is common even by conventional methods, and could be reduced

through additional grinding and heating steps. Given the interest in pyrites
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and their solid solutions for energy generation in PECs, the rapid preparation

of these by MW-assisted heating demonstrates the utility of this synthetic ap-

proach to quickly prepare and evaluate related compounds to understand the

role of composition on properties and performance.

The preparations of CuTi2S4 had lower yields of the goal phase than the MW

preparations of pyrites, but a similar phase fraction (85.3% vs. 82.2%) resulted

for the Cu-deficient spinel from MW (40 min) and much longer conventional

furnace preparations (11 days). With the optimization of MW conditions (power

level and time), the yield of thiospinel will improve. As noted for the solid

solutions, additional grinding steps, especially to reduce the particle sizes of

metal precursors,[143] will result in more homogeneous products.
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Chapter 6

Summary and future directions

6.1 The Utility of Porosity and XRD for Conversion

Systems

When we began to work on conversion electrode materials, we found the

dominant approach in the literature to address performance issues was through

particle engineering. Nanoscale features can provide benefits, especially in re-

ducing the diffusion distances for Li+ and e−. We investigated the application of

decreasing feature length through porosity, which has been shown to improve

the cycling performance of intercalation materials.[17]

In particular, we employed template-free, reducing heat treatments, pre-
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viously reported by the group and described in Appendix A, to generate

pores between 15 nm and 40 nm in MnO. As described in Chapter 2 and our

publication,[8] we found only limited utility of porosity for MnO. While porous

MnO had a slightly smaller overpotential and higher first discharge capacity rel-

ative to nonporous MnO, the advantage to cycling faded over the first three cy-

cles. SEM of porous and nonporous MnO before and after cycling revealed that

the initially distinct microstructures became similar after 20 cycles. The porous

microstructure coarsened, resulting in feature sizes on the order of 100 nm. The

initially nonporous, micron sized particles after cycling developed features of a

similar size, caused by the cyclic volume expansion and contraction during cy-

cling. In a collaboration with Katherine Mackie in the Gordon group at UCSB,

we found similar results for CuO nanowire arrays: the initial morphology did

improve first cycle capacity and overpotential, but capacity quickly faded. Mi-

croscopy after cycling showed the nanowires were pulverized,[145] as we saw

for MnO particles.[8]

From this, we found the microstructures employed for MnO and CuO were

not of an appropriate scale to accommodate the volume expansion under the

applied conditions. More recent attempts to improve the performance of con-

version materials through microstructuring show that other methods are im-

portant to taking advantage of reduced feature lengths. For example, work
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by the Tolbert group at University of California Los Angeles shows improved

cycling of nanoporous Sn, a high capacity conversion anode material, which re-

quired the optimization of a nanocomposite of conductive carbon and binder

to see enhanced cycle life.[146] In this work, Cook et al. found a sustained

capacity of ≈700 mAh g−1 for 200 cycles.[146] Another recent successful exam-

ple of nanostructuring for conversion materials found that the dimensions of

nanowires of copper antimonide could be optimized to impede cracking associ-

ated with volume changes, however, they encountered cycling issues related to

SEI formation.[147] Jackson et al. extended the useful cycling from less than

50 cycles to more than 100 using electrolyte additives to promote the formation

of a more favorable SEI.[147]

In summary of this area of research, there are cases of successfully engi-

neering a system to benefit from the micro- or nanoscale structuring of active

materials, however, the reduction of feature sizes is necessary but not suffi-

cient to provide marked improvements in capacity and cycle life. Concurrent

with the optimization of these systems, studies to evaluate the inherent perfor-

mance of conversion materials are also important, as efforts of optimization are

best spent on systems that are already promising based on their chemistry and

atomic structure.

By combining in situ XRD with cycling and EIS, we were able to correlate
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changes in conductivity to SEI formation and reaction of MnO to other products

not detectable by XRD. While XRD was useful to track the reaction of MnO to

other products, it was not useful in identifying the structure of those products.

This study guided us to consider (i) higher potential conversion electrodes in

which SEI would not play such a significant role in cycling and (ii) to employ

local structure methods to evaluate the structural evolution with cycling.

6.2 Conversion of Isostructural Pyrites FeS2 and

CoS2

Despite having the same structure and anion, FeS2 and CoS2 have signif-

icantly different cycling behavior. FeS2 has better capacity retention and re-

versibility than CoS2, which suffers significant irreversibility upon charge dur-

ing the first few cycles. To understand the reasons for the drastically different

behavior of these systems, we combined ex situ Fe K-edge XANES and operando

X-ray PDF to study the local structure of cycling products. We find differences

in the nature of intermediate cycling products and the corresponding modes of

charge storage for FeS2 and CoS2.[43]

For CoS2, we see conversion over both plateaus. Over the lower potential
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plateau there is conversion of small, disordered domains of Co and Li2S to a

Co9S8-like structure. Over the higher potential plateau, there is conversion be-

tween Co9S8-like and Co3S4-like local structures. Eventually, only a small capac-

ity is achieved and PDF shows the irreversible formation of ≈4.5 nm domains of

Co9S8, which appears to be the origin of capacity fade.

For FeS2, after the first discharge, the reaction over the lower plateau is con-

version from Fe- and Li2S-like domains to a metastable, ternary Li–Fe–S phase.

Through the combination of AIRSS calculations by collaborators and local struc-

ture studies, we identify several motifs that are descriptive of the observed local

structure. These motifs are composed of quasi-1D chains and dominate the low

r correlations in PDF data over a composition range of 1.5 to 3 mol Li per f.u.

FeS2. Based on the persistence of the local structure (by XANES and PDF) above

the lower potential plateau, we posit that charge is stored at these potentials

by an insertion-extraction mechanism, more similar to intercalation than con-

version. Over the first five cycles, we see an increase in the size of Fe clusters

formed upon discharge, which could be the source of cell failure.[43]

From our comparison, we anticipate (i) that the combination of charge stor-

age modes for FeS2 is in part responsible for its better capacity retention relative

to CoS2. Also, (ii) the irreversible accumulation of phases (Co9S8 for CoS2 and

Fe for FeS2) appears to contribute to capacity fade. For FeS2, reversibility is

149



reported to improve at higher temperatures,[51, 57, 58] possibly providing suf-

ficient diffusion of Li+ and e− to maintain the electrochemical activity of the

same products.

6.3 Future Directions for Next-Generation Energy

Storage Research

We identify volume expansion and particle cracking, resulting in electroni-

cally isolated and thus inactive regions of material, as a cause of capacity fade

in conversion materials. While this was clearly identified for MnO, it could

also be at play in the capacity fade of FeS2 and CoS2. This can be addressed

through device level design, especially by optimizing feature sizes to mitigate

cracking, by integrating active material with binder and conductive additives,

and by using electrolyte additives.[146, 147] Another way to address the vol-

ume expansion that occurs during the cycling of initially crystalline compounds

is to begin with amorphous materials instead. In the Seshadri group, we have

recently found improved capacity retention through the use of amorphous Mo–

polysulfide aerogels.[47] An interesting feature of this cathode materials is that

the polysulfide chains, and not the Mo centers, are electochemically active.[47]
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In our work, we begin to identify trends that might be generally applicable to

conversion materials. One such finding is the irreversible formation of relatively

large domains of more ordered products. It is possible that these structures

have poor transport of Li+, e−, or both. This could be true of the local structure

and/or the interface between domains of different compositions. A combina-

tion of electron microscopy, chemical analysis, and computation could help to

identify which, if any, of these factors play a role in capacity fade.

While some conversion materials are good relative to others with the same

anion, structure, etc., the rates and efficiencies of intercalation materials used in

commercial applications will be difficult for conversion materials to match. For

larger scale, stationary storage operating above room temperature, however,

conversion materials could become competitive. This would require matching a

material to the specific design criteria for a given application. Cell design and

assembly would also need improvement, especially for electrolytes and cases

that are both cost effective and chemically stable at the necessary operating

conditions. In turning to the operation of conversion materials at elevated tem-

peratures, it would also be useful to explore the degree to which temperature

impacts the domain size, crystallinity, and local structure of cycling products.

In addition to conversion, sulfides are exciting for other types of next-

generation energy storage as well. One such alternative is based on divalent
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Mg-ions. The most promising cathodes for Mg-based storage are intercalation

sulfides. The soft S anion, compared to O, for example, seems to be beneficial

to capacity and rate capability.[1, 148] The lower electronegativity of S relative

to O does have a negative consequence of a lower potential, which limits the

energy density. However, the divalent nature of Mg provides an energy density

benefit and even the best liquid electrolytes for Mg batteries are probably not

stable at the 3 V to 4 V potentials typical of oxide intercalation cathodes.[149]

The work described here addresses just three conversion electrode materi-

als. Local structure analysis provides improved understanding of the modes

of charge storage and capacity fade for FeS2 and CoS2. There are reports, de-

scribed throughout the chapters, that apply similar and complimentary methods

to other conversion systems, especially fluorides, other sulfides, and some ox-

ides. However, more systematic evaluation of the role of structure, cation, and

anion on the cycling of other compounds is necessary to identify trends that are

more broadly applicable to conversion systems.
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Appendix A

Mesoporous materials from

template-free vapor-phase

reductive leaching of Zn from

Zn–M–O compounds (M = Nb, Mo,

W)

1The contents of this appendix have substantially appeared in Reference 150: C. Lermer, M.
M. Butala, B. R. Lettiere, and R. Seshadri, Mesoporous Materials from Template-Free Vapor-
Phase Reductive Leaching of Zn from Zn−M−O Compounds (M = Nb, Mo, W), Cryst. Growth
Des. 14 (2014) 4526–4530. Copyright 2014 American Chemical Society.
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Vapor-phase leaching of Zn and O from complex oxides was performed with

the goal of creating mesoporous metal oxides with connected porosity. At ele-

vated temperatures, complex Zn–M–O oxides (M = Nb, Mo, W) can be reduced

to yield textured product materials, including reduced M–O oxides, nitrides,

and the metal. The nature of the product varies with temperature, time, reduc-

ing atmosphere, and the identity of the metal M . M = Nb results in the forma-

tion of porous NbO2 without the need for extraneous templates or pore-formers.

The crystal chemistry of the starting Nb compound is found to influence the

nature of the texturing or porosity of the final product. The evolution of mor-

phology is also impacted by the starting Zn:Nb ratio. In the case of the Mo and

W compounds, reductive leaching yields the metal or metal nitride (for M =

Mo). Morphology change is also observed, and varies for each product phase.

An additional interesting aspect of the process is that the reductive leaching oc-

curs in stages, allowing intermediate Zn–M–O compositions with reduced M to

be stabilized. The evolution of morphology also appears to be dependent on the

initial and final crystal structures.
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A.1 Introduction

Porosity contributes to the improved performance of materials in ap-

plications such as catalysis,[151] liquid chromatography,[152] and energy

storage.[17] Various methods have been reported for preparing materials

with pores in the 1 nm to 200 nm range that are well-suited to many

applications.[153, 154] Among reported methods are those employing templat-

ing agents, which are incorporated into a material and later removed or de-

stroyed, leaving pores whose nature and degree of connectivity are dictated by

the template or pore-former. Surfactants[155], block copolymers[156], and sil-

ica templates[157, 158] are among the types of templates commonly used to

achieve porosity. One method for inducing porosity without the use of tem-

plates is dealloying. An early example of dealloying is Raney Nickel, which

is porous Ni used for catalysis that is formed by the removal of Al from a Ni-

Al alloy.[159] More contemporary examples of inducing porosity by dealloying

include the preparations of nanoporous Pt from Cu0.25Pt0.75,[160] nanoporous

Cu from Cu0.3Mn0.7,[161] and porous Sn from Li-Sn alloys.[162] Other studies

report the formation of oxides with well-connected pore structures using hy-

drothermal methods[163, 164] and by solid state decomposition of Ni(OH)2 to

NiO.[165]
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Vapor-phase leaching of a sacrificial element is another template-free

method of achieving porosity that can be used to make porous oxides and

metals. Given the mild temperature and pressure conditions required for the

volatilization of Zn, reductive leaching of Zn and O from Zn–M–O compounds

has been shown to result in a porous oxide for several 3d transition metals in-

cluding M = Mn,[166] Ti,[167, 168] and V[168] and porous metals for M =

Fe and Ni.[169]. In these cases, a Zn–M–O precursor compound is heated in a

reducing gas, reducing the Zn2+ in the complex oxide to the metal, which evap-

orates from the monolith. Concurrently, some oxygen leaves the monolith as M

is reduced to a lower oxidation state. The removal of Zn and O results in a net

decrease in the volume of the solid. A typical reaction illustrated for M = Mn

is:

ZnMn2O4(s) H2 ∆−→ Zn(g) + H2O(g) + 2MnO(s)

For the above reaction, the decrease in the total solid volume is nearly 42%

and, under appropriate conditions, this volume loss can be accommodated lo-

cally by the formation of connected porosity,[166] rather than by bulk contrac-

tion (i.e. densification and sintering). Continued heating of the product at

elevated temperatures for an extended period of time would typically be detri-
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mental to the porosity.

Here we report the products of the reductive leaching of Zn and O from Zn–

M–O compounds with M = Nb, Mo, and W. Nb was selected based on the pos-

sible application of niobium oxides as battery electrode materials,[41, 170, 171]

and the improvements in electrode performance that accompany porosity and

nano-scale features.[40] Monoliths of Nb2O5, ZnNb2O6, and Zn3Nb2O8 precur-

sor compounds, with varying Zn:Nb ratios, were prepared and then reduced

and leached. The Zn–Nb–O precursors were selected to evaluate the combined

and related effects of crystal structure, Zn:Nb ratio, and volume change on mor-

phology evolution. To consider the effect of transition metal M , the phases and

morphologies that resulted from the reductive leaching of ZnMoO4 and ZnWO4

were also studied. Reductive leaching of these compounds led to porosity from

ZnNb2O6, Zn3Nb2O8, and ZnMoO4. No fine scale features were evident after

the reductive leaching of ZnWO4. In addition to variations in morphology, the

nature of the product phase differed according to the transition metal M . Metal

oxides resulted for M = Nb and the elemental metal resulted for M = Mo and

W.
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A.2 Experimental Methods

Dense precursor monoliths of Nb2O5, ZnNb2O6, and Zn3Nb2O8 were pre-

pared using solid state methods. Nb2O5 was pelletized and sintered in air at

1373 K for 10 h. For the Zn–Nb–O compounds, appropriate molar ratios of

ZnO (Sigma-Aldrich 99.0%) and Nb2O5 (Sigma-Aldrich 99.9%) were mixed and

ground. The resulting powders were pelletized and sintered in air for 10 h

at 1398 K and 1373 K for ZnNb2O6 and Zn3Nb2O8, respectively.[172] A simi-

lar procedure was followed to prepare ZnMoO4 from equal molar ratios of ZnO

and MoO3 (Materion 99.945%) with sintering at 1073 K for 3 h in air.[173] For

ZnWO4, equal molar ratios of ZnO and WO3 (Sigma-Aldrich) were mixed, pel-

letized, and sintered in air at 1273 K for 3 h.[173]

Thermogravimetric analysis (TGA) using a Cahn TG-2141 TGA in flowing 5%

H2/N2 tracked mass loss as a function of temperature. This data informed the

development of heat treatments by revealing the temperatures at which mass

loss associated with Zn and O loss occur. Nitrogen sorption measurements were

performed using a MicroMeritics TriStar 3000 Porosimeter at 77 K after samples

were degassed at 393 K for 12 h under flowing N2. Laboratory powder X-ray

diffraction (XRD) data was collected using Cu Kα radiation (λ = 1.5418 Å) of a

Philips X’Pert diffractometer. Rietveld refinement with XND code[174] was used
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to confirm precursor and product phases. XRD scans were over a 2θ range from

10◦ to 100◦. The morphologies before and after reduction were observed using

SEM (XL40 Sirion FEG Digital Scanning Microscope FEI) with a beam voltage

of 5 kV. Each sample was mounted on a stainless steel holder using Cu tape and

sputtered with Au/Pd to prevent charging. VESTA was used for depicting the

crystal structures of precursor and product phases.[114]

A.3 Results and Discussion

A.3.1 Zn–Nb–O

Monoliths of three precursor phases with different Zn:Nb ratios were pre-

pared using solid state methods. Rietveld refinement of X-ray diffraction data

confirmed the phase purity of Nb2O5, ZnNb2O6, and Zn3Nb2O8 precursor mono-

liths (Figure A.1). Thermogravimetric measurements showed significant mass

loss, of Zn and O, near 1123 K. Accordingly, 1123 K was used for reducing heat

treatments of Nb compounds. Phase pure NbO2 reproducibly resulted with re-

duction from all three precursors in 5% H2/N2 at 1123 K for 20 h (Figure A.2).

That each sample was reduced to the same product phase indicates the stabil-

ity of NbO2 at the temperature and atmosphere conditions of the reducing heat
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Figure A.1: X-ray diffraction confirmed the phase purity of the Nb precursor

phases (a) Nb2O5, (b) ZnNb2O6, and (c) Zn3Nb2O8. Data as black circles and

Rietveld fit in red.
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Figure A.2: X-ray diffraction confirmed the phase purity of the NbO2 product

phases that resulted from the reduction of (a) Nb2O5, (b) ZnNb2O6, and (c)

Zn3Nb2O8. Data as black circles and Rietveld fit in red.
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treatment.

The precursor monoliths were all sintered and had similarly-sized grains

[Figure A.3 (a), (c,) and (d)]. No significant microstructural or morphologi-

cal changes accompanied the reduction of Nb2O5 to NbO2 [Figure A.3 (a) and

(b)]. However, connected pores ranging from 150 nm to 350 nm emerged with

the reduction of ZnNb2O6 to NbO2 [Figure A.3 (c) and (d)]. Connected pores

on the order of 100 nm to 250 nm also resulted from the reductive leaching of

Zn and O from Zn3Nb2O8 to NbO2 [Figure A.3 (e) and (f)]. Nitrogen sorption

measurements of these materials gave inconsistent results of both BET surface

area and BJH pore size distribution, a consequence of the relatively low surface

areas and the too-large pores in these materials.

While samples with high initial Zn:Nb ratios (3:2 rather than 0:2) had more

mass loss with reduction to NbO2, presumably contributing to the evolution of

porous morphology, there are also aspects of atomic arrangement at play. In

particular, the anticipated volume change and the relative crystal structures of

the precursor and NbO2 product (Figure A.4) can be considered with regard to

the emergent morphology. Nb2O5 is monoclinic with a combination of tetrahe-

dral and octahedral Nb sites, while monoclinic (defect-rutile) NbO2 contains all

octahedrally-coordinated Nb. This transformation involves a mass loss of one O

per two Nb atoms and a 28% decrease in volume. ZnNb2O6 and Zn3Nb2O8 pre-
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Figure A.3: SEM micrographs show that no appreciable microstructural evolu-

tion results from the reduction of (a) Nb2O5 to (b) NbO2, but that connected

porosity did result from the reduction of dense (c) ZnNb2O6 and (e) Zn3Nb2O8

precursors to (d) and (f) NbO2.
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Figure A.4: Crystal structures of Nb compounds: (a) Monoclinic Nb2O5 pro-

jected down the b axis. (b) Orthorhombic ZnNb2O6 projected down the c axis.

(c) Orthorhombic Zn3Nb2O8 projected down the c axis. (d) Monoclinic NbO2

projected down the b axis. NbOn polyhedra are blue, Zn is grey, and O is orange.
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cursors, however, have orthorhombic crystal structures with alternating layers

of octahedrally-coordinated Nb and Zn. Reduction to NbO2 involves a decrease

in volume of 32% and 53%, respectively. The alternating sheets of Nb and Zn

likely provide good diffusion paths for metallic Zn out of the structure, in the

same way Li easily diffuses between the layers of a LixCoO2 intercalation battery

cathode.

A.3.2 Zn–Mo–O

To assess the effect of transition metal M on reductive leaching, ZnMoO4

precursor monoliths were prepared using solid state methods. The phase purity

was confirmed using XRD and Rietveld refinement [Figure A.5(a)]. Reduction

at several time and temperature combinations led to the formation of differ-

ent phases. Heating in 5% H2/N2 at 923 K for 4 h resulted in the formation of

phase pure Zn2Mo3O8 with only some Zn removal and the reduction of Mo6+ to

Mo4+ [Figure A.5(b)], providing a new synthesis route for this compound. For

reductions between 973 K and 1073 K, a combination of Zn2Mo3O8 and Mo2N

resulted. Reduction at 1123 K for 4 h in 5% H2/N2 resulted in phase pure Mo2N

[Figure A.5(c)], in which all of the Zn and O were removed. Repeating the

reduction at 1123 K for 4 h in 5% H2/Ar formed Mo metal.
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Figure A.5: X-ray diffraction and Rietveld refinement confirm the preparation of

(a) ZnMoO4 and to identify the reductive leaching products (b) Zn2Mo3O8 from

reduction at 923 K for 4 h in 5% H2/N2 and (c) Mo2N at 1123 K for 4 h in 5%

H2/N2. Data as black circles and Rietveld fit in red.
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The phase change to each Mo product phase was accompanied by a mi-

crostructural or morphological change. Dense ZnMoO4 [Figure A.6(a)] reduced

at 923 K to the intermediate Zn2Mo3O8 developed a plate-like morphology at the

surface [Figure A.6(b)]. Reduction at 1123 K resulted in the complete removal

of Zn, forming Mo2N in 5% H2/N2 and textured Mo metal in 5% H2/Ar [Fig-

ure A.6(c) and (d)], both with connected pores in the 50 nm to 100 nm range,

as assessed by SEM. While these pore sizes are within the range of nitrogen

sorption, neither BET surface area nor BJH pore size distribution were reliable

for these low surface area materials.

The evolution of morphology and microstructure with increasing Zn

volatilization is observed in Figure A.6. Once again, rather than considering

the mass loss associated with Zn and O removal, the emergence of features can

be considered in terms of the atomic arrangement of each reduction product

phase relative to the ZnMoO4 precursor [Figure A.7]. ZnMoO4 has octahedrally

coordinated Zn and tetrahedrally coordinated Mo. With the first removal of Zn,

there is a transformation to Zn2Mo3O8, which has alternating layers of ZnO6

and MoO6 octahedra, with retention of some ZnO4 tetrahedra (Figure A.6). This

first transformation has a decrease in volume near 45% . An additional 36% vol-

ume decrease results from the reduction of Zn2Mo3O8 to Mo. The net volume

loss is significant, and, in this case, manifests with the emergence of texture or
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Figure A.6: SEM shows that dense the dense precursor (a) ZnMoO4 forms (b) a

plate-like morphology with reduction to Zn2Mo3O8 at 923 K for 4 h in 5% H2/N2.

Connected pores on the order of 50 nm to 100 nm were observed after reduction

to (c) Mo2N at 1123 K in 5% H2/N2 and (d) Mo at 1123 K in 5% H2/Ar.
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Figure A.7: Crystal structures of Mo and W compounds: (a) Triclinic ZnMoO4

projected down the c axis. (b) Hexagonal Zn2Mo3O8 projected down the b axis.

(c) Monoclinic ZnWO4 projected down the c axis. (d) Monoclinic WO2 pro-

jected down the c axis. (e) Tetragonal Mo2N projected down the a axis. MoOn

polyhedra are purple, WOn polyhedra are green, Zn is grey, and O is orange.

connected porosity, respectively, in reduction products.

A.3.3 Zn–W–O

The ZnWO4 precursor was prepared using solid state methods. Precursor

and reduction product phases were assessed using powder XRD (Figure A.8). A

biphasic product of WO2 and W resulted from the reduction of ZnWO4 at 1073 K
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for 3 h in 5% H2/N2. A 10 h reduction using the same temperature and reducing

gas resulted in pure W.

As observed for systems with M = Nb and Mo, the removal of Zn saw a

change in morphology forM = W. The dense, monoclinic ZnWO4 did increase in

texture with reduction to a combination of bcc W and monoclinic WO2. Longer

reduction, however, saw complete reduction to W metal, which appeared to

have faceted grains (Figure A.9) rather the more distinct features observed for

M = Nb and Mo. The crystal structure of ZnWO4 is comparable to that of

ZnNb2O6, with alternating layers of Zn and W octahedra (Figure A.7). Based on

the structures, the expected volume change with reduction is about 50% for the

transition from ZnWO4 to WO2 and 76% for the transition from ZnWO4 to W.

Despite the significant volume change with reduction, the volume loss in this

case manifests in the formation of faceted grains.

A.4 Conclusions

The use of reductive leaching of Zn and O from Zn–M–O compounds with

M = Nb, Mo, and W to prepare porous and textured metals and oxides has been

presented. Porous NbO2 resulted from the reductive leaching of ZnNb2O6 and

Zn3Nb2O8, but not from Nb2O5. This is in contrast to what has been previously
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Figure A.8: X-ray diffraction was used to confirm the preparation of (a) ZnWO4

and identify the product phases. Reduction at 1073 K for 3 h in 5% H2/N2 re-

sulted in (b) biphasic W (blue) and WO2 (green). Increasing the reducing time

led to complete reduction to W metal. Data as black circles and Rietveld fit in

red.
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Figure A.9: SEM reveals (a) the dense morphology of the ZnWO4 precursor

and (b) the faceted grains of W that result from complete Zn vaporization and

reduction at 1023 K for 10 h.

reported for the reduction of Mn3O4 to MnO, during which pores develop.[26]

Mo or Mo2N with connected porosity resulted from the reductive leaching of

Zn from ZnMoO4, depending on the reducing atmosphere. An intermediate

Zn2Mo3O8 with plate-like morphology resulted with some Zn removal. W metal

from the ZnWO4 precursor does not show such microstructural or morphological

development, but has faceted, micron-sized grains. The chemical composition

(metal, oxide, or nitride) of the resulting phase varied according to the nature

of M , specifically on the stability of M relative to the oxides (or nitride).
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Appendix B

Synthesis, Characterization, and

Electrochemical Testing of β−Li3PS4

Solid Electrolyte

B.1 Introduction

Of the many “beyond Li-ion” systems of interest to replace state-of-the-art

electrochemical energy storage, Li−S has long been a contender. The appeal

of this system lies in the high capacity of the Li anode and the elemental sul-

1Claudia Göbel, Anna Lehner, Jeffrey Gerbec, Sara Smock, and Ram Seshadri have con-
tributed to this work.
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fur cathode, 3860 mAh g−1 and 1675 mAh g−1, respectively, as well as the high

abundance and low cost of S, a byproduct of oil refining. Despite excellent

promise, the Li−S conversion battery system is plagued by capacity fade, largely

caused by parasitic reaction such as the polysulfide shuttle, which results from

the solubilization of polysulfide species into the ether-based liquid electrolyte.

A great paradox and challenge of Li−S lies in that both the function and failure

of Li−S batteries result from the solubility of species in the liquid electrolytes

used. Many methods have been employed to prevent the detrimental effects of

the polysulfide shuttle, including the use of functionalized mesoporous carbons

to trap polysulfides at the cathode[175] and liquid electrolyte additives to pre-

vent reaction of polysulfide at the Li anode.[176] Another approach is to use

a solid electrolyte, in which polysulfides are not soluble and, thus, polysulfide

shuttle can be prevented altogether.

One class of conductive glasses and crystalline ceramics of interest is based

on Li, P, and S. These lithium thiophosphates (LPS) have been explored as

glasses and crystalline ceramics.[177, 178] Among LPS for solid electrolytes,

Li7P3S11 has conductivity on the order of 10−3 S cm−1 at room temperature, but

is metastable and has so far only been prepared from glassy Li2S−P2S5 precur-

sor materials.[178, 179] In 2013, Liu et al. reported the preparation of another

metastable LPS: β−Li3PS4.[180] While γ−Li3PS4 is thermodynamically stable
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Figure B.1: The high-temperature β−Li3PS4 (Pnma) is composed of PS4 tetrahe-

dra and a combination of tetrahedrally- and octahedrally-coordinated Li (ICSD

collection code 180319[182]).

at room temperature, Liu et al. stabilized the high-temperature β phase as a

nanocrystalline and nanoporous powder through a solvent-based preparation,

for which they found room temperature Li+ conductivity (σLi) on the order

of 10−4 S cm−1.[180] The β phase is expected to have higher Li+ conductivity,

related to more connectivity of Li polyhedra (Figure B.1).[181, 182] Lin et al.

report promising performance of an all-solid state Li−S battery with β−Li3PS4

solid electrolyte, which maintained a capacity upwards of 1000 mAh g−1 for 300

cycles at 60◦C.[183]

We adapted the reported solvent-based preparation to our facilities and es-

tablished air-free methods of characterizing the resulting materials. We also
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tested the conductivity of the prepared LPS powder through electrochemical

impedance spectroscopy (EIS). We tested this material as the solid electrolyte

in several all-solid state batteries with either S or TiS2 as the active materials

in the cathode and Li as the anode, which served as the counter and reference

electrode. While we did not achieve reversible cycling, we identified several

important areas to consider in selecting and realizing the application of these

materials for all solid state batteries.

B.2 Experimental Methods

The reported multi-step solvent-based synthesis reported by Liu et al.,[180]

was adapted to our facilities, as summarized in Figure B.2. We began by stirring

Li2S and P2S5 in tetrahydrofuran (THF) (Figure B.2A), followed by washing the

product with additional solvent, shaking, centrifuging, and decanting to isolate

the solvate (Figure B.2B). THF was removed by heating to 80◦C under vacuum,

which yielded amorphous Li3PS4 (Figure B.2C). The amorphous product was

crystallized by heating to 140◦C under vacuum (Figure B.2D).

Raman spectra were collected using a Nicolet Magna 850FTIR Spectrometer

with an FT-Raman module using an Ar laser with λ = 1024 nm. Samples were

measured in 5 mm outer diameter glass tubes without exposure to air. For X-ray
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Figure B.2: LPS was prepared in several air-free steps. (A) A suspension of Li2S

and P2S5 powders in THF was stirred overnight. (B) Excess THF was removed

and powder was washed with THF by centrifuging and decanting to isolate a

Li3PS4−THF solvate. (C) THF was removed by heating to 80◦C under vacuum

for 2 h resulting in amorphous Li3PS4. (D) Nanocrystalline Li3PS4 resulted after

heating amorphous powder to 140◦C for 2 h.

diffraction (XRD), powders were filled into borosilicate capillaries with an outer

diameter of 0.7 mm in an Ar glovebox. Capillaries were temporarily sealed with

putty before they were flame-sealed outside of the glovebox. Diffraction was

recorded in transmission mode using a Panalytical Empyrean powder diffrac-

tometer with a Cu source (Cu Kα = 1.5418 Å). Rietveld refinement of crystalline

products was carried out using the software program Topas.[28]

Ionic conductivity was determined by fitting impedance spectra collected

from 25 ◦C to 85 ◦C in 10◦C intervals. For these measurements, Li3PS4 powder

was pressed into a pellet in a Swagelok cell (Figure B.3). About 50 mg of pow-

der pressed between the plungers of the cell to about 1 ton-force, as shown in
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Figure B.3: Cells were prepared by pressing powders in (center) the Swagelok

cells used for electrochemical measurements. The schematics show the cell con-

figuration (left) for variable temperature EIS and (right) for electrochemical

cycling.

Figure B.3, resulted in a 12.1 mm diameter and 0.3 mm thick pellet.

For electrochemical cycling, Li3PS4 was first pressed following the same pro-

cedure described above. Depending on the experiment, between 40 mg and

80 mg of electrolyte powder was used, resulting in a pellet between 0.3 and

0.7 mm thick. On one side of the pressed electrolyte pellet, 20 mg to 40 mg of

the cathode powder was gently spread over the electrolyte. The cathode was

pressed onto the electrolyte pellet with 1 ton-force and the cathode side of the

cell was closed. On the other side of the electrolyte, a 12 mm diameter Li foil

was carefully centered before closing the cell (Figure B.3). For all half cells, the
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active material, either S or TiS2, was mixed with conductive carbon additive

and electrolyte powder for the cathode. S was combined with Ketjen Black (KB)

(Azko Nobel) and Li3PS4 in a ratio of 37.5:12.5:50 by weight. Because TiS2 is

a better electronic conductor than S, it was combined with KB and Li3PS4 in a

ratio of 35:5:60 by weight.

All electrochemical measurements were collected using a Bio-Logic VMP-3.

Because of the significant temperature dependence of ionic conductivity, even

room temperature measurements were conducted in a TestEquity Temperature

Chamber (Model 115A) oven. EIS data were fit to appropriate equivalent cir-

cuits to determine impedance, Z. This was used to calculate Li+ conductivity,

σLi, according to Equation B.1:

σLi =
t

πr2Z
(B.1)

such that t is pellet thickness and r is pellet radius.

B.3 Results and Discussion

The solvate was isolated by washing with clean THF after stirring (Fig-

ure B.2A). Raman shows vibrations near 900 and 2900 cm−1 associated with
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Figure B.4: Raman showed the progression from the solvate, to amorphous

Li3PS4, and to crystalline Li3PS4 at various steps of the synthesis.

THF (Figure B.4). While the solvate structure is not known, XRD shows a large

peak at 10◦, suggestive of solvate with a large unit cell [Figure B.5(a)].

After heating to 80◦C under vacuum (Figure B.2C), XRD shows two broad

peaks, indicative of an amorphous product [Figure B.5(a)]. Raman indicates

THF has been removed and the PS4 units remain (Figure B.4). After heating

to higher temperatures, XRD shows broad peaks, arising from the nanocrys-

tallinity we anticipate (Figure B.5). From Rietveld refinement of the crystalline

sample, we determined 75% was the goal phase, β−Li3PS4, and the rest was

the γ phase [Figure B.5(b)]. The broad background near 20◦ has contributions
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Figure B.5: (a) XRD of the solvate, amorphous Li3PS4, and crystalline Li3PS4

show the products after each preparation step. The “crystalline” Li3PS4 has a

large background caused in part by remaining amorphous Li3PS4. (b) Rietveld

refinement reveals 75% of the crystalline powder is the goal phase, β−Li3PS4,

and the remaining is the γ phase.
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from the glass capillary used for the measurements and also possibly from some

remaining amorphous Li3PS4.

EIS was recorded from 25◦C to 85◦C in 10◦C increments after sitting at each

temperature for 2.5 h. The spectra are composed of a semicircle at high frequen-

cies (low impedance) and a tail at lower frequencies. A representative spectra is

shown in Figure B.6(a), as is a representative fit near the low frequency end of

the semicircle. The fit was carried out using the equivalent circuit depicted, such

that Q elements are constant phase elements, W is a Warburg element, and R is

a resistor. The value of R2 from each fit was used as impedance, Z, to calculate

σLi at each temperature. We find σLi of 2.4×10−5 S cm−1 and 1.4×10−4 S cm−1

at 25◦C to 85◦C, respectively. The resulting conductivity at each temperature

was plotted as a function of 1000 T−1 and fit with an exponent of the form

(Equation B.2):

σ(T ) = σoe
Ea
RT (B.2)

such that Ea is activation energy and R is the gas constant. Ea was calculated

from the exponential term of the fit to be 0.26 eV (excluding the outlier at 65◦C).

Half cells with a Li anode and S as the active material in the cathode were

cycled at 25◦C and 85◦C. Cyclic voltammetry (CV) of the first discharge with a
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Figure B.6: (a) Representative impedance spectra recorded at 45◦C (circles)

and fit (orange) with the equivalent circuit shown. From each fit spectra, the

R2 parameter was used as Z to calculate σLi. (b) The conductivity at each

temperature is plotted vs. 1000T−1 and fit by an exponential with and without

an outlier at 65◦C to determine the Li+ diffusion activation energy, Ea.
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sweep rate of 0.5 mV s−1 shows a significantly higher current for the higher tem-

perature cell (Figure B.7), indicating more usable capacity could be achieved at

that higher temperature. This is likely a consequence of increased ionic con-

ductivity of the the LPS and improved kinetics of the reduction of S to Li2S at

elevated temperatures. To better understand the differences in the CV for the

two temperatures, we compared XRD of the composite cathode powder before

and after cycling (Figure B.8). Before cycling, we see peaks in XRD that cor-

respond to Li3PS4 and S [Figure B.8(a)]. After cycling, the cathode from the

cell discharged at 25◦C is relatively unchanged, whereas that from the higher

temperature cell has peaks associated with Li2S [Figure B.8(b)].

Both cells shorted upon charge, which we also saw for Li−S cells cycled

galvanostatically at 85◦C with thinner cathode and electrolyte pellets. We find

for the cell discharged at 85◦C (from CV) that domains of Li2S of sufficient size

and crystallinity to be observed by XRD have formed. Like S, Li2S has poor ionic

and electronic conductivity, which could contribute to the irreversibility. Also, it

is possible that the cathode, electrolyte, or both, pellets crack due to the large

volume expansion associated with lithiation of S to Li2S.

Because there are many possible issues that could arise using S (poor con-

ductivity, large volume expansion, etc.), we carried out a similar experiment

using TiS2, a conductive intercalation compound as the active material in the
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Figure B.7: The reduction sweeps of CV for Li/Li3PS4/S:Li3PS4:KB cells at 25◦C

and 85◦C show significantly different currents are achieved for the low and high

temperature cells.
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Figure B.8: (a) XRD of the cathode powder before cycling shows contributions

from the active material, S, and from the electrolyte, Li3PS4. (b) XRD after

cycling shows the cathode from CV at 25◦C has not significantly changed while

the cathode of the cell cycled at 85◦C shows the formation of Li2S from the

reduction of S by Li+.
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Figure B.9: Galvanostatic cycling of a Li/Li3PS4/TiS2:Li3PS4:KB cell at 85◦C.

cathode. In galvanostatic cycling at a rate of C/40, we saw lithiation over a

sloped discharge curve during reduction (Figure B.9), as expected for the in-

tercalation of Li between layers of [TiS6] octahedra. The cell began to charge

normally, but after the removal of about 0.2 mol Li per formula unit of TiS2, the

cell shorted.

The shorting of this cell, despite much less volume expansion and better con-

ductivity of the active material, suggests there are issues with cell assembly or

the stability of the electrolyte in contact with various cell components, including

the Li metal anode.[184]
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B.4 Conclusions

Solid electrolytes, especially in the LPS family of glasses and ceramic com-

pounds, are an exciting direction toward enabling high energy density systems.

However, there are many challenges in realizing solid state batteries. Cell design

requires iterative trial and error to engineer a robust configuration to prepare

and test thin, ceramic pellets of air-sensitive materials. Other groups are tackling

these issues and finding success through a great deal of effort in optimization of

cell design and assembly, especially the groups of Kanno in Tokyo and Janek in

Geissen.

In our work, we found electronic and ionic conductivity of the cathode pellet

are critical and some improvements in cycling could be made by increasing the

loading of ionic and electronically conductive components. However, we over-

whelmingly identify more fundamental issues, especially that of poor chemical

and electrochemical stability of the electrolyte in contact with other cell compo-

nents. For example, Claudia Göbel’s masters thesis, carried out in the Seshadri

group at University of California Santa Barbara, includes an X-ray photoelectron

spectroscopy study that reveals chemical changes when a voltage or current is

applied to a cell in which Li3PS4 in contact with Li and conductive carbon addi-

tive KB.
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The materials issues of chemical and electrochemical stability of LPS have

emerged in the literature through experimental and computational studies. The

group of Janek (and others) report instability of LPS in contact with Li, which is

a significant challenge to using LPS to enable the use of Li metal anodes.[184,

185] Additionally, computational work provides a useful perspective: the soft

anions of LPS and related materials seem to provide good σLi, but are only stable

in a small electrochemical window relative to other classes of materials.[186]

Current progress in the field is largely focused on cell design as well as coatings

to enable the use of LPS electrolytes with layered oxide cathode materials.[187]

189



Bibliography

[1] E. Levi, Y. Gofer, and D. Aurbach. On the way to rechargeable Mg batter-
ies: The challenge of new cathode materials. Chem. Mater., 22:860–868,
2010.

[2] C. M. Hayner, X. Zhao, and H. H. Kung. Materials for rechargeable
lithium-ion batteries. Annu. Rev. Chem. Biomol. Eng., 3:445–471, 2012.

[3] J. B. Goodenough. Rechargeable batteries: Challenges old and new. J.
Solid State Electrochem., 16:2019–2029, 2012.

[4] J. W. Choi and D. Aurbach. Promise and reality of post-lithium-ion bat-
teries with high energy densities. Nat. Rev. Mats., 1:16013, 2016.

[5] N. Yabuuchi, K. Kubota, M. Dahbi, and S. Komaba. Research development
on sodium-ion batteries. Chem. Rev., 114:11636–11682, 2014.

[6] J. Cabana, L. Monconduit, D. Larcher, and M. R. Palaćın. Beyond
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mössbauer spectroscopy of reduced cathodes in the lithium/iron disul-
fide battery system: Evidence for superparamagnetism. J. Phys. Chem.,
94:832–836, 1990.

[64] D. A. Tryk, Y. Hu S. Kim, W. Xing D. A. Scherson, M. R. Antonio, V. Z.
Leger, and G. E. Blomgren. Electrochemical insertion of lithium into
pyrite from nonaqueous electrolytes at room temperature: An in situ Fe
K-edge X-ray absorption fine structure study. J. Phys. Chem., 99:3732–
3735, 1995.

[65] R. Fong, C. H. W. Jones, and J. R. Dahn. A study of pyrite-based cath-
odes for ambient temperature lithium batteries by In Situ 57Fe Mössbauer
spectroscopy. J. Power Sources, 26:333–339, 1989.

[66] R. Fong, J. R. Dahn, and C. H. W. Jones. Electrochemistry of pyrite-based
cathodes for ambient temperature lithium batteries. J. Electrochem. Soc.,
136:3206–3210, 1989.

[67] D. A. Totir, M. R. Antonio, P. Schilling, R. Tittsworth, and D. A. Scher-
son. In situ sulfur K-edge X-ray absorption near edge structure of an em-
bedded pyrite particle electrode in a non-aqueous Li+-based electrolyte
solution. Electrochim. Acta, 47:3195–3200, 2002.

[68] P. Gard, C. Sourisseau, G. Ouvrard, and R. Brec. Infrared study of lithium
intercalated phases in the LixFeS2 system (0 ≤ x ≤ 2). characterization
of a new iron disulfide. Solid State Ionics, 20:231–238, 1986.

[69] C. J. Pickard and R. J. Needs. High-pressure phases of silane. Phys. Rev.
Lett., 97:045504, Jul 2006.

[70] C. J. Pickard and R. J. Needs. Ab initio random structure searching. J.
Phys.: Condens. Matter, 23(5):053201, 2011.

197



[71] S. J. Clark, M. D. Segall, C. J. Pickard, P. J. Hasnip, M. J. Probert, K. Ref-
son, and M.C. Payne. First principles methods using CASTEP. Z. Kristall.,
220:567–570, 2005.

[72] John P. Perdew, Kieron Burke, and Matthias Ernzerhof. Generalized gra-
dient approximation made simple. Phys. Rev. Lett., 77:3865–3868, 1996.

[73] Hendrik J. Monkhorst and James D. Pack. Special points for Brillouin-
zone integrations. Phys. Rev. B, 13:5188–5192, 1976.

[74] M. K. Aydinol, A. F. Kohan, G. Ceder, K. Cho, and J. Joannopoulos. Ab
initio study of lithium intercalation in metal oxides and metal dichalco-
genides. Phys. Rev. B, 56:1354–1365, 1997.

[75] S. L. Dudarev, G. A. Botton, S. Y. Savrasov, C. J. Humphreys, and A. P.
Sutton. Electron-energy-loss spectra and the structural stability of nickel
oxide: An LSDA+U study. Phys. Rev. B, 57:1505–1509, 1998.
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