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Abstract

Hybrid Architectures for Next Generation Batteries

by

Kimberly A. See

Efficient energy storage technologies that utilize sustainable resources will
enable the development and implementation of new modes of transportation,
such as electric vehicles, and renewable electricity generation, such as wind
turbines, and photovoltaics, to name a few. Electric vehicles require mobile
energy sources while intermittent renewable energy technologies require stationary energy storage. Currently, electric vehicle technology is confined by the
ubiquitous Li-ion intercalation type chemistries that dominate the rechargeable
battery market. These chemistries, while extremely efficient, suffer from low
gravimetric capacities due to the high percentage of spectator atoms, atoms not
able to store charge, that make up many of the cathode materials. While battery weight is not as much of a consideration for the stationary energy storage
required for intermittent renewable energy, for example, the cost and sustainability of the materials used in intercalation systems is of great consideration.
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In this regard, intercalation systems again fall short of these ideal requirements.
Expensive and relatively rare elements, such as Co, are commonly used in intercalation cathodes preventing widespread application.
The work in this thesis describes the development of next generation energy
storage devices that utilize abundant and sustainable resources. We develop
known and discover new redox chemistries that go beyond Li-ion technology.
Careful evaluation of the underlying chemistries allows detailed insights into
redox mechanisms and provides functional handles to control device performance. In Chapters 2-4, the reversible redox chemistry of S, a very abundant
and geographically disperse resource, as a cathode will be discussed. A new understanding of the chemistry occurring during the discharge of the Li-S system
will be detailed in Chapters 2 and 3 and the development of a new S-based electrochemical system, the Ca-S system, will be described in Chapter 4. This system
uniquely utilizes a Ca metal anode, which is a much more abundant and easily attainable resource than Li. In Chapter 5, alternative Ca sources to Ca metal
anodes will be discussed. Chapter 6 details technical challenges when approaching alternative anode research, for example the materials discussed in Chapter
5. Finally, in Chapter 7 the redox chemistry of materials derived from renewable
organic resources is detailed namely organic networks with N heteroatoms.
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Chapter 1
Next Generation Energy Storage
Based on Conversion Reaction
Systems Utilizing Sustainable
Resources

The need for energy storage research
The development and application of alternative energy sources is crucial to
sustain the quality of life enjoyed by developed countries and allow developing
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countries the same opportunities for advancement. There are two main categories for which resources must be converted to usable energy including: (1) the
generation of electricity to power our homes and businesses and (2) the generation of kinetic energy to power transportation. Although coal fired power plants
and nuclear energy facilities can provide constant electricity no matter the time
of day, alternative energy sources are also needed to support these sources for a
variety of reasons. First and foremost, coal is a limited resource and its combustion in coal plants contributes to a substantial portion of the greenhouse gases
that contribute to climate change. Nuclear energy, on the other hand, is not currently capable of supporting the energy demand thus requiring the support of
energy alternatives. When considering the energy requirements for transportation in our world, petroleum fuels are the simplest energy source due to the
infrastructure for gasoline powered cars and the relatively inexpensive price of
fuel. Gasoline is produced via the refinement of hydrocarbon feedstocks often
sourced from oil wells that contain a limited quantity of the resource. Again,
the combustion of these fuels results in the formation of more greenhouse gases
that contribute to climate change.
Resource and climate change considerations drive the development of alternative energy sources to those described above. There are many efforts to
develop renewable, carbon-neutral or even carbon-negative resources including
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wind, solar and geothermal into usable energy such as electricity or fuels. The
development of these resources for electricity generation inherently requires the
need for energy storage due to their intermittent nature. Geothermal is the exception since it is perpetual, however, geothermal resources are geographically
dependent preventing widespread application.
Energy storage is one piece of the puzzle that will allow widespread deployment of wind and solar. Wind and solar themselves are just a few parts of a
global energy profile which also includes transportation energy needs where,
again, energy storage is a pinnacle enabling technology. In this thesis, redox
chemistries will be discussed that make steps toward addressing energy storage
needs using sustainable materials. Energy can be stored in a variety of ways but
in this thesis, energy storage as potential energy in electrochemical devices will
be highlighted.

Electrochemical energy storage basics
For intercalation energy storage systems, the cell consists of mainly three
components: (1) the anode, (2) the cathode, and (3) the electrolyte. While conventional electrochemistry vernacular would define the anode as the electrode
at which oxidation occurs, this is only half true for reversible energy storage
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systems. In the battery vernacular, the anode is indeed where oxidation occurs,
but only during cell discharge. Upon charging, reduction occurs at this same
electrode. The same is true for the cathode. Upon discharge, reduction occurs
at the cathode and upon charging, oxidation occurs at the same electrode but
often the material will still be referred to as the cathode active material. A more
straightforward way to designate the electrodes is to compare the reduction potentials. The electrode with a more negative reduction potential is defined as the
anode thereby defining the electrode with a more positive reduction potential
as the cathode.
There are two main metrics for energy storage systems that will be considered at length in this dissertation: gravimetric capacity and cell voltage. The
theoretical capacity, Qtheor. , of a material can be easily calculated if the structure
or stoichiometry and chemistry is known:

Qtheor. =

26801( mAh
)
mol
× #electrons
g
M W ( mol )

(1.1)

Experimentally, the capacity of a material can be determined by galvanostatic
cycling experiments. The active material of interest is typically cycled vs. a
counter electrode with negligible kinetic limitations and the mass of the counter
electrode active material is such that the active material at the working electrode
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Figure 1.1: Galvanostatic cycling of a Li | 1 M LiTFSI in ethyl methyl sulfone | S/C
two-electrode coin cell at a rate of C/10, calculated from Qtheor . The cell is allowed
to sit at open circuit for 4 h before discharge.
is the limiting reagent. This is called a half-cell. For Li-based batteries, Li metal
is a good counter electrode for such studies. During galvanostatic cycling, a
constant current is applied to the cell and the potential response is measure
(Figure 1.1). The magnitude of the applied current is determined by the C rate
at which the cell is cycled. A cell cycled at C/10, for example, would reach full
discharge, i.e. the material would be fully reduced, in 10 h. In this work, all
C rates are calculated based on Qtheor. using the mass of the active material in
the cell. Often, the cell does not discharge for a full 10 h due to incomplete
utilization of the active material, which can be seen in Figure 1.1.
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Gravimetric capacity is usually expressed in units of mA.h g−1 , which is a
complicated way of expressing 3.6 C g−1 . Of course, capacity can be normalized volumetrically, as well, yielding mA.h L−1 . The importance of one over
the other is governed by the intended application of the system, however, academic research largely reports gravimetric capacity since gravimetric capacity is
straightforward to measure. The density changes during discharging and charging make volumetric capacity hard to measure. The capacity can be determined
from the galvanostatic discharge curve (Figure 1.1):

Qexp. (

mA.h
Iapp. (mA) × ∆t(s)
)=
÷ 3.6
g
m(mg)

(1.2)

Cell voltage is another important consideration when developing new energy
storage chemistries. While the number of electrons stored in the material is extremely important, i.e. the capacity, the energy of the electrons, i.e. the voltage,
is also very important and governs the power of the cell:

P (W ) = I(A) × V (V )

(1.3)

The ideal anode exhibits a reduction potential as close to that of Li/Li+ , the
most negative reduction potential, as possible and a cathode material with a
reduction potential as positive to the anode as possible. These potentials must
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lie within the potential window of the electrolyte.

Sustainability considerations energy storage materials: Why conversion?
The

current

state-of-the-art

intercalation-based chemistries.

for

rechargeable

battery

systems

are

Li-ion intercalation batteries, for exam-

ple, shuttle Li+ in and out of a host lattice without significantly changing their
position. In this case, redox does not occur on the Li+ itself but on redox
active transition metal centers within the host lattice. Because not all the
atoms in the host lattice are redox active, there are many spectator atoms
that contribute to weight and volume but not capacity. Additionally, many of
the intercalation materials that are used rely on rare elements, such as Co.
Therefore, moving away from intercalation chemistry to conversion reactions
where chemical reaction take place at both electrodes opens the door to higher
capacity materials and more sustainable materials.
This thesis will consider a range of materials that are redox active and sustainable in order to make steps toward next generation energy storage technology (see Figure 1.2). S, Ca, and organic networks are discussed at length. S
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undergoes reversible reduction to S2− resulting in a Qtheor. of 1675 mA.h g−1 and
available worldwide as both a natural product and the byproduct of petroleum
refining. Turning S into a commodity chemical by using it in electrochemical energy storage would be transformative not only for battery technology, but also
for intermittent renewable energy storage as discussed earlier. Moving away
from Li and toward alternatives such as Ca is important because of the geographical isolation of Li reserves and the relatively low natural abundance. Ca
is not only inexpensive, but it is also highly abundant worldwide. Organic materials are especially interesting due to the possibility of producing them from
renewable resources.
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Figure 1.2: Resource considerations are important when designing new battery
chemistries. Li is a great choice for a battery material due to its low reduction potential and high mobility but it is geographically isolated to Argentina, Bolivia, and Chile.
A large portion of the world’s Li reserves are in the Salar de Uyuni in Bolivia pictured
in (a) (photo credit Kelsey Robb). S, on the other hand, is located all over the world
as both a natural product and a byproduct of petroleum refining. It can be found in
volcanic areas such as volcanic vents like those found at the Sulfur Banks in Volcano
National Park in Hawai’i pictured in (b).
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Chapter 2
Ab initio Structure Search and
in-situ 7Li NMR Studies of Discharge
Products in the Li–S Battery System
The high theoretical gravimetric capacity of the Li–S battery system makes
it an attractive candidate for numerous energy storage applications. In practice,
cell performance is plagued by low capacity and poor cycling. In an effort to
explore the mechanism of the discharge with the goal of better understanding
1

Contributions to this work were made by Michal Leskes, John M. Griffin, Sylvia Britto, Peter
D. Matthews, Alexandra Emly, Anton Van der Ven, Dominic S. Wright, Andrew J. Morris, and
Clare P. Grey. The DFT calculations were done by Andrew J. Morris, Alexandra Emly, and Anton
Van der Ven.
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performance, we examine the Li–S phase diagram using computational techniques, and complement this with an in-situ 7 Li NMR study of the cell during
discharge. Both the computational and experimental studies are consistent with
the suggestion that the solid product formed in the cell is Li2 S, formed soon
after cell discharge is initiated. In-situ NMR spectroscopy also allows the direct observation of soluble Li+ -species during cell discharge; species that are
known to be highly detrimental to capacity retention. We suggest that during
the first discharge plateau, S is reduced to soluble polysulfide species concurrently with the formation of a solid component (Li2 S) which forms near the
beginning of the first plateau. The NMR data suggests that the second plateau is
defined by the reduction of the residual soluble species to solid product (Li2 S). A
proposed ternary diagram can be usedis presented to rationalize the phases observed with NMR during the discharge pathway and provides a thermodynamic
underpinnings for the shape of the discharge profile as a function of electrolyte
composition.

2.1

Introduction

The possibility of high gravimetric capacity of the Li–S battery system (1675
mA.h g−1 assuming full S0 reduction to S2− ) makes it an attractive candidate for
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energy storage applications where battery weight is of the highest importance,
including electric vehicle and mobile electronics applications. The comparatively added benefit of the LiS system is the low cost and greater availability of
the electrode materials. The commercial success of this system is limited due
to poor cell performance. In practice, the cell is plagued by low capacity and
poor cycling for a variety of reasons including the low ionic and electronic conductivity of sulfur[1] and the formation of soluble intermediates.[2] It is crucial
for the success of this technology that the mechanism of the discharge and the
origin of these issues are understood, in order to design better materials and cell
configurations.
The Li–S discharge somewhat unusually exhibits two plateaus,[3] for which
several proposed mechanisms have been put forward. Direct evidence for these
mechanisms is difficult to obtain due to multi-step reactions that are further
complicated by the formation of a variety of transient species. To summarize
what is widely accepted, the first discharge plateau is believed to result in the
formation of relatively long chain polysulfides, often suggested to be Li2 S8 and
Li2 S6 , while the second plateau results in further reduction to shorter chain polysulfides often denoted as Li2 S4 , Li2 S2 and finally, Li2 S.[4] It is thought that most
of these intermediate species are formed as the result of a cascading reduction
starting from solid S to produce dissolved species in the electrolyte with the
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solubility decreasing as the chain length of S decreases until finally, two solid
products are formed: Li2 S2 and Li2 S.[4]
Various ex-situ techniques have been used to probe this proposed mechanism
and have often resulted in contradictory conclusions regarding the nature of intermediate species and the final discharge product. The formation of amorphous
solids and dissolved salts limit the use of commonly employed battery characterization techniques such as X-ray diffraction (XRD). Identifying intermediate
species is often difficult as species in solution are dynamic and constantly undergoing disproportionation reactions,[5–7] additionally creating challenges in
the interpretation of ex-situ measurements. Ex-situ measurements of the electrodes themselves can also be flawed as electrodes after cell disassembly can be
contaminated with intermediates that would otherwise be in solution.
The contradictory results of many ex-situ characterization techniques highlight the need for robust in-situ characterization. A handful of in-situ techniques
have been explored to reveal details regarding the mechanism of the Li–S discharge. Nelson et al. determined with in-situ XRD and transmission X-ray microscopy that crystalline Li2 S is not formed at the end of discharge and most of
the intermediate polysulfides are retained inside the cathode matrix.[8] Lowe
et al. also used in-situ XRD and coupled it with absorption spectroscopy to
show that a limited number of polysulfide intermediates are involved in the
13

discharge.[9] Patel et al. were able to detect soluble polysulfides in the separator
using in-situ UV/visible spectroscopy.[10] The peak in the UV/vis corresponding to the polysulfides in the separator gradually shifts to shorter wavelengths
during discharge indicating the shift from long to short chains of S, consistent
with the previously suggested mechanisms.[10] Cuisinier et al. presented insitu X-ray absorption spectroscopy (XANES) data provided more details on the
different pathways.[11] The XANES suggests the first plateau is governed by
the reduction of S8 to S2−
followed by disproportionation of S2−
to S2−
and
8
8
6
S8 .[11] The voltage then drops to the second plateau due to a supersaturation
of polysulfides in the electrolyte, which has been proposed to prevent further
S8 reduction.[11] XANES detects Li2 S formation near the middle of the second
plateau and this formation increases at the end of discharge.[11] No Li2 S2 formation is detected.[11]
The strengths of these different techniques allow for unique information to
be gained from each. Here, we focus on understanding the nature of intermediate species formed, whether in the solid-state or in solution to determine
the possible causes of poor performance in the Li–S cell. We employ densityfunctional-theory (DFT) methods to probe the phase space between Li and S8
to determine the possible thermodynamically favored solid-state phases formed
during operation of the Li–S cell and apply this insight to the interpretation

14

of in-situ 7 Li nuclear magnetic resonance (NMR) measurements. In-situ 7 Li
NMR has proven to be a valuable tool to study dendrite formation on Li metal
anodes,[12] structural changes in Si electrodes during cycling,[13] and Li insertion into graphite[14] and disordered carbons.[15] To probe the nature of the
possible solid products, ab initio random structure searching (AIRSS) is carried
out for various Lix S1−x compounds. AIRSS has been successful in predicting the
ground-state structures of high-pressure phases of matter.[16] More recently
it has also been applied to the Li-P[17] and Li–Si[18] systems along with defects in semiconductors[19, 20] and Li-ion batteries.[21, 22] We complement
the AIRSS algorithm with direct enumerations of vacancy-lithium disorder over
the sites of solid S and Li2 S. We find from both approaches that the only expected crystalline phase is Li2 S, which we corroborate experimentally by X-ray
diffraction. 7 Li NMR has been used previously to probe the products of the Li–S
discharge and charge ex-situ proving to be a sensitive probe to detect both dissolved and solid Li+ species.[23] With in-situ NMR, the increase in dissolved Li+
and Li+ -containing solid are observed during the discharge. The evolution of
solubilized Li+ increases steadily during the discharge concurrent with the formation of a Li+ -containing solid component, most likely Li2 S, which forms near
the beginning of the first plateau, much earlier in the discharge than previously
suggested.
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2.2
2.2.1

Experimental
Computational Details

Method 1: DFT methods were used to determine possible structures and
their quadrupolar coupling constants, CQ , in the Lix S1−x phase space. Possible
structures between Li and S were probed using AIRSS for a number of stoichiometries Lix Sy where 1 > x > 8 and 1 > y > 8. High-throughput relaxations were also performed using the crystal structures of the known phases
of Li–O, Li–S, Li–Se, Li–Te, Na–O, Na–S, Na–Se, and Na–Te. For each structure, the anions were replaced with S and the cations with Li. The structures were relaxed using forces calculated with DFT. Calculations were performed using the plane wave CASTEP DFT code[23] and the Perdew-BurkeErnzerhof (PBE) exchange-correlation functional was used with Vanderbilt ultrasoft pseudopotentials.[24] A basis set containing plane waves with energies
of up to 500 eV and a Monkhorst–Pack (MP) grid corresponding to a Brillouin
zone (BZ) sampling grid finer than 2π x 0.05 Å−1 was used. Electric field gradients were calculated to obtain the quadrupolar coupling constant, CQ , for
crystallographically-inequivalent Li and S sites in each structure. These parameters were then averaged for each atomic species within each structure to aid the
visualization of trends for the large number of structures involved.[25] Chem16

ical shielding calculations were performed using a larger basis set, 750 eV, and
finer BZ sampling 2π x 0.03 Å−1 .[26, 27]
Method 2:

Additional formation energies of structures at low x

(Lix S1−x ) were calculated with first principles using DFT with PBE exchangecorrelation[24] as implemented in the Vienna Ab Initio Simulation Package
(VASP)[28] to supplement the AIRSS results. Projector augmented wave[29,
30] pseudopotentials were used. All three electrons of Li were treated as valence electrons and an energy cutoff of 400 eV was used. Low-Li composition
polysulfide structures were created by introducing one Li atom into 68 candidate interstitial sites found using a Voronoi diagram of orthorhombic sulfur,
which is comprised of S8 rings. The Wyckhoff positions of the two lowest energy
structures from the Li1 S32 configurations were found, and then additional new
structures were enumerated using the CASM code.[31, 32] Calculations were
performed for 62 and 27 structures having compositions Li8 S32 and Li2 S32 , respectively. Higher Li-content compositions (above x = 1/3) were calculated by
placing Li+ into the interstitial sites of face centered cubic (FCC) and hexagonal
close packed (HCP) S8 . The formation energy of Li2 S was also calculated using
the antifluorite crystal structure to check agreement with method 1.
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2.2.2

Experimental Details

Solutions for ex-situ NMR experiments on varying concentrations of polysulfides in the electrolyte solvent were prepared in an Ar glove box. A stock solution of 1 M lithium bis(trifluoromethane) sulfonamide (LiTFSI) in 1,3-dioxolane
(DOL) / dimethoxyethane (DME) (1:1, v/v) electrolyte was first prepared and
used as the dilution solution for the remainder of the series. A solution of 0.25
M nominal Li2 S6 (0.50 M Li and 1.5 M S) was prepared by mixing in the appropriate quantities of Li2 S and S8 into the electrolyte solution and stirred at 80 ◦ C
for 2 days (Figure 2.1). Similarly, a 0.25 M solution of nominal Li2 S8 (0.5 M Li
and 2 M S) was prepared. To obtain a series of concentrations, the stock 0.25 M
solutions were diluted with the stock electrolyte solution to achieve the desired
concentrations. Solution 7 Li NMR was performed on a Bruker AVANCE500 MHz
spectrometer in screw-cap NMR tubes. Sealed capillaries filled with chloroformd were placed in the NMR tube along with the sample to achieve a lock without
sacrificing the integrity of the polysulfide solutions.
Bag cells were prepared for in-situ NMR experiments. The cathode was prepared by hand grinding sulfur (0.073 g, Sigma Aldrich), Super P R (0.031 g,
TIMCAL), and carbon nanofibers (0.031 g, Sigma Aldrich). Polytetrafluoroethylene (0.015 g, Sigma Aldrich) was then added and ground until a shiny film

18

Figure 2.1: Heating stoichiometric ratios of Li2 S(s) and S8(s) in the electrolyte, 1 M
LiTFSI in DOL/DME, results in dissolution to Li+ and polysulfides. The color becomes
a deeper red as the S ratio increases.
was achieved. The cathode is composed of S/SuperP/carbon nanofiber/PTFE at
a weight ratio of 50:20:20:10, respectively. The 1 M LiTFSI in DOL/DME (1:1,
v/v) electrolyte was prepared by first drying the LiTFSI salt (3M Fluorad) under
<3 mbar vacuum at 150 ◦ C overnight. Dry DME was acquired from a solvent still
and the DOL (Sigma Aldrich) was dried with molecular sieves prior to use. The
bag cells were prepared in an Ar glove box using a Li metal anode and a glass
fiber filter separator (Whatman R GF/D). The free-standing cathode was pressed
into a C-coated Al mesh and the Li metal anode was pressed into a Cu mesh.
The cells were prepared about 45 min prior to the start of NMR measurements.
in-situ NMR measurements were performed on a 7T OXFORD instruments
magnet, at a 7 Li Larmor frequency of 117.2 MHz, with a Tecmag Lap NMR con-
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sole. A Bruker single channel static probe was used with a 6 mm home-made
coil. Spectra were acquired with a single pulse excitation at an RF nutation frequency of 109 kHz, a π/2 pulse of 2.3 µs and a relaxation delay of 10 s. Chemical
shifts were referenced with respect to a 1 M LiCl aqueous solution set at 0 ppm.
1D spectra were acquired continuously by adding 88 scans for signal averaging
(1D experiment time of 14 m 40 s). The spectra were fit with the DMFit program developed by Massiot et al.[33] The errors shown are the errors relating
to each parameter of the fit, as reported by DMFit. A Biologic VSP (Ultimate
Electrochemical Workstation) was used for discharging the cell in-situ at a rate
of C/10 from open circuit voltage to 1.5 V (vs. Li).

2.3

Results and Discussion

DFT was used to calculate the formation energies of several possible intermediate species in several stoichiometries of Lix S1−x . The Li2 S fluorite phase
creates the bottom of a deep convex hull between the Li and S end members
(Figure 2.2b). All predicted intermediate phases between Li and S8 lie well
above the convex hull indicating that their formation is thermodynamically unfavorable. This holds true for Li2 S2 , which is commonly suggested as a solid
product during the discharge process prior to Li2 S formation. The results of
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the calculated phase diagram agree well with the experimental partial phase
diagram.[34] The lowest energy relaxed phase for the Li2 S2 stoichiometry is 66
meV (at 0 K) above the hull suggesting that this phase is very unlikely to form
from a thermodynamic perspective. From the results of the convex hull calculations, the expected discharge curve of an all solid-state Li—S system would
consist of a single plateau at 1.99 V (vs. Li) due to a direct conversion to Li2 S
(Figure 2.2c). Undoubtedly, conventional Li–S batteries with organic electrolyte
are not solid-state systems as the electrolyte is actively employed during the discharge as evidenced by the formation of solubilized intermediates. In order to
identify the true mechanism, a much more complex phase diagram is required
to correctly describe the system which includes the activity of the solvent. However, the suggested discharge profile for a pure solid state cathode (Figure 2.2c)
could explain the mechanisms observed for Li–S batteries that utilize ceramic
and even polymer electrolytes.[35, 36]
The absence of solid state phases other than Li2 S was verified experimentally by attempting to synthesize the intermediate stoichiometries with several
preparation conditions. Refluxing n-butyl lithium with sulfur in toluene, heating
Li2 S and sulfur under Ar in a Parr pressure vessel, and solvothermal syntheses
of n-butyl lithium with sulfur in toluene in a Parr pressure vessel all failed to
produce new phases. The only materials identifiable by X-ray diffraction (XRD)
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Figure 2.2: (a) The lowest energy solid state structures in the Lix S1−x phase diagram,
identified for Li2 S8 , Li2 S6 , Li2 S4 , and Li2 S2 , i.e., with stoichiometry Li2 Sy , all contain
S chains of length y. These are all metastable phases, with respect to S and Li2 S.
(b) Formation energies of several possible stoichiometries of Li with S normalized per
atom (pa) using two different methods: ab initio structure searching, AIRSS (method
1) and structures obtained by Li+ insertion into enumerated vacancy sites in FCC or
HCP S8 (method 2). All intermediate structures lie above the convex hull indicated
by the dashed line indicating that Li2 S is the only favored solid state phase in this
system. (c) The convex hull suggests that the discharge of an all solid–state Li–S
battery would exhibit a single plateau at 2 V (vs. Li) corresponding to one two-phase
region and direct conversion to Li2 S. The calculations were carried out by Dr. Andrew
J. Morris at the University of Cambridge, UK and Alexandra Emly at the University
of Michigan.
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were Li2 S and S8 (Figures 2.3a, 2.4a, and 2.5a). Higher targeted S:Li ratios
result in the formation of more crystalline Li2 S suggesting that excess S drives
Li2 S precipitation. Additionally, there is no shift of the 7 Li NMR signal in any of
the prepared compounds (Figure 2.3b). Similarly, Cuisinier et al. observe only
Li2 S and S8 phases in XRD when attempting to prepare Lix Sy materials using
yet another method: reducing S8 with LiEt3 BH in tetrahydrofuran.[11] There
is very little or no experimental evidence for solid Li2 S2 formation in the literature. Our inability to isolate Li2 S2 experimentally coupled with the results from
the DFT calculations strongly suggest that Li2 S2 does not form as a solid phase
during the discharge. This agrees well with the recent in-situ XANES studies by
Cuisinier et al.[11]
Despite the very low probability that intermediate solid lithium polysulfide
structures will form, it is interesting to explore the structural trends in phases
closest to the hull (Figure 1a). Using the lowest energy structures in a number
of stoichiometries, the quadrupolar coupling constants, CQ , of the 7 Li and
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S

nuclei were calculated and plotted along with the value averaged over each
atomic species (Figure 2.6). The magnitude of the CQ relates to the symmetry of
the local bonding environment, and therefore enables us to visualize structural
trends. As expected, the magnitude of the CQ is much higher for
7

33

S than for

Li. All the calculated 7 Li CQ values are nonzero throughout the series save for
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Figure 2.3: (a) XRD), (b) magic angle spinning solid-state 7 Li NMR and (c) static
7
Li NMR of three samples prepared by refluxing n-butyl lithium and S8 at various Li:S
ratios in toluene under N2 . The resulting solids were filtered off without exposure to
air. XRD was performed between two kapton sheets clamped by an air-sensitive XRD
sample holder. The NMR rotors were packed in an Ar glove box prior to loading them
into the NMR. There is no evidence in the XRD pattern or the NMR spectra for the
formation of new phases. The peaks between 20-25 2θ ( ◦ ) in the 2Li:S sample are
likely an organic compound formed due to reaction with the solvent. Additionally, the
filtrate was strongly colored suggesting that a significant portion of the S8 remained in
solution. The broadening seen in the static spectrum of the Li:3S sample is ascribed
to 7 Li-7 Li dipolar coupling. On reducing the S content, the resonance sharpens but
weak shoulders are seen at high and low frequency of the central component, and
the spinning sidebands in the MAS spectrum extend out to higher frequencies. This
is ascribed to increased defects within the Li2 S phase/poorer crystallinity (consistent
with the XRD); this results in Li environments near defects with non-zero CQ s (leading
to weak sidebands and shoulders from the satellite transitions) and increased mobility
of the Li+ ions, leading to a sharper central component.
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Figure 2.4: XRD of samples prepared by heating Li2 S and S8 in a ratio of 2Li:8S
in a Parr pressure vessel for 7 hr. at the temperature indicated. The powders were
ground with a mortar and pestle prior to loading into the Parr vessel. The powders
were loaded inside an Ar glove box in order to maintain an Ar atmosphere inside the
Parr. Firstly, the powders were heated to 155 ◦ C for 7 h, the sample was removed and
re-ground in an Ar glove box, then heated at the 200 ◦ C for 7 hr., and so on. The
samples are simply mixtures of S8 and Li2 S in all instances.
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Figure 2.5: (a) XRD of a 2Li:8S sample prepared by heating n-buLi with S8 in toluene
in an autoclave. The XRD was measured with a kapton air-free sample holder on a
rotating stage. The sample is a composite of Li2 S and S8 , shown in (b).
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Li2 S (Figure 2.6b), which exhibits a CQ value of 0 MHz owing to the highly
symmetric bonding environment of Li in the fluorite structure.
The

33

S nucleus exhibits an interesting trend as the stoichiometry changes

which is worth noting (Figure 2.6a). When the Li/S ratio is over 2/1 (x > 0.66
in Lix S1−x ), the average CQ is essentially zero due to the presence of isolated
S atoms in relatively symmetric local bonding environments. The CQ coupling
constant then decreases to -40 MHz before following a smooth curve to 40 MHz.
A dotted line has been added artificially to guide the eye. As the S content increases, S firstly forms dumbbells followed by structures which contain chains
of S atoms (Figures 2.2a,b). Further increasing S concentration results in chains
that contain both internal S atoms bound to S on each side, -S-S-S-, as well as
S atoms that terminate the chains, S-S. Terminal 33 S nuclei in chains and dumbbells exhibit large negative CQ values (around –40 MHz) owing to the strong
asymmetry of the local bonding environment. Internal
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S nuclei within chains

also have highly asymmetric bonding environments but exhibit large positive
CQ values (around +40 MHz). The averaged CQ of these compounds is simply
a combination of each S signature with the CQ weighted appropriately resulting
in a gradual increase in CQ from negative to positive. The distribution of

33

S

CQ values for all structures found by AIRSS for 28 selected stoichiometries are
shown as normalized histograms in Figure 2.6. Additionally, the
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33

S chemical

Figure 2.6: Calculated quadrupolar coupling constants, CQ , for the (a) 33 S nuclei and
(b) 7 Li nuclei of the low energy compounds in the series Lix S1−x . The distribution of
CQ values for each S and Li atom in 28 stoichiometries found by AIRSS are shown as
histogram plots with the height of the line indicating the number of atoms exhibiting
that CQ . In (a), the average 33 S CQ for the averages for the lowest energy compounds
are highlighted with a dotted line to assist visualization of structural trends. These
calculations were carried out by Dr. Andrew J. Morris at the University of Cambridge
in the UK.
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Figure 2.7: Distributions of calculated resonant frequencies for each 33 S nuclei in the
low energy compounds in the series of Lix S1−x displayed as normalized histograms.
The values are referenced to Li2 S at -347 ppm. These calculations were carried out
by Dr. Andrew J. Morris at the University of Cambridge in the UK.
shift could also be a useful metric to identify solid intermediates since the distribution of calculated
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S chemical shifts moves to higher frequencies as the

S-content increases. The calculated resonant frequencies (chemical shifts) of
each 33 S atom in the low energy compounds are shown in Figure 2.7.
In principle,

33

S NMR should be a useful tool to identify solid state species

due to the strong dependence of the CQ and chemical shift on the environment
of the S atoms in the unit cell. Similarly, we expect solubilized Sxn species to
exhibit similar chain-like bonding environments and therefore expect a similar
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trend in the 33 S NMR, noting however that experimentally we are only sensitive
to CQ parameters indirectly via, for example, relaxation phenomena. A recent
DFT study by Pascal et al. shows that the structures of dissolved lithium polysulfides, as predicted by first principles calculations, exhibit the same structural
trends that AIRSS predicts for the low energy solid state structures, i.e. dissolved Li2 Sy exhibits a chain of S atoms with two terminal S atoms and (2-y) S
atoms within the chain.[37] Therefore,
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S NMR could also be useful to deter-

mine solubilized species forming during the Li–S discharge. However, the low
natural abundance, large quadrupole moment, and low recepticity of
it a very difficult nucleus to probe with NMR. Successful solution
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S make

S NMR has

only been achieved on highly symmetrical molecules such as sulphones[38, 39]
and organic compounds when using high rf power levels, high magnetic field,
and extensive signal averaging.[40] We suggest that measuring 33 S NMR would
be quite useful to probe the Li–S system if spectra with sufficient signal-to-noise
could be achieved. However, 33 S NMR would be difficult in an in-situ setup and
was therefore not considered for this study.
Here, we utilize 7 Li NMR to explore the nature of intermediates and products
formed during Li–S discharge. Since the solution products are key reaction
intermediates during discharge, we first explore the sensitivity of 7 Li NMR to
changes of Li+ and S2−
x concentrations. During cell operation, an increase in
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dissolved Li+ concentration must coincide with an increase in S2−
x concentration.
To simulate this effect, Li+ and S2−
x are titrated into the electrolyte solution at
a ratio of 1:3 and 1:4 (Figure 2.8). The titration experiments indicate that the
resonance frequency varies significantly with the ion concentration (Li+ and
S2−
x ) but only mildly with the length of the S chain. Therefore, we can expect
the 7 Li signal to shift to more positive frequencies with increasing concentration
of the polysulfide in the electrolyte with a slight increase in shift as the S chain
lengths are reduced (and the S ions are further reduced). This agrees well with
the 7 Li NMR spectra reported by Patel et al. that also exhibit shifts to lower
frequencies as the Li:S ratio decreases.[22] This shift is probably due to the
increased probability that Li+ ions are found in a S-rich solvation sphere causing
a deshielding of the Li+ , but may also be due to changes in the Li+ coordination
number. There is no trend in the line width as the concentration of S increases
suggesting a negligible change in viscosity up to 2.0 M S. The shift of the 7 Li
resonance to higher frequencies due to an increase in ion concentration can be
used to help interpret the in-situ 7 Li NMR spectra during the discharge of a Li–S
bag cell.
Because the chemical shift range of 7 Li in diamagnetic compounds is very
small, it is difficult to identify intermediates directly. Instead, the NMR spectra are used to track the evolution of solubilized vs. solid products as the cell
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Figure 2.8: Solution NMR spectra of varying concentrations of Li+ + S2−
in the
x
electrolyte, 1 M LiTFSI in DOL/DME. In (a) a 1:4 Li:S starting ratio was employed,
while in (b) the ratio was 1:3 Li:S. (c) The chemical shift displays a linear dependence
on the concentration in each case. A lower Li:S ratio causes a smaller signal shift to
higher frequencies.
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discharges, since the solid components generally result in broader signals due
to the presence of anisotropic interactions (such as homonuclear dipolar interactions and quadrupole couplings); these interactions are averaged out on the
NMR time scale by fast tumbling of the soluble species, generally resulting in
narrow line widths for the solution components.
Monitoring the 7 Li signal as the discharge progresses reveals an increase
in dissolved Li+ as well as the formation of a solid component containing Li+
(Figure 2.9). The NMR signal is initially composed of two sharp signals corresponding to two Li+ environments in solution (Figure 2.10a). There are two
possible explanations for the origins of the two peaks. First, Li+ ions in solution
can experience different local magnetic fields in different parts of the battery
(e.g. within the separator, the pores of the electrode, and at the edges of the
cell) due to bulk magnetic susceptibility effects caused by the different susceptibilities of the different components in the cell.[41] As shown in Figure 2.11,
even the separator causes a notice able susceptibility shift of 1 ppm. Second,
dissolved S is present prior to discharge because of the time lag between cell
fabrication and cell operation, which allows for some dissolution as evidenced
by a color change of the electrolyte. This may cause a shift in the Li+ resonance,
presumably based on the ex-situ experiments, to higher chemical shifts. Note
that the observation of a distinct shift must similarly imply that the two Li en-
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vironments are confined in different regions of the cell and cannot exchange on
the timescale of the NMR experiment. The important aspect that we will now
consider in more detail is the progression of each peak as the cell discharges.
Noticeable changes in intensity and shifts in position occur as the cell discharges, including the evolution of a broader component; the broad resonance
is clearly observed in Figure 2.10b which shows the spectrum at the end of the
discharge and its deconvolution with three different contributions. The entire
in-situ NMR data set was fit with two sharp resonances with fixed peak widths
from the dissolved Li+ contributions, and a broader resonance with good fits
being obtained throughout (Figure 2.10). The integrated area of the higher
frequency, sharp Li+ resonance increases as the cell discharges, which we ascribe to the dissolution of polysulfides (Figure 2.12c). We therefore assign this
resonance to the Li ions in the electrolyte close to the carbon electrode, which
will contain a higher concentration of polysulfides. The shift of the higher frequency resonance to even higher frequencies agrees well with the conclusion
from the ex-situ data that high ion concentrations cause a positive shift in the
Li+ resonance (Figure 2.12b). The quantity of Li+ exhibiting a lower frequency
resonance stays relatively constant as the cell discharges which suggests that
the dissolution of polysulfides is limited mostly to electrolyte near the cathode
structure and the migration of the polysulfides through the separator to differ-
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Figure 2.9: The in-situ 7 Li NMR signal overlaid on the electrochemical discharge curve
for a Li–S bag cell discharged galvanostatically at a rate corresponding to C/10, using
a 1 M LiTFSI in DOL/DME electrolyte. A spectrum is recorded every 14.6 min. The
cell is held at open circuit for 15 min. before discharge. The Li metal resonance at
+250 ppm[12] is not shown.
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Figure 2.10: (a) A fit to the NMR lineshape at t = 0 reveals two resolvable sharp
resonances, assigned to solution species, one at higher frequencies, ν, and one at
lower frequencies. (b) A third broader component, assigned to a solid phase, is clearly
distinguishable at full discharge.
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Figure 2.11: Ex-situ 7 Li NMR of the free electrolyte, free electrolyte + a soaked
GFD separator, and a soaked GFD separator with no free electrolyte. As the relative
percentage of electrolyte is confined in the separator increases, a low field component
begins to emerge.
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ent regions of the battery is not significant at least during the first discharge.
This was also suggested previously by in-situ transmission X-ray microscopy.[8]
The calculations and experimental data strongly suggest that the broad resonance is due to the solid phase, Li2 S. The chemical shift of the broad resonance
is difficult to determine accurately in the spectra acquired in the initial stages
of discharge due to its broad nature and low intensity, however, near the end
of discharge the resonance shifts from 2 ppm to 4 ppm, which is close to the
value determined for Li2 S in a separate magic angle spinning experiment (2.3
ppm) and by Patel et al. (2.5 ppm).[22] The initial broadness of the signal also
results in larger errors associated with the fit, as shown in Figure 2.12c. The
error reduces to about 6% for subsequent fits, which is calculated by propagating the largest error (for fits performed on the spectra collected after 2 hrs of
discharge) reported by DMFit for the width and amplitude, assuming the error
of the integrated area is proportional to that of width × amplitude. A metric
for determining the source of the broad resonance would be to compare the
width with a standard, however, at the end of discharge, the width of the Li+ containing solid resonance is narrower than that measured for Li2 S ex-situ (Figure 2.13). The line shape could be narrower because the Li2 S formed electrochemically may be disordered or contain defects, which may result in higher Li+
mobility (resulting in reduced broadening due to 7 Li homonuclear dipolar cou-
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Figure 2.12: (a) The discharge profile of the Li–S bag cell discharged at C /10 and
studied by NMR spectroscopy. The spectra were fit using the three components
described in Figure 2.10 to extract the changes in (b) chemical shift and (c) integrated
intensities as a function of discharge. The errors bars in (b) and (c) indicate the error
of the fit as reported by the DMFit program.
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pling). It is important, however, to consider alternative Li+ -containing phases
that could form during cell operation, which include solid electrolyte interphase
(SEI) components forming at the anode and other lithium sulfides. Li+ in a
non-cubic environment is associated with non-zero values of CQ , the quadrupolar interaction giving rise to distinctive satellite transitions from which the CQ
values can be extracted. We have used this methodology to analyze the decomposition products formed in a Li-air battery.[42] The Li+ environments in Li2 S
are cubic, and no satellite transitions are expected (Figure 2.6b). In contrast,
all other stoichiometries of Lix S1−x (Figure 2.6b), common SEI components[43]
such as lithium alkoxides, known to form in ethereal solvents,[44] and lithium
hydroxide,[45] have non-zero CQ values and, as shown for the 7 Li NMR spectrum of lithium methoxide (Figure 2.14), should have clearly resolved satellite
transitions. Careful examination of a larger chemical shift range reveals no evidence for any significant satellite transitions even when the spectra are added
together to improve the signal to noise ratio.
Further evidence that the Li+ -containing solid is a result of electrochemical
processes comes from the observed rate of formation. Because one electron is
pulled from the anode to produce one Li+ ion, the current and the rate of formation of Li+ should be equal if the Li+ formation is due to electrochemical
processes. Indeed, the integrated area as the discharge progresses exhibits a
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Figure 2.13: In-situ 7 Li NMR at the end of discharge (t = 7.2 hr) deconvoluted into
3 components with the Li+ -containing solid component highlighted.
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Figure 2.14: The static 7 Li NMR of lithium methoxide (LiOCH3 ) shows large satellite
peaks. The measurement was done on a 300 MHz Bruker with a 2 µs 90 ◦ pulse
(125 kHz excitation) and a relaxation delay of 60 s. This NMR spectrum was measured
by Dr. Michal Leskes at the University of Cambridge in the UK.
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linear trend, as would be expected for a galvanostatic discharge, and thus we
suggest that the formation of the Li+ -containing solid is a result of electrochemical reactions (Figure 2.15). Near the beginning of discharge, the formation of
the solid species is very likely due to electrochemical processes and not chemical reactions due to shorting, i.e. the deposition of Li2 S at the anode due to the
reduction of polysulfide ions (i.e. the polysulfide shuttle),[46] since we observe
a linear rate of formation. A positive deviation from linearity would be expected
if Li+ formation was due to Li2 S deposition on the anode due to an increase in
Li+ content that is unaccounted for by the current. Absence of a positive deviation from the linear fit is consistent with our suggestion that the diffusion of
polysulfides into the bulk electrolyte is minimal.
It is important to note that this study considers only the first discharge and
the cell is constantly polarized during the entire NMR experiment. Thus, polysulfide diffusion to the anode could occur during charging when the cell is polarized in the opposite direction. Additionally, if Li2 S formation at the anode
occurs at the beginning of discharge, this process could slow down near the end
of discharge due to passivation of the anode by Li2 S. This phenomenon could
potentially cause a negative deviation from linearity near the end of discharge
due to an artificially high formation of Li+ near the beginning, however, it is
unlikely that the rate of formation of Li+ due to shorting would be linear and
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Figure 2.15: The integrated area of the dissolved Li+ , the Li+ -containing solid, and
the sum of all Li+ components taken from the fits of the 7 Li NMR spectra of the
Li–S cell as the discharge progresses. The slope of the Li+ formation is linear which
would be expected if the Li+ formation was due to electrochemical processes. Initially,
the rate of formation of solid and dissolved products are almost the same. The linear
trendlines were fit using the highlighted linear regions.

44

agree so well with the rate of formation of the dissolved Li+ as we observe here.
Therefore, we believe this explanation to be unlikely. A more in depth study to
determine the quantity of Li2 S formation at the anode (for example via magnetic
resonance imaging[12]) needs to be done in future studies using 2-D NMR experiments that enable the deconvolution of Li+ -containing solid formation at the
cathode vs. the anode. Based on the data represented here, however, we suggest
that the solid formation primarily occurs at the cathode due to the strong linear
character of the rate of formation.
The negative deviation from linearity near the end of the discharge is likely
due to an underestimation of the Li+ phase fraction in the solid component due
to the incomplete relaxation of Li+ to their equilibrium polarization within the
10s relaxation delay used in this experiment. Initially, the longitudinal relaxation time (T1 ) is expected to be relatively short (few seconds) due to the close
proximity between the Li2 S forming and the carbon in the cathode. In our prior
work on conversion electrode materials, the T1 of the solid component has been
observed to depend on the thickness of the solid layer formed and distance from
the conductive carbon in the electrode, which is a good source for T1 relaxation. This spatial dependence has, for example, been seen in the CuF2 [47] and
RuO2 [48] conversion systems. As the solid layer becomes thicker, fewer Li+ ions
are in contact with the carbon and their T1 relaxation is expected to increase
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until it reaches the value of bulk Li2 S (the T1 of crystalline Li2 S is of the order
of 10 s). If the Li+ -containing solid formed electrochemically exhibits relaxation
times comparable to that of the bulk Li2 S measured ex-situ, the largest possible
error in measured intensity would be an underestimation of the signal by 40%,
as estimated using the relationship between T1 , signal intensity, and relaxation
delay described previously.[49]
Strikingly, the Li+ -containing solid begins to form near the beginning of the
first plateau for our cell setup (Figure 2.12c). This is significantly earlier in the
discharge than previously suggested by many others. In-situ XRD studies, for
example, report conflicting results regarding the point at which Li2 S crystallizes
but all reports are either after the first plateau[9, 50] or not at all.[8] Reflections
in XRD are only visible if crystallites are large enough which limits its sensitivity.
NMR techniques, on the other hand, are able to detect very small quantities of
solid regardless of crystallinity and particle size. A previous ex-situ NMR study
also shows evidence that a solid phase is present in an electrode extracted before the onset of the last plateau.[37] With in-situ NMR, we are able to observe
the formation of the Li+ -containing solid concurrently with the dissolved Li+
species and at nearly identical rates suggesting that the Li2 S is forming without
significant reduction of the S2−
x in solution initially (Figure 2.15). An alternative
route for solid product formation could be as a result of disproportionation re-
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actions of dissolved polysulfides, however, the rate of formation of the solid and
dissolved products are observed to be the same which would require the disproportionation reaction to occur at the same rate as the formation of the dissolved
polysulfides (since the rate of formation of the solid would essentially reflect the
rate of the disproportionation reaction). This scenario is unlikely as the rate of
formation of a solid species as a product of disproportionation likely depends
on many other parameters (such as the local concentration of the polysulfide
precursor, etc.) while the rate of formation of the dissolved Li+ only depends on
the current applied. Additionally, a careful analytical study by Barchasz et al. on
the disproportionation reactions occurring in the Li–S cell does not suggest the
formation of solid product as a result of disproportionation.[7]
At the second plateau, the quantity of Li+ in high S concentration environments begins to decrease resulting in an increase in Li+ -containing solid formation suggesting that solid formation during the second plateau is due to S2−
x
reduction from solution. It is also important to note that after full discharge, a
significant quantity of Li+ in a high S concentration environment remains indi2−
cating that not all the S2−
x is reduced to S . This is evidence that the low ca-

pacity is not only due to lack of electronic contact to insulating S in the cathode,
but also due to insufficient reduction of S2−
x that is formed along the discharge
path.
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We propose a ternary diagram that facilitates the visualization of the Li–S
discharge pathway and explains the formation of the observed phases by insitu NMR (Figure 2.16). The electrolyte in general contains several species but
in the context of a Li–S electrochemical cell can be treated as a single component. The electrolyte forms one corner of this diagram. We note that electrolyte
could be replaced with electrolyte solvent as the electrolyte salt is relatively inert with respect to the performance and mechanisms of the cell discharge.[51]
The diagram exhibits a prominent single phase region corresponding to Li+ and
polysulfide species in solution. These solutions are known to exist. It is also
known that higher S/Li ratios exhibit better solubility than lower S/Li ratios as
is reflected qualitatively by the shape of the single-phase region in Figure 2.16a.
The bottom line of the phase diagram is the Li–S binary axis and only one solid
phase exists on this line, which, as we have discussed above, is Li2 S according
to DFT calculations (Figure 2.2b) and experiments. The two-phase coexistence
between S and Li2 S along the binary Li–S axis will expand into a ternary composition space as a three-phase region. We propose that this three-phase region
consists of S (point A), Li+ and polysulfides dissolved in the electrolyte solvent
(point B), and Li2 S (point C) as schematically illustrated by the blue triangle
in Figure 2.16. The phase diagram also shows a large two-phase region between solid Li2 S and the electrolyte solvent. The tie lines (thin red lines) in the
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two-phase region represent compositions of constant chemical potentials. The
particular electrolyte chemistry determines the solubility of short chain polysulfides and therefore also the size and shape of the electrolyte single-phase region
in Figure 2.16. The lower solubility of sulfur in the electrolyte in comparison to
the polysulfides is represented by point F along the S-electrolyte binary.
Based on this ternary diagram, it is possible to rationalize the sequence and
compositions of the phases observed with NMR. Before discharge of the cell,
the initial composition at the cathode-electrolyte interface resides on the binary
S-electrolyte axis, illustrated as point D in Figure 2.16. For high S/electrolyte
ratios at the cathode, the initial composition will lie close to pure S. Assuming local equilibrium, the composition at the cathode-electrolyte interface will
follow a line connecting the initial composition and the pure Li corner upon discharge. A proposed discharge pathway is shown as the dashed black line from
point D to E. This line quickly passes through the three-phase region, at which
point solid Li2 S will form and coexist with both S and lithium polysulfides in the
electrolyte, the latter having a fixed Li concentration. The proposed ternary diagram therefore suggests that solid Li2 S should form very early in the discharge
process and is consistent with the NMR observations.
The formation of Li2 S when passing through the three-phase region will
most likely occur on the preexisting S particle surfaces to form a Li2 S/S core49

Figure 2.16: Proposed ternary diagram describing the pathway of the Li–S discharge.
The system can only be explained using a ternary phase diagram as the electrolyte is
actively involved in the discharge pathway. The approximate discharge profile would
exhibit a plateau when passing through the three-phase region, a voltage drop upon
exiting the three-phase region, and another plateau when passing through the twophase regions thereafter. This would result in two plateaus, as seen in experiment.
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shell morphology. The linear increase in Li2 S formation in Figure 2.15 suggests
that it is a surface reaction and does not rely on solid-state Li diffusion (which
would show a characteristic parabolic time evolution). Due to the very low Li
mobility through Li2 S, the reaction should discontinue once the S particles are
completely enveloped by Li2 S. Once a shell of Li2 S covers the accessible S, the
cathode-electrolyte interface exits the three-phase region and proceeds through
the two-phase region, where Li2 S formation continues, not by reducing solid S,
but rather precipitating the polysulfides from the electrolyte. The reaction comes
to an end once the local composition of the electrolyte-Li2 S mixture reaches the
tie line connecting the Li2 S and the pure electrolyte having no dissolved polysulfides.
The schematic ternary diagram of Figure 2.16 also provides insight about
the shape of the voltage profile. The voltage is related to the difference in
Li chemical potentials between the cathode and anode when the reactions all
occur electrochemically at the cathode. In a ternary composition space, the
voltage will exhibit a plateau when passing through a three-phase region or
when the variation in composition is parallel to a tie line in a two-phase region.
Otherwise, the voltage profile is sloping with the density of tie lines defining
the grade of the slope.[52] The first plateau in Figure 2.15a is consistent with
the proposed three-phase region in Figure 2.16. The initial dip in the voltage
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immediately before the plateau can be attributed to the polarization required
to overcome a nucleation barrier to form solid Li2 S. The length of the plateau
does not necessarily correspond to the length of the discharge pathway in the
three phase region (see Figure 2.17 for more detail). After the plateau, there is
a drop in voltage indicating a passage through a set of dense tie lines between
Li2 S and a very stable dissolved polysulfide, suggested here to be Li2 S8 . An
exceptionally stable dissolved polysulfide would result in a deep well in the
ternary free energy surface and allow for a large change in chemical potential
without a significant change in the Li/S ratio. The voltage flattens out after the
step, which could signify a three-phase region, or, as indicated by the schematic
diagram of Figure 2.16, a two-phase region with a very low density of tie lines.
While the proposed three-phase region in Figure 2.16 is consistent with DFT
predictions, the failure to synthesize intermediate solid lithium polysulfides, the
NMR observation of the early formation of Li2 S formation, and the plateau in the
voltage profile, it is inconsistent with the observed linear increase in the composition of Li+ in solution (Figure 2.15). When passing through the three-phase
region, the electrolyte composition in the vicinity of the cathode should remain
constant and is defined by the apex of the three-phase triangle, point B. Instead,
the NMR measurements show a steady increase in lithium polysulfide content as
the discharge progresses. One possible explanation for the contradiction is that
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Figure 2.17: It is important to note that the ternary diagram represents compositions
of three phases, however, in a voltage profile, only the Li content is represented on
the x-axis (or x in Lix S1−x ). The x-axis, which could be capacity or time, is essentially
measuring the number of electrons passed in the cell (for a galvanostatic experiment)
which corresponds to the number of Li+ generated. Therefore, while traveling along
the discharge pathway in the ternary, the corresponding lengths of the plateaus in the
discharge profile will shrink or stretch depending on the grade of the discharge pathway
due to the correlation between x in Lix S1−x and the location of the discharge pathway
in the ternary. (a) The proposed ternary diagram describing the Li–S system with the
Li/S ratio present in the phase diagram overlaid as a contour plot. (b) Four possible
discharge paths plotted as distance along the path vs. x in Lix S1−x to illustrate how
the discharge profile would stretch or shrink depending on the region.
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the electrochemical cell as a whole is not in equilibrium. Upon approaching the
bulk electrolyte, the concentration of polysulfides in the electrolyte decreases.
The gradient in polysulfide concentration across the electrolyte will generate a
flux of polysulfides away from the cathode. To maintain the constant polysulfide
concentration at the cathode interface while passing through the three-phase region, polysulfides need to be formed at the cathode-electrolyte interface along
with the solid Li2 S, thereby increasing the overall Li+ content in the electrolyte
solution. Hence, two redox reactions occur simultaneously and, as indicated
by Figure 2.15, with the same rate. The parallel slopes in Figure 2.15 for Li2 S
formation and Li+ concentration in solution suggests that both reactions have
the same rate-limiting step, which is presumably the transport of Li+ from the
anode to the cathode. Both the formation of Li2 S and the generation of polysulfides to maintain a constant polysulfide concentration within the electrolyte at
the cathode surface therefore are likely to occur at unreacted S surfaces. Once
these are covered by impenetrable Li2 S, the cathode-electrolyte interface is no
longer within the three-phase region and polysulfide formation at the cathode
surface stops. The subsequent decrease in the concentration of Li+ in solution
is consistent with the reduction of polysulfide solubility within the electrolyte
phase as the local composition passes through the two-phase region as shown
in the phase diagram of Figure 2.16.
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Any modifications of the electrolyte chemistry will affect the solubility limits of the polysulfides as well as the size and shape of the three-phase region
in which Li2 S, S, and lithium polysulfides in solution coexist. Additional factors affecting the shape of the discharge profile include the starting ratio of S to
electrolyte, indicated by point D in Figure 2.16. It is difficult to determine the
location of this point as it does not necessarily represent the initial state of the
fabricated cell since the cathode is spatially separated from the electrolyte and is
only in equilibrium with the electrolyte at the electrode-solvent interface. Therefore, solid S will nearly always be present prior to discharge. However, varying
the surface area of S in contact with the electrolyte will indeed shift this point.
Cathodes with higher S contents (all other parameters held constant) should
also exhibit higher surface areas of S in contact with the electrolyte thus shifting the beginning of the discharge pathway toward the S corner. This results
in a relative shortening of the second plateau, which agrees well with previously published discharge curves that study the effect of the S/electrolyte ratio
on performance.50,51 Only recently has the amount of electrolyte in the cell
been shown as an important factor governing cell performance[53–56] and this
ternary diagram helps to explain how the discharge curves will change depending on the starting point of the discharge pathway.
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2.4

Conclusions

Experimental and computational studies carried out here suggest that there
is little or no evidence for solid products other than Li2 S during the discharge
of the Li–S cell. Li+ -containing solid formation is observed near the beginning
of the first discharge plateau with in-situ NMR. This is a significant finding since
these solids are hard to observe with other in-situ techniques such as X–ray
diffraction (XRD) as a consequence of the small crystallites that are formed, and
the relatively X-ray low scattering powers of Li and S. With in-situ NMR we are
able to see the formation of solid product independent of the particle size and
crystallinity. The formation rate of Li+ -containing solid remains steady during
the entire discharge, and appears to not require the reduction of polysulfides
in solution. It is only during the second plateau that NMR shows evidence of
reduction of solubilized S2−
x to solid product. The second plateau coincides with
a significant decrease in Li+ in a high ion concentration environment concurrent with the increase in Li+ -containing solid formation suggesting that at this
point, Li2 S is formed by reduction of polysulfides in solution. At the end of
discharge, we see evidence for a significant amount of S remaining in solution.
This suggests that the low discharge capacity on the first cycle is in part due to
insufficient reduction of polysulfides in solution. The utility of in-situ 7 Li NMR
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therefore clearly lies in its ability to distinguish solid vs. dissolved products containing Li+ which provides further insight into the Li–S discharge mechanism in
this important electrochemical energy storage system. This new insight on the
phases forming during discharge has inspired a proposed ternary diagram which
could describe the discharge pathway of the Li–S cell and provide a visualization tool to present trends already seen in the literature. The ternary diagram
enables pertinent information on the phases forming during discharge to be distilled. This tertiary diagram can inspire research to overcome the limitations of
the Li–S system, allowing it to reach its full potential.

57

Chapter 3
Sulfur-functionalized Mesoporous
Carbons as Sulfur Hosts in Li–S
Batteries: Increasing the Affinity of
Polysulfide Intermediates to
Enhance Performance
1

Substantial portions of this chapter have been reproduced with permission from K. A. See, YS. Jun, J. A. Gerbec, J. K. Sprafke, F. Wudl, G. D. Stucky, and R. Seshadri, Sulfur–functionalized
Mesoporous Carbons as Sulfur Hosts in Li-S Batteries: Increasing the Affinity of Polysulfide
Intermediates to EnhancSe Performance. ACS Appl. Mater. Interfaces, 6 (2014) 10908–10916,
reference [57]. [DOI] c 2014 American Chemical Society
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The Li–S system offers a tantalizing battery for electric vehicles and renewable energy storage due to its high theoretical capacity of 1675 mA.h g−1 and is
employment of abundant and available materials. One huge challenge in this
system stems from the formation of soluble polysulfides during the reduction
of S8 , the active cathode material, during discharge. The ability to deploy this
system hinges on the ability to control the behavior of these polysulfides by containing them in the cathode and allowing for further redox. Here, we exploit
the high surface areas and good electrical conductivity of mesoporous carbons
(MC) to achieve high S utilization while functionalizing the MC with S (S–MC)
in order to modify the surface chemistry and attract polysulfides to the carbon
material. S–MC materials show enhanced capacity and cyclability trending as
a function of sulfide functionality, specifically a 50% enhancement in discharge
capacity is observed at high cycles (60 – 100 cycles). Impedance spectroscopy
suggests that the S-MC materials exhibit a lower charge-transfer resistance compared with MC materials which allows for more efficient electrochemistry with
species in solution at the cathode. Isothermal titration calorimetry shows that
the change in surface chemistry from unfunctionalized to S–functionalized carbons results in an increased affinity of the polysulfide intermediates for the S–
MC materials which is the likely cause for enhanced cyclability.
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3.1

Introduction

The increasing need for widely available clean energy technologies such as
electric vehicles and renewable electricity generation require high capacity energy storage systems utilizing abundant materials. Battery systems available for
this kind of energy storage include intercalation and conversion reaction systems. The energy density and gravimetric capacity of intercalation strategies
are limited by the heavy host lattices required for topotactic Li-ion intercalation.
This mechanism fundamentally limits the capacity of intercalation materials to
around 300 mA.h g−1 making them poor choices for light weight batteries. Alternatively, conversion reaction battery systems can achieve the large gravimetric
capacities necessary for light-weight batteries and also open the door for the
utilization of abundant resources.
The Li–S conversion reaction battery has one of the highest theoretical gravimetric capacities making it an excellent system to study for light weight batteries. The Li–S cell utilizes S as the active cathode material, an ideal material for two main reasons. Firstly, S is highly abundant and not geographically
isolated.[58] Secondly, the S atom can store two electrons yielding theoretical
capacities of 1675 mA.h g−1 , over five times higher than the intercalation cells.
S has its challenges, as well, which originate from its low electrical and ionic
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conductivities:[59] two very important properties for a battery material. These
weaknesses necessitate the incorporation of conductive additives in the cathode,
usually carbons, to facilitate electron transfer to the S, as well as the use of electrolytes that slightly solubilize S allowing it to combine with the Li+ , mitigating
its low ionic conductivity.
While the poor electrical and ionic conductivities can be improved by additives, the Li–S system in practice still shows poor cyclability, insufficient utilization of active material, and stability issues. The primary cause for these performance problems is the formation of intermediate polysulfide species formed
during discharge. The long chain polysulfides are soluble in the electrolyte leading to dissolution into the bulk electrolyte,[2, 60] loss of active mass during
every discharge, a steady fade in discharge capacity as the cell cycles, and parasitic side reactions of the polysulfides with the anode.[46]
Various efforts have been made to decrease the polysulfide dissolution by
modifying nearly every aspect of the cell. For instance, Fu et al. found that a
carbon fiber trap between the cathode and separator is able to trap polysulfides
and prevent their migration to the anode.[61] Modification of the conductive
carbon matrix in the cathode itself has also been shown to hold polysulfides in
the cathode. Studies have evaluated graphene-wrapped S[62] and S–graphene
composites,[63] S coated multiwalled carbon nanotubes sandwiched between
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graphene sheets,[64] hollow carbon nanofiber–encapsulated S,[65] carbon
sphere micropore-encapsulated S,[66] S–impregnated carbon nanotubes,[67]
S–impregnated activated carbon cloth,[68] and even S–impregnated porous carbon derived from crab shells,[69] to name a few. Another interesting approach
evaluated ordered mesoporous carbon (OMC) materials which exhibit high S
utilization due to their high specific surface areas (around 1000 m2 /g) which
provide good electrical contact to the S.[70] Since the first report utilizing OMCs
as S hosts by Ji et al. in 2009, several additional modifications to the OMC materials have been investigated. For example, hierarchically structured OMC,[71]
bimodal OMC materials,[72] and OMC nanospheres[73] have been evaluated.
These studies focus on modifying the structure of the pore network including
the pore sizes or the size of the porous particles themselves.
We evaluate similar ordered mesoporous carbon materials and find that
while the capacity decay is abated, additional modification of the pore network
is needed to create a more amiable environment within the cathode for the
polysulfides. Our work focuses on a compositional modification of the carbon
material through the incorporation of S functionalities, which are known to effect catalytic and capacitive behavior,[74–76] into the carbon materials. We find
that the S-functionality changes the surface chemistry of the carbons resulting in
enhanced affinity of intermediate polysulfides to the carbons and better cycling
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behavior.
Functionalizing the mesoporous carbons with S-functionality allows the
cathode to better retain polysulfides in the mesoporous carbons (Figure 3.1).
This modification increases the polarizability of the carbon material and could
allow for S–S interactions between the S–functionalized carbon and the solubilized intermediate polysulfide materials. Here, we describe (1) the effect of
the S-functionality (denoted by S–), even in small weight fractions relative to
the mesoporous carbon weight, on the capacity retention of the Li–S cell, and
(2) the mechanism by which the S–functionalized carbons interact with a model
lithium polysulfide solution.
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Figure 3.1: Scheme describing the preparation of cubic ordered mesoporous carbon (CMC) materials with and without
sulfide functionality.

3.2
3.2.1

Experimental
Materials preparation

All mesoporous carbon materials were prepared via a hard templating
method using mesoporous silica as the template. Both hexagonal and cubic
ordered mesoporous carbons were prepared using the appropriately ordered
mesoporous silica structure.
Hexagonal ordered mesoporous silica (SBA-15)[77] and cubic ordered
mesoporous silica (KIT–6)[78] were prepared following the previously published routes. SBA–15 was prepared by dissolving Pluronic P123 block copolymer in diluted HCl (2 M). Tetraethylorthosilicate was then added while stirring.
The solution was stirred at 38 ◦ C for 6 m and allowed to rest for 24 hr with no
stirring. The solution was then heated to 100 ◦ C in a Parr pressure vessel for
24 h. The resulting silicate was filtered and washed with ethanol and water and
then calcined at 550 ◦ C for 4 hr in air. In order to achieve the cubic ordered
mesoporous silica, butyl alcohol was added to the initial 2 M HCl solution at a
1:1 ratio with the P123.
The hexagonal ordered mesoporous carbons were templated with SBA–15
following previously published procedures.[77] Sucrose (0.86 g) was dissolved
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in water (3.5 mL) along with H2 SO4 (0.1 g). The sucrose solution was then
stirred with SBA–15 (0.7 g) and heated to 100 ◦ C for 24 h to remove the water.
The same procedure was followed for a second infiltration with 0.5 g sucrose.
The sucrose/silica composite was then reduced in a tube furnace with flowing
5% H2 /Ar at 900 ◦ C for 6 hr. The silica template was removed by stirring in
HF (24%) overnight. The resulting carbons were then filtered and washed with
alternating 20 mL aliquots of ethanol and water until the filtrate reached about
150 mL. The carbon was then dried at 65 ◦ C overnight. All silica templates were
removed in this way.
Cubic ordered mesoporous carbons were prepared similarly following previously published procedures.[79, 80] Boric acid (0.9 g) was dissolved along with
sucrose (0.6 g) and H2 SO4 (17.8 M, 39 µL) to about 3 mL of water. We found
that adding the boric acid helped to replicate the silica template pore network
for our setup. The KIT–6 silica template (0.5 g) was stirred into the solution and
subsequently placed in a sealed vessel and heated at 100 ◦ C for1 hr prior to removing the water. The composite was placed in an oven at 160 ◦ C overnight. A
second infiltration was done with sucrose (0.4 g), boric acid (0.9 g), and H2 SO4
(17.8 M, 25.5 µL) in 2.7 mL of water. The composite was reduced at 900 ◦ C under 5% H2 /Ar for 6 hr. The boric acid phase separates into the silica during
carbonization forming boron oxide and borosilicate and expands the pore size
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as described previously.[79] The silica template along with the boron oxide and
borosilicate were then removed as described above.
The preparation of S–functionalized mesoporous carbons was inspired by
previous work preparing S-containing mesoporous carbon materials by Shin et
al.[81] and Valle-Vigón et al.[82] Two methods were used to obtain a varying
degree of S-functionality in the mesoporous carbons. Cubic mesoporous silica,
KIT–6, was used as the template for all S–functionalized materials. For the lowest wt% S material, p-toluenesulfonic acid monohydrate (PTSA, 0.62 g) was first
dissolved in acetone (about 1 mL). KIT-6 (0.5 g) was stirred into the solution for
1.5 h. The acetone was removed and the resulting composite was heated at
100 ◦ C overnight and then at 160 ◦ C for 8 h. A second infiltration was done with
PTSA (0.413 g) dissolved in about 7 mL of acetone following the same procedure. The material was then reduced at 900 ◦ C under 5% H2 /Ar for 3 h. The
silica template was removed as described above.
For the higher wt% S-containing mesoporous carbon, thiophene methanol
was polymerized within the KIT–6 via an acid catalyzed polymerization, similar
to the procedure described by Shin et al.[81] First, KIT-6 (0.48 g) was functionalized with PTSA (0.66 g) dissolved in acetone (about 1.5 mL). After removing the acetone, 2-thiophenemethanol (0.96 g) dissolved in toluene (4 mL)
was added to the KIT-6 and stirred for 1.5 h until brown. The excess solvent
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was decanted and material was rinsed with additional toluene to remove any
unreacted monomer. The material was then dried in a vacuum oven at 50 ◦ C
overnight. The resulting composite was reduced in a tube furnace with flowing
5% H2 /Ar at 800 ◦ C for 4 h and the silica template was removed as previously
described.

3.2.2

Materials characterization

All porous materials were characterized by low angle X-ray diffraction (XRD)
and wide angle XRD on a Scintag X2 θ-θ diffractometer and Philips X’PERT MPD,
respectively. N2 sorption isotherms were measured on a MicroMeritics TriStar
Porosimeter at 77 K. The materials were first degassed with flowing N2 at 100 ◦ C
for 2 hr and 200 ◦ C for at least 10 hr. Elemental analysis was performed on the
materials to determine the wt% of C, H, and N using an automated organic elemental analyzer. The S content of the materials was determined by
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S isotope

ratio mass spectrometry. X-ray photoelectron spectroscopy (XPS) was done on a
Kratos Axis Ultra X-ray Phototelectron Spectroscopy system with powders. The
reduced C (284.8 eV) signal was used as the reference binding energy.
Isothermal titration calorimetry (ITC) was done on a TA Instruments Nano
Isothermal Titration Calorimeter at 25 ◦ C. Titration volumes were 10 µL with a
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relaxation time of 800 s between titrations and a stir rate of 350 rpm. Sample
preparation was performed under Ar; however, loading the samples into the ITC
required brief exposure to air (while in solution). ITC experiments were done in
1,3-dioxolane (a common Li–S electrolyte solvent). Ethyl methyl sulfone (EMS)
is difficult to use for the ITC experiments as it is a solid at room temperature preventing the preparation of solutions with accurate concentrations. The “Li2 S6 ”
titrant solutions were prepared by reacting Li metal and S8 in DOL by continuous mixing at 85 ◦ C for 5 days in a sealed vessel under Ar. Li metal and S8 were
added stoichiometrically to obtain a nominally “Li2 S6 ” solution, although many
disproportionation reactions can occur to yield a mixture of polysulfides. Therefore, when referring to the solution we will use quotations to indicate that the
solution is nominally “Li2 S6 .” The initial solution was prepared at 5 M and subsequently diluted to obtain the various concentrations used for ITC. The heat of
dilution of “Li2 S6 ” in DOL was first determined by titrating the “Li2 S6 ” solutions
into DOL (Supplementary Information, Figure S1). This background heat of dilution was subsequently subtracted titration by titration from all measurements
thereafter.
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3.2.3

Cell assembly and electrochemical analyses

Prior to cell assembly, the CMC materials were first infiltrated with S at 70%
of the available pore volume (as determined by N2 sorption analysis). The CMCs
were ground with an agate mortar and pestle with the appropriate amount of
precipitated S. The powder was then placed in a Parr pressure vessel to prevent loss of S during heating and then placed into an oven at 155 ◦ C for two
hours. The cathode materials were evaluated in 2032 coin cells (MTI). Cell
assembly was performed in an Ar filled glove box from the negative case (anode) upward and pressed with a MTI Corporation hydraulic crimping machine
to 1000 psi. The entire volume of the cell was filled with electrolyte (1 M LiTFSI
in ethyl methyl sulfone, EMS) to mimic industrial battery fabrication. Etched
polypropylene separators (25 µm thick, Celgard) cut into 19 mm diameter discs
were used along with composite, drop cast cathodes. Cathode casts were prepared by drop casting 84% S/CMC, 8% Super P R (TIMCAL) conductive carbon, and 8% polyvinylidene fluoride (PVDF, battery grade, Mitsubishi Chemical)
binder in dry cyclopentanone on carbon coated aluminum foil. Cathode casts
were allowed to dry overnight prior to loading them into the glove box. Li metal
(12 mm diameter) anodes were punched out of Li foil and scraped clean in an
Ar glove box. All cells were measured at room temperature.
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Electrochemical measurements were performed on a Bio–Logic Variable Multichannel Potentiostat.

Galvanostatic cycling and impedance measurements

were performed in 2032 coin cells. Impedance measurements were performed
from 1000 kHz to 10 mHz with an amplitude of 100 mV.

3.3

Results and Discussion

Our interests in the mesoporous carbon materials initially concerned the effect of the structure of the pore network. We compared the performance of
hexagonal ordered mesoporous carbon, denoted as HMC, and cubic mesoporous
carbon, denoted as CMC (Figure 3.4). The carbon materials were prepared from
similarly ordered mesoporous silica templates. The pore systems are replicated
well as evidencd by the scanning electron microscopy images (Figure 3.2). The
XRD reveals pore ordering in both the HMC and CMC materials as evidenced
by the low angle refraction peaks (Figure 3.3a) and two amorphous peaks at
higher angles (Figure 3.3b). The average pore diameter for the HMC material
is around 10 nm with a somewhat wide distribution and the pore diameter for
the CMC material is smaller, at 6 nm with a narrower distribution (Figure 3.3c).
Both pore systems are mesoporous with Type IV BET isotherms and exhibt high
surface areas of 1435 m2 g−1 and 926 m2 g−1 for HMC and CMC, respectively
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Figure 3.2: Scanning electron microscopy (SEM) images of the (a) hexagonally ordered
mesoporous silica template, (b) cubic ordered mesoporous silica template, (c) resulting
hexagonally ordered mesoporous carbon, and (c) cubic ordered mesoporous carbon.
(Figure 3.3d). Upon cycling the S infiltrated mesoporous carbons (denoted by
S/HMC and S/CMC), the 3–dimensionally connected pore network afforded by
the CMC materials resulted in more steady cycling over 40 cycles. S/HMC cathodes continually failed at the higher cycle numbers. We believe that the isotropic
pores of the HMC material clog more easily resulting in a higher percentage of
failed cells over 40 cycles. Due to the enhanced cyclability of the S/CMC materials, this pore network was selected as the baseline material to compare the
effect of the S–functionality.
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Figure 3.3: Characterization of hexagonal mesoporous carbon (HMC) and cubic mesoporous carbon (CMC) S supports. Characterization of these materials includes (a)
small angle X-ray diffraction showing the long range ordering of the pore structure,
(b) X-ray diffraction showing two broad peaks indicative of amorphous carbon, (c) pore
size distributions as determined by the BJH algorithm on the N2 adsorption isotherm
and (d) N2 adsorption isotherms showing mesoporosity. The Brunauer-Emmett-Teller
surface areas are indicated in (d).

73

Figure 3.4: Galvanostatic discharge and charge curves of the S infiltrated cubic ordered
mesoporous carbon (S/CMC) materials vs. hexagonally ordered mesoporous carbon
materials (S/HMC). The cells are cycled at C /10 with 1 M LiTFSI in ethyl methyl
sulfone electrolyte. The error bars represent the standard deviation of three replicate
cells. The HMC cells tended to fail around 40 cycles which is indicated by the increase
in the error bars when averaging the capacities. The data shown after 40 cycles with
no error bars represents the one cell that was able to cycle. We believe this failure is
due to the nature of the one dimensional pore network afforded by the HMC.
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The polar nature of the polysulfide intermediates was the primary consideration when determining what kind of functionality would be most effective. The
ionic nature of the polysulfides suggests that increasing the polarizability of the
surface of the carbons would be an advantageous modification; however, this
modification cannot negatively affect the surface area or the conductivity. By
including a heteroatom in the carbon precursor material prior to pyrolysis, the
nature of the mesoporous carbon can be modified without significantly reducing
the conductivity and maintaining the pore structure of the template. Pyrolysis of
the heteroatom precursor p-toluenesulfonic acid results in S incorporation into
the carbon. The chemical nature of the S is discussed in the following paragraph. The material contains 3.2 wt% S and is denoted S3.2 -CMC. Simply using
a heteroatom precursor such as thiophene, with a higher S:C ratio, does not
produce a material with higher S-functionality in the resulting carbons due to
the high pyrolysis temperature required to reduce carbon. Thiophene is lost due
to its low boiling point leaving no material behind at the temperatures where
carbonization occurs. An extended network must be prepared within the silica
template prior to pyrolysis which contains an already thermally stable sulfide
moiety, as in thiophene. With this in mind, the higher wt% S–CMC was prepared by polymerizing thiophenemethanol within KIT–6 yielding a mesoporous
carbon material with 5.5 wt% S (S5.5 -CMC). The resulting carbons contain a cu-
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bic ordered pore system (Figure 3.5a) and retains its amorphous nature (Figure
3.5b) independent of the precursor. The high S content material contains almost
double the S content and a similar, although not identical, pore system (Figure
3.6). The BET surface areas for each material are above 1000 m2 /g allowing
for good contact to the infiltrated S. The BET surface area, pore volume, micropore surface area, and BJH pore size along with the elemental analysis of
all the CMCs are tabulated in Table 3.1. By changing the precursor material,
the pore system varies slightly across the series of materials. For instance, the
average pore diameter for the S5.5 –CMC material is larger than S3.2 –CMC (Figure 3.6b). This pore size variability which coincidentally corresponds well with
the S content is probably not related to the S-functionality at all. By changing
the carbon precursor used for the pyrolysis, the pyrolysis procedure will vary
resulting in different mass losses during pyrolysis and possibly even a variation
in the temperature at which pyrolysis begins due to the different bond strengths
of the precursor. Both precursors utilize largely already aromatic carbons so the
temperature is probably not a factor. With careful manipulation of the infiltration and pyrolysis conditions, we expect that an identical pore structure would
be obtainable even using varied carbon precursor material, however, we did not
explore this aspect as the focus of this paper was to obtain a high surface area
cubic ordered mesoporous carbon with S incorporation.
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Figure 3.5: X-ray diffraction (XRD) of the cubic mesoporous carbon materials (CMC).
The weight percent of sulfide functionality of the S–functionalized CMCs (S–CMC)
is denoted by the subscript. (a) Small angle XRD of the CMCs show the ordering of
the pore structure independent of the precursor used for the CMCs. (b) Wide angle
XRD shows the two broad peaks centered around 21 ◦ (2θ) and 45 ◦ (2θ) characteristic
of amorphous carbon.
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Figure 3.6: N2 sorption analysis of the cubic mesoporous carbon materials (CMC). The
weight percent of S-functionality of the S–functionalized CMCs (S–CMC) is denoted
by the subscript. (a) The pore size distribution shows the majority of the pores to
be mesoporous. The S5.5 -CMC material displays a smaller pore size making direct
comparison of the materials difficult. (b) All materials show the characteristic type
IV isotherms indicative of mesoporous networks. The isotherms are not identical for
each CMC indicating that the pore networks are slightly different.
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BET surface

S3.2 -CMC
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Material

Table 3.1: Pore network and composition of cubic mesoporous carbon (CMC) materials from N2 sorption analysis and
elemental analysis.

The XPS of the S–functionalized materials reveals that the S is C-bound in a
thiophenic moiety. We see only S, C, and O in the sample and there is only one
S environment as evidenced by the single 2p doublet (Figure 3.7a). There is
no evidence for any S–O environments which would show up above 166 eV[83]
and elemental S would not survive the pyrolysis conditions so the S must be
bound to C. The possible organosulfur compounds that would survive the pyrolysis conditions include thiophenic moieties consisting of an aromatic C–S–C type
bond. Additionally, the position of the S 2p3/2 peak at 163.8 eV corresponds well
with other S-doped carbonaceous materials in which an aromatic C–S–C type
bonding is suggested.[74, 75] The C 1s peak can be fit with 5 constituent peaks
with a full width at half–maximum of 0.96 eV corresponding to the various C
environments present in the amorphous C material (Figure 3.7b). It is not immediately obvious which peak corresponds to C-bound S. The C environments
above 286 eV can, however, be assigned to oxidized surface states which are
always present on the surface of amorphous C materials and could include carbonyls, ethers, carboxylic acids, etc.[84] The two lower binding energy peaks
are more interesting. The lowest peak corresponds to graphite-like C while the
peak at 285.4 eV could either be C-bound S or aliphatic-like C that shows up
in carbon blacks.[84] At a pyrolysis temperatures above 700 ◦ C, however, the
aliphatic C peak should constitute less than 5% of the total C environments.[84]
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These carbons are pyrolyzed at 900 ◦ C suggesting that most of the reduced C
should show up at the low binding energies, however, we still see a significant
peak at slight higher binding energies of 285.4 eV. This peak is 18% of the C
environment, which is much higher than we would expect for aliphatic C contributions suggesting that it probably corresponds to the C-S environment.
The ability of the S–CMC material to retain polysulfides was determined
by cycling S-infiltrated CMCs (at 70% of the available pore volume) vs. a Li
anode (Figure 3.9b) in 1 M LiTFSI in ethyl methyl sulfone (EMS) electrolyte.
This electrolyte was chosen for the cycling experiments because it is known that
soluble polysulfides are formed during discharge[60] allowing for the evaluation
of the interaction between S–functionalized CMCs with solubilized polysulfides.
The performance of S/CMC was established as a baseline to compare capacities
and capacity fade. All cells exhibit the characteristic Li–S discharge and charge
profiles with two distinct plateaus on the discharge and a long, single plateau
on the charge (Figure 3.8). The absence of additional structure in the profiles
suggest that the S-functionality itself is not participating in the discharge or
charge. This is confirmed by the negligible capacity observed when cycling SCMCs in the absence of infiltrated S (Supplementary Information, Figure S2).
The high surface areas of the mesoporous materials increase the electrical
contact to insulating S and result in much higher initial discharge capacities
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Figure 3.7: XPS of S-CMC shows (a) the S 2p1/2 and the S 2p3/2 can be fit by a
single set of doublets indicating that there is a single chemical environment for S. The
S 2p3/2 peak position corresponds well to C-bound S. (b) The C 1s envelope is defined
well by 5 separate environments. The majority of the surface C (70%) exhibits a peak
at very low binding energy indicating a graphitic-type C while 18% of the surface C
is probably bound to S. The three peaks above 286 eV correspond to oxidized surface
states.
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compared to a composite of S with conductive carbon (Super P). The S/CMC
material, containing no S–functionality, exhibits a steady capacity fade as the
cell cycles. Just 3.2 wt% of sulfide-functionality results in a lesser capacity fade;
however, at higher cycle numbers (over 80 cycles) the cell cycles very similarly
to the neat CMC. In order to maintain capacity retention above 80 cycles, a
higher degree of S-functionality is required. The S5.5 –CMC material steadily
outperforms the CMC material by 50% over 60 cycles. This trend can be seen
more clearly when the capacities are plotted as a percentage of the neat CMC
material (S/CMC) (Figure 3.9a).
Capacity retention is improved as S-functionality is introduced into the mesoporous carbon materials even though the S-CMC materials show slightly lower
capacities initially. The initial low capacity is probably due to the slightly lower
conductivity of the S–CMCs, as shown by the increase in impedance of the S–
CMC cells prior to cycling (Figure 3.10a). The discharge capacity for the first
cycle of S/S5.5 –CMC is much lower than the other two CMCs due to the slight
decrease in conductivity. However, at the high cycle numbers, S/S5.5 –CMC outperforms the other materials due to the functionality.
Electrochemical impedance spectroscopy (EIS) was measured on the cells
before cycling and at a fully charged state after cycling in order to gain insight
into the mechanism by which S-functionality helps retain capacity (Figure 3.10).
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Figure 3.8: Galvanostatic discharge and charge curves of the S infiltrated cubic ordered
mesoporous carbon (S/CMC) materials with and without S-functionality for the (a)
1st cycle, (b) 40th cycle, and (c) 100th cycle. The wt% of S-functionality denoted by
S# –CMC. The cells are cycled at C /10 between 1.0 V and 2.6 V with 1 M LiTFSI
in ethyl methyl sulfone electrolyte and show the characteristic Li–S plateaus. The
S5.5 –CMC material shows higher charge capacities, especially at higher cycles which
allows for higher subsequent discharge capacities. The charge capacities are higher
due to favorable interactions between the solubilized polysulfides and the S# –CMC.
The consequence of these favorable interactions are enhanced at higher cycles due to
the increasing concentration of polysulfides as the cell cycles.

84

Figure 3.9: Galvanostatic cycling of the S infiltrated cubic ordered mesoporous carbon
(S/CMC) materials with and without sulfide functionality. The wt% of S-functionality
denoted by S# –CMC. The cells are cycled at C /10 with 1 M LiTFSI in ethyl methyl
sulfone electrolyte. (a) The discharge capacities as a function of cycle number show
enhancement S utilization (capacity) provided by the mesoporous materials as a result
of their high surface area. Error bars indicate the standard deviation of 3 replicate
cells. The S–functionalized CMC materials show enhanced capacity retention. (b) The
effect of S-functionality is more clearly demonstrated when the discharge capacities
are normalized to the unfunctionalized CMC. The discharge capacities normalized to
the unmodified CMC are plotted vs. cycle number. The S5.5 –CMC shows a 55 %
increase in capacity after 100 cycles.
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The Nyquist plots are relatively similar before cycling but the S–CMCs show dramatically different responses after cycling compared to the CMC material. Qualitatively speaking, a dramatic increase in the diameter of the first semicircle at
high frequencies is observed for the CMC materials. This semicircle corresponds
to the charge-transfer behavior of the electrodes.[85] The decreased width of
the semicircle exhibited by the S-CMC materials after cycling suggests that the
charge-transfer impedance is greatly subdued.
The EIS spectra are fit to the equivalent circuit shown in Figure 3.10 to
allow for quantitative comparisons of the resistance elements. The proposed
circuit has been used previously to describe Li–S cells.[86] Constant phase elements (CPE) are used in place of capacitance elements. Capacitance elements
are not ideal for our system due to the roughness of the particle surfaces, an
effect intrinsic to using powders, which results in imperfect semicircles with
centers below the x-axis in the Nyquist plot. These elements are better modeled by CPEs.[86, 87] The impedance corresponding to the diffusion of Li+ at
the solid–electrolyte interface has been modeled by either a CPE[86] or a Warburg element. We use a CPE to model this element because Warburg impedance
exhibits a signature 45 ◦ line at low frequencies and this is not evident in our
Nyquist plots. The physical explanation of each resistance element in the equivalent circuit is: Rel is the bulk ohmic resistance which is dominated by the elec-
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trolyte but also includes the resistance of the electrodes; Rsl corresponds to the
resistance of the surface layers on both the anode and cathode; Rsl is in parallel
with CP Esl , the capacitance of the surface layers, Rct corresponds to the charge
transfer resistance at the carbon/electrolyte interface, CP Ef is the capacitance
of the carbon material, and CP E1 models the diffusion of the polysulfides.
After cycling, the S-CMC materials show higher Rsl values and much lower
Rct values compared to the unfunctionalized CMC (Table 3.2). Higher Rsl values indicate that the surface layers formed on the S-CMC materials are more
insulating than the surface layer formed on the CMC material. The surface layers are likely oxidized S in all cases as this is the well-known insulating solid
charge product. The EIS data suggests that perhaps the S–CMC materials allow
for more S deposition resulting in an increase in the resistance of the surface
layer and higher Rsl values. This would suggest that the S–CMC materials allow
for enhanced oxidation efficiency of the dissolved polysulfide species. This can
be seen directly by the much higher capacity exhibited at the 100th cycle by the
S–CMC materials compared to that of the CMC materials. S5.5 –CMC materials
exhibit a charge capacity of 350 mA.h g−1 while CMC show 100 mA.h g−1 . Concurrently, the lower Rct values are likely a result of the S-functionality decreasing
the interfacial resistance between the carbon surface and the dissolved polysulfides. The ability of the S-CMC materials to attract polysulfides to the surface of
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Table 3.2: Resistance values obtained by fitting the Nyquist plots in Figure 3.10 to
the inset equivalent circuit
Rel (Ω)

Rsl (Ω)

Rct (Ω)

as prepared / after 100 cycles
S/S-CMC

1.76 / 0.28

9.94 / 2.46

8.71 / 72.0

S/S3.2 -CMC

9.31 / 16.2

38.6 / 17.6

8.02 / 9.85

S/S5.5 -SMC

5.35 / 13.0

15.6 / 479

33.8 / 11.9

the carbons results in higher concentrations of polysulfides in the mesoporous
material and thus decreases the charge transfer resistance. This interaction will
be probed further using isothermal titration calorimetry later in this paper. Low
charge transfer resistance allows for more efficient electrochemical reactions at
the cathode.[85, 86]
The EIS data implies that the charge transfer resistance between S–
functionalized CMC and the dissolved polysulfides is much lower compared to
the neat CMC. If this lowered charge transfer resistance were due to an increased
interaction between the dissolved polysulfides and the carbon surface, then the
S–functionalized CMC should be able to retain more polysulfides compared to
the non–functionalized material. It is difficult to evaluate this, however, because
measuring the concentration of polysulfides in solution before and after exposure to the carbon materials is a complicated task. One such characterization
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Figure 3.10: The electrochemical impedance spectroscopy of the cells with the various
S hosts (a) before and (b) after cycling. The symbols represent the data and each
fit overlaid as a solid line. The inset circuit represents the equivalent circuit for the
fits. The tabulated values for the fit can be found in Table 3.2. The S-CMC materials
initially show slightly higher impedance probably due to a difference in conductivity
of the carbon materials. After cycling, S/CMC cell shows much higher impedance
compared with the S/S–CMC cells. The maximum −Z” for the first semicircle in
the as-prepared state for S/CMC, S/S3.2 –CMC, and S/S5.5 –CMC occur at 2454 Hz,
3630 Hz, and 2020 Hz, respectively. The maximum −Z” for the first semicircle in the
cycled state for S/CMC, S/S3.2 -CMC, and S/S5.5 -CMC occur at 239 Hz, 11562 Hz,
and 54562 Hz, respectively.
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Figure 3.11: UV-Vis spectroscopy of “Li2 S8 ” in DOL/DME. The absorbance peak
at 610 nm (610 nm is indicated by the dashed line) does not linearly correlate to the
“Li2 S8 ” concentration due to disproportionation reactions which occur. UV-Vis cannot
be used to quantitatively determine polysulfide concentration.
technique that could be used is UV-Vis spectroscopy since the polysulfide solutions are highly colored, however, the absorbance of ”Li2 S8 ” in DOL/DME does
not linearly correlate to the concentration as would be expected from Beer’s law
(Figure 3.11). This could be due to the disproportionation reactions that occur.
In order to evaluate the interaction between the polysulfides and the carbon, the thermod explored directly through calorimetry. Isothermal titration
calorimetry (ITC) is a good tool to explore this interaction as it can detect heats
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as low as 0.05 µJ. Although this technique is most commonly used for aqueous solutions, there have been prior reports of using ITC to explore interaction
in organic solvents and with suspensions.[88] For our purposes, ITC allows for
the qualitative determination of thermodynamic differences between the intermediate polysulfide materials interacting with CMC vs. S5.5 -CMC. A solution of
“Li2 S6 ” in 1,3-dioxolane (DOL) represents the dissolved polysulfide species in
the cell which is titrated into a suspension of the mesoporous carbon materials housed in an adiabatic chamber (Figure 3.12). Interestingly, although the
raw heats are exothermic (Figure 3.13a), once the background heat resulting
from the dilution of the polysulfide solution as it is titrated into the sample cell
is subtracted, the interaction between the “Li2 S6 ” solution and unmodified carbons is clearly endothermic reaching values over 100 kJmol−1 during the initial
injections (Figure 3.13). When the sample cell contains S-CMCs, however, this
significant endothermic response is strongly subdued. This suggests that the interaction between polysulfides and CMCs is less favorable than with the S-CMC
materials and could be the reason for enhanced capacity retention exhibited by
the S-CMCs during battery cycling.
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Figure 3.12: Schematic of the isothermal titration calorimetry setup showing the
sample and reference cell as well as the titration syringe. Both the sample and reference
cell contain stirring paddles. The entire setup is in an adiabatic chamber.
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Figure 3.13: Isothermal titration calorimetry (ITC) on suspensions of the mesoporous
carbon materials in 1,3–dioxolane. The titrant solution is 6.786 mM “Li2 S6 ” in DOL
intended to simulate dissolved polysulfide species. (a) Heat evolved (exotherm is
upwards) upon a 10 µL titration of 6.786 mM “Li2 S6 ” in DOL into a suspension
of mesoporous carbons (1.03 mgL−1 CMC and 1.04 mgL−1 S5.5 –CMC to maintain a
constant surface area in the sample cell). The background heat of dilution measured
by titrating the same titrant solution into DOL alone is also shown. (b) The integrated
heat of interaction (per mole of titrant) between the polysulfides and the CMCs show
that the unmodified CMCs show an endothermic response once the background heat of
dilution is subtracted. This unfavorable response is greatly subdued with the addition
of S–functionality. This indicates that the polysulfides interact with the S5.5 –CMC
more favorably thermodynamically.
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3.4

Conclusions

The S-functionality in the mesoporous carbons enhances the cyclability of
the cell due to a decreased repulsion between the polysulfide species and the
surface of the modified mesoporous carbons. Due to the relatively low heats observed when the polysulfide species are titrated into the S–CMC materials, we
believe this interaction is not due to bond formation between the S-functional
groups in the CMCs and the polysulfides. Rather, this interaction is more akin to
“hydrophilic” vs. “hydrophobic” interactions where the polysulfide species are
driven away from the unmodified carbon materials due to unfavorable thermodynamic interactions while these unfavorable interactions are greatly subdued
when the polarizability is increased and the nature of the surface is changed
by introducing the sulfide-functionality. The effect of this functionality can be
seen as the cell is cycled and in the electrochemical impedance spectroscopy as
the charge transfer resistance is much lower for the S–CMC materials. At cycle
numbers greater than 10, when more of the active cathode material exists as
polysulfides, the S–CMC materials exhibit much higher capacities. Between cycles 60 – 100, the S5.5 –CMC materials reproducibly exhibit capacities 50% higher
than unmodified the CMCs. Changing the surface chemistry of the CMCs greatly
improves polysulfide reactivity. We believe this modification is not limited to S
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incorporation but it can be achieved through many routes such as the inclusion of heteroatoms such as N or P. In fact, N-doped carbons have very recently
been shown to improve the Li–S cell performance compared to undoped carbons
and we suggest that this is due to an increase in affinity of the polysulfides to
the doped carbon.[89, 90] Additionally, this is the first time to our knowledge
ITC has been used to evaluate the interaction of the soluble polysulfides with
the cathode structure. This technique can be very useful in evaluating effective
polysulfide trapping materials without ever cycling the material in a cell. We
are currently evaluating this technique further in order to directly quantify the
enthalpy of interaction between various materials and polysulfide solutions.
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Chapter 4
A High Capacity Calcium Primary
Cell Based on the Ca–S System
Conversion reaction cells afford the ability to explore new energy storage
paradigms that transcend the dogma of small, low–charge cations essential to
intercalative processes. Here we report the use of earth–abundant and green
calcium and sulfur in unprecedented conversion reaction Ca–S primary cells.
Using S-infiltrated mesoporous carbon (abbreviated S@meso–C) cathodes, we
achieve discharge capacities as high as 600 mA.h g−1 (S basis) within the ge1
Substantial portions of this chapter have been reproduced with permission from K. A. See,
J. A. Gerbec, Y-S. Jun, F. Wudl, G. D. Stucky, and R. Seshadri, A High Capacity Calcium Primary
Cell Based on the Ca–S System. Adv. Energy Mater., 8 (2013) 1056–1061, reference [91]. [DOI]
c 2013 Wiley VCH.
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ometry Ca—Ca(ClO4 )2 /CH3 CN—S@meso–C, at a discharge rate of C/3.5. The
electrolyte system in the Ca–S battery is of paramount importance as the solid
electrolyte interface (SEI) formed on the Ca anode limits the capacity and stability of the cell. We determine that 0.5 M Ca(ClO4 )2 in CH3 CN forms an SEI
that advantageously breaks down under anodic bias to allow oxidation of the
anode. This same SEI, however, exhibits high impedance which increases over
time at open circuit limiting the shelf life of the cell.

4.1

Introduction

While Li-batteries continue to serve us remarkably well – despite the many
deficiencies inherent in them – there is a need for other efficient energy storage
paradigms. In particular, the widespread availability of electrochemical energy
storage that employs earth-abundant and intrinsically green elements would allow us to harness intermittent sources of renewable energy more effectively. Li
and Co, two major components of many current Li-ion batteries, occur at concentrations of merely 20 ppm in the Earths crust and upper mantle, potentially
limiting their truly widespread use. In order to access more of the periodic table, so–called conversion reaction batteries must be considered. There has been
a recent explosion of research in conversion cells where the charge-carrying
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species itself undergoes redox to form products with at least one electrode. This
is in contrast to having a small cation (viz. Li+ ) shuttling through galleries in
intercalated cathodes and anodes. The advantage of conversion reaction electrodes is that, in principle, a much larger relative amount of the electrode can be
employed yielding significantly enhanced gravimetric capacities. A second advantage, that we profit from here, is that the sluggish diffusion of a larger, higher
charge cation through the electrode is not as serious an issue as it would be in an
intercalation system. Previous research on Mg intercalation cells shows that the
intercalation of a divalent cation is exceedingly difficult.[92] In addition to slow
diffusion, the high charge density associated with the divalent cation requires
extremely fast local electroneutrality processes which are currently possible in
Chevrel phase compounds. In these compounds, high densities of transition
metals, namely Mo6 octahedra clusters, can accommodate two electrons thus
allowing the intercalation of Mg2+ .[92–95] Recently, it has been demonstrated
that Ca2+ can also intercalate and deintercalate Mo6 Se8 .[96] The capacity and
reversibility of this system has not yet been reported.
Ca represents a good candidate anode material for a sustainable cell due to
its high natural abundance and high melting point (839 ◦ C) making it intrinsically safer than its Li counterpart (melting point 181 ◦ C). The availability of
Ca can be represented by the production of gypsum, CaSO4 2H2 O, which was
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estimated by the U.S. Geological Survey to be 9.0 million tons in the United
States alone in 2011. Although Ca is heavier than Li, Ca is divalent allowing it
to store two electrons per atom, thereby alleviating some of the gravimetric capacity loss. Additionally, there is minimal voltage penalty when switching to Ca
as the standard reduction potential is only 0.18 V below that of Li. Ca metal is
denser and less malleable than Li affording the possibility for uniform, dendritefree electrodeposition when used in a secondary battery. Sulfur is a promising
cathode material as it is inexpensive and abundant. Moreover, the theoretical
capacity can reach 1675 mA.h g−1 on a S basis.
Considering a Ca-based system immediately poses several challenges as described in the literature. Ca has been explored for intercalation-type battery
systems in which V2 O5 hosts the polyvalent cation.[97, 98] Evidence for Ca2+
insertion is observed; however, the capacity is limited to 400 mA.h g−1 .[97]
Ca has also been used as an anode in Ca/SOCl2 catholyte systems in which
the cathode material is underutilized due to passivation by the insulating CaCl2
discharge product.[99–102] Thermal cells have also used Ca anodes in conjunction with molten Li salt electrolytes such as LiCl, LiNO3 . [103, 104] Secondary
battery behavior has been demonstrated in these cells but only at temperatures
greater than 400 ◦ C [103] and with the use of alloyed anodes such as CaSi.[104]
At room temperature, Ca develops an insulating solid electrolyte interface (SEI)
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upon exposure to organic electrolytes.[105] Additionally, Ca cannot be electrochemically reduced in any electrolyte tested to-date which means that secondary
(rechargeable) systems employing Ca anodes are not yet viable.[99, 105]
On the cathode side, S poses several of its own challenges which are described well in the Li-S literature. Perhaps the biggest challenge is the insulating
nature of S. To alleviate this issue, S is infiltrated into conductive, mesoporous
carbons with high surface areas to increase electrical contact to the S and allow for higher S utilization efficiencies. This strategy results in much higher S
utilization in the LiS system.[70]
Here we describe the first room temperature conversion reaction Ca battery.
Our cell consists of a Ca anode and a S cathode in organic electrolyte (Figure
4.1). The S is hosted within a mesoporous carbon matrix in order to increase
electrical contact to the S. We have determined that the Ca–S primary system can
deliver discharge capacities of 600 mA.h g−1 ; however it also exhibits challenges
due to the behavior of Ca metal anodes in organic electrolytes.

4.2

Experimental Section

Materials Preparation: Sulfur–infiltrated, ordered, mesoporous carbon materials were prepared as previously described by Ji et al. using mesoporous silica
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Figure 4.1: The conversion reaction Ca–S system utilizing a Ca metal anode where
Ca is oxidized to Ca2+ , and a sulfur cathode where S is reduced, in combination with
an organic electrolyte which allows for the conduction of Ca2+ .
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hard templates.[70] Hexagonal pore structure silica templates (SBA–15) were
prepared by dissolving BASFs Pluronic P123 block copolymer surfactant (3 g)
in HCl (100 mL, 2 M). The silica precursor (tetraethylorthosilicate, TEOS) was
then added and stirred for 6 min at 38 ◦ C. The sol-gel reaction was allowed to
proceed without stirring for 24 hours before heating to 100 ◦ C in a Parr pressure
vessel for an additional 24 hours. The resulting silica particles were filtered and
washed with ethanol and water before calcination at 550 ◦ C for 4 hours in air.
For the cubic ordered porous silica (KIT–6), butyl alcohol was added to the block
copolymer solution at a 1:1 ratio with the copolymer.[78]
The hexagonal mesoporous silica (SBA–15) and the cubic mesoporous silica
(KIT–6) were used as hard templates for hexagonal and cubic mesoporous carbons (HMC and CMC, respectively). The mesoporous carbons were prepared by
dissolving sucrose (0.9 g) in water (3.5 mL) containing of H2 SO4 (0.1 g). SBA–
15 (0.7 g) was added and the solution was heated to 100 C for 24 hours. A
second infiltration was performed with 0.56 g sucrose in the same H2 SO4 solution. The composite was carbonized at 900 ◦ C under argon for 6 hours. The
silica template was removed with 12% HF.[106] In order to prepare cubic mesoporous carbon (CMC), boric acid was added to the sucrose infiltration solution
as described by Dai et al.[80]
The hexagonally or cubic ordered mesoporous, amorphous carbons (termed
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HMC and CMC, respectively) were then infiltrated with S in a Parr pressure vessel at 155 ◦ C for 12 hrs. The infiltration was carried out at 70% of the available
pore volume as determined by nitrogen adsorption analysis on a Micrometritics
TriStar 3000. The S-infiltrated hexagonal mesoporous carbon is termed S/HMC.
Similarly, the S infiltrated cubic mesoporous carbon is termed S/CMC.
The supporting electrolytes used in this study are Ca(TFSI)2 and Ca(ClO4 )2 .
Ca(TFSI)2 was prepared by the slow addition of CaCO3 to aqueous
bis(trifluoromethane)sulfonimide (14.5 g, 80% HTFSI) at a 2:1 molar ratio
(HTFSI:Ca) with stirring for 10 minutes. The solution was then filtered and
4 mol % excess CaCO3 was added to the filtrate yielding a cloudy solution. The
solution was filtered again to remove excess CaCO3 . The solvent was removed
using a rotary at 50 ◦ C. The white Ca(TFSI)2 solid was then dried under vacuum
at 55 ◦ C for 24 hr. The product was confirmed by 1 H NMR. Anhydrous Ca(ClO4 )2
was used as received from GFS Chemicals. The following electrolyte solvents
were used and stored in an Ar glove box: ethyl methyl sulfone (> 98%, TCI
America), anhydrous propylene carbonate (99.7%, Sigma Aldrich), anhydrous
1,2–dimethoxy ethane (99.5%, Sigma Aldrich), and anhydrous acetonitrile extra dry over sieves (99.9%, Acros).
Cell Assembly: Three cell configurations were used in order to evaluate
the Ca–S system: vial cells, 2032 coin cells, and 0.5 in. diameter Swagelok
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cells. All cells were prepared in an Ar glove box. Vial cells were assembled by
punching leads (copper wire soldered to stainless steel alligator clips) through
a septum capped vial and partially filling the vial with electrolyte. No separator
is necessary for this configuration. Coin cells were assembled from the negative
case (anode) upward and pressed with a MTI Corporation hydraulic crimping
machine at 1000 psi. Polypropylene separators (25 m thick, Celgard) cut into
19 mm discs were used in the coin cells along with composite, drop cast cathodes
(cathode preparation is described at the end of this section). Swagelok cells
were assembled from the cathode upwards. Loose powder cathode material was
placed directly on the negative plunger (10–12 mg) with varying percentages of
Super P R additive as indicated. For loose powder cathodes, the active material
and the Super P R additive were ground vigorously with a mortar and pestle
prior to loading the cell. Two 0.5 in. Whatman GFD glass fiber separators were
added after the cathode material and 18 drops of electrolyte from a glass pipette
were dropped onto the separators. The anode was placed on top of the separator
along with a stainless steel current collector. A spring was then placed on top
followed by the positive plunger, and the assembly closed.
Composite cathodes for coin cells were prepared by drop casting 84%
S/HMC, 8% Super P R (TIMCAL) conductive carbon, and 8% polyvinylidene
fluoride (PVDF, battery grade, Mitsubishi Chemical) binder in dry cyclopen-
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tanone on carbon coated aluminum foil. Ca foil 1 mm thick was purchased from
ACI Chemicals, punched into 12 mm discs, and scraped clean under Ar prior
to use. All cells are measured at room temperature unless otherwise noted.
Cells measured at –15 ◦ C were placed in an ethylene glycol bath held at this
temperature. The cells were allowed to equilibrate to the bath temperature
for one hour prior to analysis. Electrochemical Analyses: Electrochemical measurements were performed on a Bio-Logic Variable Multichannel Potentiostat.
Symmetric Ca cyclic voltammograms (CV) were measured in three–electrode
vial cells with a Pt wire reference electrode immersed directly in the electrolyte.
The Ca–S three–electrode measurements were performed in a glass 3-electrode
cell with Ag/0.5 M AgClO4 in ACN as the reference electrode in a double junction frit. Galvanostatic cycling and impedance measurements were performed
in either 2032 coin cells or Swagelok cells.

4.3

Results and Discussion

The electrolyte was the first component of the cell to be evaluated. The salts
were dissolved in various organic solvents and measured in symmetric Ca cells
with CV to determine if (i) the oxidation of Ca occurs after many cycles (after
the development of the SEI) and (ii) the reduction of Ca occurs on the cathodic
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sweep indicating the possibility of a secondary system. Ca(TFSI)2 was evaluated
in ethyl methyl sulfone (EMS) and propylene carbonate (PC) solvents. Evaluations in acetonitrile (ACN) and dimethoxyethane (DME) were not possible due
to insolubility. In the EMS and PC case, gas evolution was observed during
the CV at the working and counter electrodes indicating decomposition of the
TFSI anion. Gas evolution was not observed when using the same solvents and
Ca(ClO4 )2 salt. The reduction of the TFSI anion could be the reason for the cathodic current observed by Kano and coworkers in 0.5 M Ca(TFSI)2 in PC.[107]
Because of this parasitic side reaction, Ca(TFSI)2 salts were no longer considered. This result is particularly interesting considering the known stability of
LiTFSI as a supporting electrolyte vs. a Li anode.
When using a Ca(ClO4 )2 supporting electrolyte, the oxidation of Ca only occurs during the first cycle in PC, EMS, and ACN/DME (1:1, w/w) indicating
that the SEI subsequently deactivates the surface and prevents further oxidation. Conversely, in ACN, Ca oxidation persists indicating a breakdown of the
SEI layer under anodic bias (Figure 4.2). These results match well with those
previously described by Aurbach and coworkers.[105]
We would expect the SEI on Ca with 0.5 M Ca(ClO4 )2 in ACN to result in a
higher oxidation capacity at the anode than in ACN/DME. Due to the difference
in behavior of the SEIs, the Ca–S system was evaluated in these electrolytes
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Figure 4.2: Cyclic voltammetry (scan rate = 5 mV s−1 ) of Ca–Ca symmetric cells
showing the reactivity of the Ca in varying solvents including (a) ethyl methyl sulfone (EMS), (b) acetonitrile (ACN), (c) propylenecarbonate (PC), and (d) ACN and
dimethoxyethane (DME) mixed 1:1, w/w. All electrolytes are 0.5 M Ca(ClO4 )2 solutions. Persistent anodic current in (b) ACN indicates the ability of the solid electrolyte
interface (SEI) to break down under anodic bias and allow oxidation. The SEI formed
in (a) EMS, (c) PC, and (d) ACN/DME inhibit Ca oxidation during the 2nd and 3rd
cycles indicating an unstable electrolyte system for Ca. Current is shown as mA due to
the unknown surface areas of the Ca electrodes which also results in non-comparable
current magnitudes between solvents.
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vs. S/HMC (Figure 4.3a). This cathode structure was selected because it allows for high S utilization as demonstrated in the Li–S system.[70] As expected
from the CV results, 100% ACN results in higher discharge capacities of 597
± 9 mA.h g−1 when discharged to 0 V at C/3.5. Interestingly, this is also the
electrolyte chosen by Hayashi and coworkers for the Ca2+ intercalation cell.[97]
The addition of DME results in lower capacities and shifts the reaction plateau to
lower potentials. Upon further investigation of the 100% ACN system, we find
that a fully discharged cell with 0.5 M Ca(ClO4 )2 in ACN electrolyte contains
no soluble decomposition products that are observable with Fourier transform
infrared spectroscopy (FTIR) or Raman spectroscopy (Figure 4.4b); however, a
small concentration of ClO3 − is detected with Electrospray Mass Spectrometry
(ES-MS) indicating a slight reduction of the perchlorate salt during discharge
(Figure 4.4a). The concentration of chlorate is minimal relative to the perchlorate concentration and thus constitutes a negligible side reaction.
It is important to note that the use of 0.5 M Ca(ClO4 )2 in ACN results in
safety hazards. In addition to the hazards associated with the use of perchlorate salts,[108] the anode and cathode of a discharged, disassembled cell that
has been allowed to dry become contact explosives even in an Ar filled glove
box. Extreme care must be taken when disposing and handling these cells and
it is recommended to keep the anodes and cathodes wet after discharge to pre-
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Figure 4.3: Galvanostatic discharge profiles of Ca 2032 coin cells at a rate of C/3.5. All
capacity values are expressed per gram S. The symbol beginning each trace indicates
the open circuit voltage of the respective cell. (a) Illustrates the dependence of sulfur
utilization (capacity) on the electrolyte composition with a S/HMC cathode. The
highest capacity is achieved using pure ACN solvent. The addition of DME (each
weight percent is indicated in paranthesis) hinders sulfur utilization and shifts the
plateau to lower potentials. (b) Illustrates the independence of the capacity on the
structure of the S host in 0.5 M Ca(ClO4 )2 in ACN electrolyte. The utilization of S
does not increase with the use of a high surface area, porous structured carbon host
(S/HMC and S/CMC). Instead, the same utilization is achieved by simply compositing
Super P R conductive carbon with S.
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Figure 4.4: (a) Electrospray mass spectrometry of 0.5 M Ca(ClO4 )2 in ACN before
and after discharge. The strong signals (99 m/z, 339 m/z, 577 m/z, etc.) are due to
ClO4 − , Ca(ClO4 )3 − , etc.; however, the weaker signals at 752 m/z, 1262 m/z, etc.
in the discharged electrolyte are due to clustering with ClO3 − . (b) Raman spectra
(bottom traces in panel b) and Fourier-Transform Infrared Spectroscopy (top traces in
panel b) of electrolyte before cycling and after discharging to 0 V at −15 ◦ C. There are
no additional Raman transitions or FTIR stretches visible indicating that the electrolyte
does not contain any contaminants FTIR or Raman active.
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vent ignition. The inability to dry the electrodes after discharge subsequently
prevents any ex-situ surface analysis techniques requiring high vacuum, such as
X-ray photoelectron spectroscopy (XPS).
The discharge capacity of the Ca-S cell depends weakly on the structure
of the S host which is in stark contrast to the Li–S system. Similar discharge
capacities are achieved when S is contained within a mesoporous carbon or
simply mixed with small particle conductive carbon, Super P R . In contrast,
in the Li-S case, significant increases in capacity are observed when sulfur is
contained within a mesoporous carbon host due to the high surface area of the
carbon and therefore enhanced electrical contact to the insulating sulfur active
material.[70] When these same cathodes are cycled vs. a Li anode, a system
where the S redox is known to limit the capacity, the S/HMC and the S/Super
P R composite cathodes achieve primary discharge capacities of 1197 mA.h g−1
and 550 mA.h g−1 , respectively, indicating that our S/HMC exhibits improved
electrical contact to the insulating S compared to the S/Super P R composite. In
the Ca-S case; however, the high surface area of the carbons does not increase
the capacity of the cell with respect to S but rather the capacity remains constant
around 600 mA.h g−1 . Additionally, the pore ordering (hexagonal or cubic) of
the mesoporous carbons does not affect S utilization (Figure 4.3b). These results
indicate that the capacity is not limited by the electrochemical availability of S.
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The galvanostatic discharge exhibits one well-defined plateau which correlates well with the CV. The CV clearly shows one irreversible reduction process
occurring at –0.88 V (vs. Ag/AgClO4 ) prior to electrolyte decomposition at –1.5
V (vs. Ag/AgClO4 ) (Figure 4.5). If this peak were due to S reacting with electrolyte rather than Ca2+ , it would be reasonable to predict the persistence of the
reduction peak during subsequent cycles as unreacted S is still present in the
cathode as evidenced by X–ray diffraction.
Additionally, after full galvanostatic discharge, the expected discharge product CaS is not observed by ex-situ X–ray diffraction (Figure 4.6). This is contrary
to the Li–S system in which reflections from the Li2 S discharge product can be
observed by ex–situ XRD.[85, 87, 109–113] Strong crystalline S peaks persist
after a full discharge making CaS identification difficult as the S and CaS peaks
are in close proximity. Additionally, the presence of the amorphous carbon background makes a two phase Rietveld refinement difficult. In–situ measurements
would provide a more accurate evaluation of the cathode material after discharge; however, even the results of this technique to characterize the similar
Li–S system are in disagreement. In the case of in–situ measurements, Demir–
Cakan and coworkers observe evidence for Li2 S after discharging Li — LiTFSI
in tetramethylene sulfone— S/meosoporous carbon composite[114]; however,
Nelson and coworkers do not observe Li2 S by in–situ techniques after discharg-
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Figure 4.5: Cyclic voltammetry of a Ca vs. S/HMC (working electrode) in 0.5 M
Ca(ClO4 )2 in ACN at a scan rate of 0.05 mV s−1 . The control trace is the first
cycle of a Ca vs. HMC control cell. The reference electrode is Ag wire in 0.5 M
AgClO4 in ACN. The peak at –0.88 V vs. Ag/AgClO4 is an irreversible S reduction
reaction contributing to the high primary discharge capacity. The peak disappears in
the absence of S. The electrolyte begins to decompose at –1.5 V vs. Ag/AgClO4 .
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ing Li — LiTFSI in 1,3–dioxolane and 1,2–dimethoxyethane — S/Super P R
composite.[8] These data suggest that it would be premature to preclude the
possibility of forming CaS upon discharge. Extensive characterization of the
cathode needs to be done to determine the discharge product.
In order to further understand the discharge mechanism, a Ca vs. S/HMC
cell was operated at –15 ◦ C. At this temperature, the kinetics of the discharge
are slowed to deconvolute any multi-step plateaus that would otherwise be
smeared. Although the cell capacity only reaches 432 mA.h g−1 due to the
low temperature, a single two-phase region is expressed clearly at 0.4 V (vs. the
Ca counter electrode). This potential is shifted about 0.25 V down from the
cell operating at room temperature due to increased internal resistance at low
temperatures (Figure 4.7).
The single plateau in the galvanostatic discharge indicates a single reaction
process is occurring. This two-phase region is probably due to the formation of
CaSx species formed during the first reduction peak in the CV. The hypothesis
is that a CaSx -type product is involved, because we do not see any soluble intermediates, as probed by FTIR, ES–MS, and Raman (Figure 4.4). Additionally,
we know S is participating in the reaction since the primary reaction does not
occur when S is removed from the cathode. We have yet to determine the oxidation state of the S in the discharge product as the product is not evident in
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Figure 4.6: Ex-situ XRD of a S/SuperP R cathode before electrochemical testing and
after discharge vs. Ca in 0.5 M Ca(ClO4 )2 in ACN. The CaS pattern (the expected
discharge product) is shown as a reference.
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Figure 4.7: Ca vs. S/HMC coin cells with 0.5 M Ca(ClO4 )2 in ACN electrolyte at
room temperature (C /3.5) and − 15 ◦ C (C /26). The discharge is compared at low
temperature and slow rate in order to deconvolute any features that may have been
lost in the room temperature C/3.5 discharge. No additional plateaus are observed
indicating a single process discharge for Ca–S.
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ex–situ XRD and the presence of unreacted S in the cathode prevents electrochemical determination of the oxidation state. Additionally, the unstable nature
of the discharged, dry electrodes prevents high vacuum techniques such as XPS
to determine the state of the S.
Despite the low utilization of S, the Ca-S cells capacity of 600 mA.h g−1 is
very promising; however, the system shows signs of long term instability which
would eventually affect the shelf life. A cell resting at open circuit exhibits a
steady drop in open circuit potential. Over only 8 days, the open circuit potential
drops from its initial value of 1.6 V to 0.9 V. The drop in potential could be
due to the growth of a passivating SEI layer on the anode or the reaction of
migrating, soluble sulfides with the anode to form CaS on the surface, similar to
the Li–S shuttle mechanism.[46] Electrochemical impedance spectroscopy (EIS)
was used to evaluate the cause of the open circuit potential drop (Figure 4.8).
We find that a Ca anode both in the presence and absence of S exhibits large
increases in impedance at similar frequencies. These data indicate that the drop
in open circuit potential is primarily due to the SEI formed on the Ca anode upon
exposure to electrolyte at open circuit. The higher magnitude of the impedance
in the Ca — Ca symmetric cell is due to differences in electrode surface areas.
The Ca — Ca cell consists of a 12 mm Ca disc cleaved in half to create the
nominal anode and cathode. The Ca — S/HMC cell consists of one 12 mm Ca
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anode and a powder cast cathode on a 16 mm substrate. As the powder surface
area is difficult to approximate, we cannot directly compare the impedance as it
relates to electrode surface areas but we can say the Ca — S/HMC has a much
higher electrode surface area than the Ca — Ca cell. Therefore, because the
inverse of the impedance is proportional to the surface area of the electrode,
the cell with lower surface area electrodes (Ca—Ca) exhibits a nominally higher
impedance.

4.4

Conclusions

The Ca-S primary cell exhibits promising capacities of 600 mA.h g−1 in a
single reaction step. This capacity is due to the reaction of Ca with S to produce
as-yet undetermined CaSx species upon discharge, and exhibits no parasitic side
reactions of S with the electrolyte. The utilization efficiency of the S is low (35
%) due to the high impedance of the Ca SEI which limits Ca oxidation at the
anode. The voltage of the cell is lower than that of a typical Li intercalation cell.
However, we are currently pursuing new anode and cathode materials in order
to tune the potential and this could result in higher voltage systems. In contrast
to the Li-S system, the primary concern with the Ca–S cell is controlling the SEI
between the Ca anode and the organic electrolyte which is not only the cause
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Figure 4.8: Electrochemical impedance spectroscopy was measured in coin cells with
0.5 M Ca(ClO4 )2 in ACN electrolyte over a period of 8 days at open circuit. The real
part of the impedance between 0.01 Hz and 1 Hz of (a) a symmetric Ca — Ca cell vs.
(b) a Ca — S/HMC cell indicates an increase in impedance in this frequency range
both in the presence and absence of S. (b) As the Ca–S cell sits at open circuit, the
open circuit potential drops from 1.5 V to 0.9 V. The impedance at very low frequencies
of 0.01 Hz in both cells increases to a maximum impedance after about 2 days which
corresponds to the potential drop. This indicates that the drop in potential is primarily
due to development of a passivating SEI on the Ca from exposure to electrolyte.

119

for instability in the cell, but is also likely the reason for low S utilization. The
impedance of the SEI in the systems studied here increases over time causing a
drop in open circuit potential. In order to utilize the promising capacity (600
mA.h g−1 ) and the single discharge step of the Ca–S cell in addition to afford the
possibility of a rechargeable system, a suitable electrolyte or synthetic SEI is required that is compatible with Ca metal. The perchlorates used here are also of
somewhat limited utility because of issues of stability and safety. The use of fluorinated compounds, often appropriate replacements for perchlorates, seems to
be contraindicated due to the great stability of CaF2 . As we describe preliminary
results on the unprecedented Ca–S cell, we are hopeful that further research will
result in the development of a suitable electrolyte and the associated SEI which
allows for greater capacities and stable performance. If a suitable electrolyte is
found, the single discharge step exhibited by the Ca–S system can then be exploited to potentially bypass the issues associated with the multistep discharge
in the Li-S case.
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Chapter 5
Ca-based Electrochemical Energy
Storage Using Ca-containing Alloy,
Intercalation, and Organic Redox
Active Materials

5.1

Introduction

The Ca–S primary system discussed in Chapter 4 is a first step toward Cabased energy storage systems. In order to achieve the highest impact, however,
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a secondary system with a long shelf life (limited self discharge) is required.
Because the solid electrolyte interphase (SEI) that forms on Ca is highly passivating and forms spontaneously upon exposure to organic electrolyte, the Ca
anode must be replaced by an alternative Ca source. This chapter will discuss
a Ca alloy, Ca2 Si, a possible Ca2+ intercalation compound, CaMo6 S8 , and an organic triazine Ca2+ host that were evaluated as alternative Ca sources in hopes
of replacing Ca metal.

5.2

Experimental Section

Ca2 Si was synthesized as a possible alternative anode via Ca interdiffusion
into Mg2 Si crystals.[115] Mg2 Si was first synthesized by the interdiffusion process using stoichiometric amounts of Si (325 mesh) and Mg at 500 ◦ C under
0.1 mbar in a loosely sealed stainless steel (SS) container. Then, Ca2 Si was
prepared by exposing Mg2 Si into a slight excess of Ca vapor at 800 ◦ C under
0.1 mbar in a loosely sealed stainless steel container.
CaMo6 S8 was prepared by a microwave assisted heating technique developed by Roman Pobel. CaS, Mo, and S were ground together, placed in a quartz
tube which was then evacuated and sealed. The tube was placed in carbon
susceptor material a conventional microwave at power level 7 for 10 minutes
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followed immediately by power level 8 for another 10 min. Excess CaS is required in order to achieve phase purity and prevent Ca deficiency. Details of the
microwave-assisted preparation of silicates[116] and intermetallics[117] have
been reported by our group previously, however, microwave reactions of evacuated quartz tubes requires greater care since they can rupture easily.
Cell Assembly: Ca2 Si was fabricated into free-standing electrodes using
polytetrafluoroethylene (PTFE) binder (15%) and Super P R conductive carbon
(15%). Ca2 Si is difficult to drop cast due to the large size of the particles necessitating the need for a free-standing electrode technique. The Ca2 Si-PTFE
electrode was then tested in a vial cell in order to determine if the Ca could be
extracted from the lattice during a discharge cycle without the variables intrinsically introduced by the coin cell configuration. S/HMC cathodes were prepared
as described in Chapter 3. Ca foil 1 mm thick was purchased from ACI Chemicals, punched into 12 mm discs, and scraped clean under Ar prior to use. All
cells are measured at room temperature unless otherwise noted.
All electrolytes were prepared in an Ar filled glove box with anhydrous
reagents and are allowed to stir overnight prior to use to ensure complete dissociation of the supporting electrolyte. Ca(TFSI)2 was prepared by a substitution
reaction of CaCO3 with HTFSI as described in Chapter 4. The electrolyte solvent,
ethyl methyl sulfone (EMS, > 98%, TCI America), was used as received.
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5.3
5.3.1

Results and Discussion
Ca2 Si

Alloys containing Ca are good alternatives to Ca metal itself for electrochemical devices since the SEI that forms on an alloy surface will be very different
than that formed on the pure Ca metal. The reactivity of Ca toward the organic
electrolyte could be great subdued compared to the Ca metal since Ca exists
in an oxidized state in the alloy reducing its propensity to oxidize at the expense of electrolyte decomposition. Similar strategies using alloy compounds
are pursued to replace Li metal and these efforts have shed light on the challenges involved with alloy anodes, which often stem from the extensive volume
changes incurred upon cycling.. For Li-based batteries, Li metal anodes cannot
be used for commercial applications due to the inhomogeneous electroplating
of Li upon cycling.[12, 118] This causes severe dendrite formation at the Li anode surface which can grow long enough to short the cell and cause significant
safety hazards.[119] Alloy materials, especially silicides, have been evaluated
as possible high capacity alternatives. Silicon undergoes a major volume expansions of over 200% upon lithiation[120] resulting in a pulverization of the
electrode and annihilation of electrical contact to the active particles.[121] Various strategies have been explored to mitigate this issue including nano-sizing
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the active material into wires,[122] pomegranate-like morphologies,[123] or
nanosheets.[124] Similar strategies could be used in the Ca case, as well, assuming volume changes are an issue for cycling. Therefore, we evaluated the
activity of Ca2 Si as a possible active material in a Ca-based electrochemical cell.
Ca2 Si was prepared via interdiffusion of Ca into Mg2 Si. The refined X-ray
diffraction pattern shows that nearly all Mg sites are replaced with the Ca resulting in little impurities in the material (Figure 5.2). The impurities that are
present are most likely CaMgSi phases that result from the insufficient vacuum
to vaporize Mg during the interdiffusion process. In order to remove all of these
purities, the reaction needs to be performed at higher vacuum or as a one step
process using only calcium and silicon as precursors. Direct formation of Ca2 Si
by the interdiffusion with Si is difficult due to the high vapor pressure of Ca.
Although the powders had some impurity phases, the activity of the Ca2 Si
was evaluated in a vial cell vs. a S-infiltrated hexagonally ordered mesoporous
carbon (S/HMC) composite cathode. The Ca2 Si discharged to 0.2 V in less than
25 seconds indicating that Ca was unable to be removed from the Ca2 Si lattice. There could be several reasons for this including: (a) the Ca2 Si is too
big to provide sufficient active surface area resulting in a discharge capacity
that is essentially zero, (b) the electrode fabrication technique does not allow
for discharge, (c) the electrolyte is not allowing discharge, or (d) the Ca2 Si is
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Figure 5.1: X-ray powder diffraction data of Ca2 Si synthesized via the interdiffusion
process. The fit indicates the material is mostly Ca2 Si with some impurity phases,
probably CaMgSi.
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electrochemically inert in these potential ranges. Other cathode materials were
tried including Mn2 O3 and V2 O5 and both resulted in negligible electrochemical
activity.

5.3.2

CaMo6 S8

In addition to the silicide, which should behave similarly to the alloy compounds investigated for Li, a Ca2+ intercalation compound was evaluated. Intercalation chemistry, which has not yet been discussed in this thesis, relies on
good ion conductivity in a solid phase material that contains a redox active center. Upon intercalation of a cationic species, the material is thus reduced in order
to satisfy electroneutrality requirements. This kind of chemistry is the basis for
Li-ion battery technology, which is discussed in further detail in Chapter1. It is
important to note that there is no direct correlation between good intercalation
compounds for Li+ and those that would work well for Ca2+ . The main reason
for this is the charge density of the Ca2+ . Although the ionic radius of Ca2+ is
not much larger than Li+ , it has a much greater charge density due to its divalency. Therefore, when Ca2+ is intercalated into a material, a fast two electron
reduction is required to satisfy electroneutrality.
Divalent intercalation materials have been studied previously for Mg2+ sys-
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Figure 5.2: Galvanostatic discharge and charge profiles of a two electrode vial cell with
Ca2 Si as the anode and S/HMC as the cathode in 1 M Ca(TFSI)2 in EMS electrolyte.
The cell was discharged at C /10 with respect to the S mass in the cathode and
assuming full reduction to S2− . The profiles reveal that the cell is simply polarizing
and no Faraic processes are occurring.
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Figure 5.3: The Ca Chevrel phase, CaMo6 S8 , could exhibit intermediate phases upon
cycling making it a useful intercalation material for Ca-based batteries.
tems. The Chevrel phase Mg2 Mo6 T8 (T = Se, S) can reversibly intercalate Mg2+
due to the clustering of the transition metal, Mo, into octahedral units.[93]
The Mo6 octahedra of the Chevrel phases allow for the necessary two electron
neutrality to occur when hosting the Mg2+ . Therefore, we began to investigate
the corresponding Ca Chevrel phase, CaMo6 S8 , as a possible Ca2+ intercalation
material (Figure 5.3).
The CaMo6 S8 was prepared via microwave-assisted heating. Phase pure samples were achieved starting with excess CaS as evidenced by Rietveld refinement
of the powder XRD data (Figure 5.4). The resulting powder was ground with
Super P R and used as an electrode in a Swagelok vs. S/HMC. The potential of
the Chevrel lies above that of the S cathode indicating that the Chevrel is unsuitable as an alternative anode for the Ca–S battery. Cyclic voltammetry (CV)
was measured on the CaMo6 S8 vs. S/C cell with the Chevrel as the counter electrode. Reversible redox processes are evident in the CV, however, the reduction
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and oxidation peaks straddle 0 V (vs. CaMo6 S8(CE) ) making interpretation of
the data difficult. The reversible redox peaks do suggest that Ca2+ is mobile in
the Chevrel, however, more careful studies of this must be done in the future to
measure the conductivity.

5.3.3

Organic active materials for Ca-based batteries:
poly(1,3,5-triazine-2,4,6-trithiol tricalcium)

In addition to the inorganic alternative anodes, a Ca-containing organic
species was also tried as a possible electrode in a Ca-based battery. The goal
of this material is to insert Ca2+ into a disulfide unit and utilize the known reversible redox chemistry of the disulfide bond[125] to shuttle Ca2+ in and out of
the organic material via a rocking chair-type mechanism. The disulfides are connected via 1,3,5-triazine-2,4,6-trithiol (TT) units with good electron withdrawing properties resulting in a labile disulfide bond at the cathode. Additionally,
the polymeric nature of the starting material, poly(1,3,5-triazine-2,4,6-trithiol
tricalcium) or PTTCa, and charged product at will prevent dissolution into the
electrolyte while providing high surface areas for good rate capabilities.
The first attempt at preparing this material was a simple precipitation reaction starting from the trisodium salt of TT (TT3Na); however, this is an aqueous
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Figure 5.4: The Rietveld refinement of the X-ray powder diffraction pattern shows a
good fit to the Chevrel phase CaMo6 S8 prepared by microwave-assisted heating with
no impurity phases. The material preparation, XRD pattern, and refinement were
done by Roman Pobel.
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Figure 5.5: Two electrode cyclic voltammograms of the Ca Chevrel, CaMo6 S8 , cycled
with a S/C composite cathode in 1 M Ca(ClO4 )2 in acetonitrile electrolyte at 0.5 mV
s−1 show reversible redox peaks straddling 0 V (vs. CaMo6 S8(CE) ). A three electrode
CV must be done in order to determine the potential at which the redox processes are
occurring.

Figure 5.6: A proposed Ca-based organic system utilizing the reversible redox of the
disulfide bond on triazine substrates.
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Figure 5.7: In order to obtain the desired anode material (highlighted in blue), the
material must be prepared in a nonaqueous solvent. In order to solubilize the 1,3,5triazine-2,4,6-trithiol monomer in acetonitrile, the Na cations will be replaced by bulky
tetrabutylammonium (Bu4N) cations.
reaction and Ca associates more strongly with O in the solvent than with the
sulfide preventing the formation of the desired structure.[126] Therefore, the
preparation of the PTTCa must be done in a nonaqueous solvent such as acetonitrile to prevent the inclusion of water. The intended mechanism for the
preparation of the anode material is described in Figure 5.7).
The preparation of the TT3Bu4N has been attempted without control over
the pH of the solution. One Na cation is replaced by the tetrabutylammonium
cation at a 3 mol % excess of the Bu4NCl. Additionally, the two of the nitrogens
in the triazine ring are protonated and H2 O is present in the structure (Figure
5.8). In order to achieve the desired structure, the pH of the solution must be
carefully considered.
The preparation of the PTTCa active material is not trivial, however, if the
material is made without significant impurities, it should undergo reversible
redox and function well as a battery material.
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Figure 5.8: Structure of TT2HBu4N•2H2 O as determined from refining the single
crystal X-ray diffraction pattern.

5.4

Conclusions

Due to the reactivity of Ca toward organic solvents, it is very difficult to
control the solid electrolyte interface (SEI) on a Ca metal electrode. Therefore,
alternative systems that steer away from Ca metal anodes are desirable. In this
chapter, three possible alternative materials are described. The first is based on
alloying reactions that are common in Li-based electrochemical cells and aims
to utilize Ca2 Si as a redox active material. When Ca2 Si is cycled vs. a S, V2 O5 ,
or Mn2 O3 cathode, there is no electrochemical activity. This suggests that it is
very difficult to pull Ca2+ out of Ca2 Si which could be due to conductivity issues. An Ca2+ intercalation compound is also explored, namely the Ca Chevrel
CaMo6 S8 . Promising reversible redox is observed, however, more experiments
need to be done in order to nail down the identity of the electrochemical reac-
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tions. Additionally, are more unconventional material is discussed that utilizes
a Ca-containing organic material. Poly(1,3,5-triazine-2,4,6-trithiol tricalcium),
or PTTCa, could be a useful Ca-containing electrode material when synthesized
properly. Here, difficulties with the affinity of Ca for O resulting in H2 O incorporation into the solid prohibited electrochemical testing.
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Chapter 6
Reversible Capacity of Conductive
Carbons at Low Potentials
Conductive carbon additives are used in almost all composite electrode slurries in order to enhance the conductivity of electrodes and improve the performance of the active materials. It is often overlooked, however, that the conductive carbons themselves are active at low potentials. Here, the activity of
conductive carbons is described in ethylene carbonate electrolytes with diethyl
carbonate, dimethyl carbonate, and ethyl methyl carbonate. The effect of rate
is considered in addition to electrolyte composition. Two common conductive
carbon additives, Kejtenblack R and Super P R , exhibit reversible capacities up
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to 100 mA.h g−1 after 100 cycles.

6.1

Introduction

Carbonaceous materials are widely used in electrochemical energy storage
devices from batteries to supercapacitors either as additives or as active materials themselves. Most composite powder electrodes contain some percentage
of conductive carbon in order to enhance the conductivity of the electrode and
create a continuous path for electrons to travel from the active material to the
current collector.[127] When carbon materials are used as conductive additives
they are often considered to be electrochemically inert, however, it is well known
that carbons are very good at storing charge in a variety of ways. The conventional graphite anode in Li-ion intercalation batteries, for example, can store
around 300 mA.h g−1 via Faradaic intercalation chemistry, while symmetric high
surface area carbon electrodes are often used in supercapacitors[128] and can
exhibit very high capacitive energy storage, around 250 F g−1 .[129]
Although carbon materials are well known active materials in electrochemical cells, their reversible charge storage abilities are often ignored when they
are used as additives in composite electrodes. Here, we describe the activity of
two common conductive carbon electrode additives: Super P R (TIMCAL) and
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Ketjenblack R (AkzoNobel). The main difference between the two carbons is the
surface area with an average BET surface area of 62 m2 /g for Super P R according to the TIMCAL technical data sheet and 800 - 1400 m2 /g for Ketjenblack R
according to AkzoNobel. Here, we show that both carbons exhibit substantial
reversible capacities when cycled at low potentials in carbonate electrolytes.
The high capacity of the first cycle is due to decomposition of electrolyte to
form the solid electrolyte interphase (SEI) and is thus much higher than subsequent cycles.[130, 131] This contribution is recognized widely in the literature,
however, here we show that subsequent cycles also show substantial reversible
charge storage. This is significant for work on alternative anode materials that
require cycling conditions at low voltages with composite electrodes. In this
case, the reversible capacity of the carbon additives in the electrodes must be
considered in order to probe the activity of the alternative anode accurately.
Research on alternative anode materials is driven by the need to find sustainable materials that show reversible capacity at low potentials and pair them
with high capacity cathodes. Some common materials explored for high capacity anodes include alloying materials, such as Si, and transition oxides, fluorides and sulfides that undergo conversion reactions, allowing full utilization
of the oxidation state of the transition metal. This includes materials such as
MoO2 which are believed to form Li2 O and the corresponding metal, Mo in this
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case, upon discharge.[132] The theoretical capacity of this conversion reaction
is 838 mA.h g−1 . Such materials are often evaluated in composite electrodes
with conductive carbon additives are cycled at low potentials, close to that of
Li/Li+ . Our group previously explored mesoporous MoO2 in order to reduce Li+
diffusion lengths and allow for greater reversibility.[133] Instead of the capacity
fade that normally plagues conversion materials, the capacity of the mesoporous
MoO2 increased as the cell cycled with most of this capacity originating from the
low potential region.[133] The origin of this capacity could be from the conversion reaction of the active MoO2 material itself, or from the activity of other
components in the electrode, such as the conductive carbon. In fact, it has been
previously suggested that the conductive carbon additives in the electrode composite could contribute to reversible capacity at low potentials. The mechanism
of charge storage could be either a capacitive storage mechanism or reversible
electrolyte decomposition (reversible SEI formation) as suggested by Maier et
al..[134, 135]
In order to provide useful information for researchers cycling composite electrodes at low voltages, the reversible capacity of two common carbon additives
is discussed. We find that at low potentials (defined as below 1 V vs. Li for this
study) the conductive carbon additives exhibit high reversible capacities essentially independent of rate or electrolyte composition in carbonate electrolytes.
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Although the contribution of the carbon material to the overall electrode performance when evaluating alternative anode materials depends on a variety of
factors, including electrode composition, electrode preparation method, and the
nature of the active material, it is our goal to provide a high estimate for the reversible capacity of conductive carbon additives as a reference. Therefore, both
Super P R and Ketjenblack R were cycled in Swagelok half cells vs. a Li foil anode. Both carbons exhibit similar reversible capacities after the first cycle (SEI
formation) of between 100 mA.h g−1 -175 mA.h g−1 independent of the carbonate and rate.

6.2

Experimental

Prior to cell testing, Super P R and Ketjenblack R were ground with a mortar and pestle and dried in a vacuum oven at 120 o C for 24 hrs. The organic
electrolyte solvents ethylene carbonate (EC), ethyl methyl carbonate (EMC),
dimethyl carbonate (DMC), and diethyl carbonate (DEC), were purchased anhydrous and used as received. The supporting electrolyte is battery grade lithium
hexafluorophosphate (LiPF6 ) and was used as received. All electrolyte solutions
were prepared in an Ar glove box with 1 M LiPF6 concentration and were stirred
for 24 hrs before use to ensure full dissolution.
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Stainless steel, 1/2” Swagelok cells with Kapton liners were used to measure
the performance of the carbons. The cells were assembled in an Ar glove box
using 2 mg - 4 mg of active carbon material added directly to the stainless steel
plunger. The carbons were separated from a 10 mm Li foil anode with two 1/2”
WhatmanTM glass fiber (GFD) separators. The GFD separators were dried at
70 o C under vacuum overnight prior to loading into the glove box. Nine drops
of electrolyte was added from a glass pipette on top of the separators prior to
adding the Li metal foil anode and stainless steel current collector.
Electrochemical measurements were performed using a Bio-Logic Variable
Multichannel Potentiostat. Galvanostatic cycling was performed with a charging cutoff voltage of 2.0 V (vs. Li) and varying cutoff voltage on the discharge
between 0 V (vs. Li) to 0.5 V (vs. Li). The rate was varied from C/10 to 10C,
assuming the materials are only C and 1 e− per C. Electrochemical impedance
spectroscopy (EIS) was performed before and after cell cycling with a sinus amplitude of 100 mV from 1000 kHz to 10 mHz.

6.3

Results and Discussion

The goal of this study is to provide a reference for researchers studying alternative anodes on the reversible capacity of conductive carbon additives. In order
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to obtain the highest possible capacity, no binder was used which could passivate
the carbon surface for capacitive storage and introduce another degree of freedom. Additionally, the carbon materials were cycled as low as possible without
allowing Li deposition, which would cause issues in analyzing the data. In order
to determine the lowest practical cutoff voltage, Ketjenblack R electrodes were
discharged to 0 mV, 10 mV, 100 mV and 500 mV (vs. Li) and charged to 2 V (vs.
Li) (Figure 6.1). As expected, the first discharge capacity is extremely high due
to Faradaic reduction of the electrolyte to form the SEI (Figure 6.1a).[130, 131]
When cycled to 0 mV (vs. Li), this capacity is also due to Li metal deposition on
the carbon materials. The 2nd cycle again shows a Faradaic plateau probably due
to SEI formation on the freshly deposited Li from cycle 1. This does not happen
for the cells cycled to 10 mV or 100 mV suggesting that 0.01 V (vs. Li) is positive
enough to prevent Li deposition but low enough to maximize the capacity of the
carbons at low potentials. Therefore, all subsequent cells were cycled to 0.01 V
(vs. Li).
Regardless of the cutoff voltage, Ketjenblack R show significant reversible
capacity. With higher cutoff voltages, the capacity at 100 cycles decreases exponentially (Figure 6.1d). This trend follows the shape of the discharge curve,
which is overlaid on Figure 6.1d, almost perfectly suggesting that increasing the
cutoff voltage simply prevents access to the charge storage at lower potentials.
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Figure 6.1: Ketjenblack R electrodes cycled at C in 1 M LiPF6 in EC/DEC electrolyte
with varied discharge cutoff voltages. The charge cutoff is 2 V (vs. Li) in all cases.
(a) The first discharge is governed by the decomposition of the carbonate electrolyte
to form SEI as seen by the noticeable Faradaic plateau. (b) The 2nd discharge profile
exhibits a similar Faradaic plateau if the cutoff voltage is 0 V. This is probably due
to SEI formation on the newly deposited Li from the 1st cycle. (c) The 50th cycle
appears to be all capacitive storage with the slightly higher cutoff voltage traces
matching well. (d) All cells cycle well with high initial capacities that fade quickly
to an equilibrium, reversible capacity. The first discharge capacity is not shown in
this plot. (e) As the cutoff voltage is modulated, the discharge and charge capacities
exhibit an exponential trend due to the shape of the profiles. A discharge profile is
overlaid to show the relationship between the capacity and the shape of the discharge
profile.
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This agrees nicely with a capacitive charge storage mechanism.
In addition to evaluating the reversible capacity as a function of cut off voltage, the effect of cycling rate was also evaluated on both conductive carbon
additives. With the exception of the first cycle, the capacity of the materials
is largely independent of rate. This suggests that the mechanism for charge
storage does not involve any kinetically limited Fardaic processes. Rather, the
charge storage mechanism is most likely a capacitive mechanism in which the
rate limiting step is simply Li+ diffusion through the electrolyte. The first capacity, however, is due to electrolyte decomposition and shows a linear dependence
on rate. Additionally, Ketjenblack R shows a much higher first discharge capacity compared to Super P R due to the much higher specific surface area of
Ketjenblack R .
Both Super P R and Ketjenblack R were cycled from 2 V (vs. Li) to 0.01 V (vs.
Li) at 10C, 2C, 1C, and C/10 (Figure 7.12). Ketjenblack R shows a rate dependence that would be expected from a material with kinetically limited processes
with the highest reversible capacity achieved at C/10. At 2C and C, however,
the capacities at 100 cycles are very similar. At 10C, both materials show negligible reversible capacity. In the Super P R case, the capacity at 100 cycles is
less dependent on rate. Interestingly, the cells cycled at C/10 exhibit lower reversible capacities. C/10 also results in a slower equilibration as evidenced by
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Figure 6.2: (a) Ketjenblack R and (b) Super P R cycled at varying rates in EC/EMC.
The carbons reach an equilibrium capacity much sooner when cycled at higher rates.
the gradual fade from the initial high capacity of the 1st cycle (SEI formation).
Therefore, there will be a higher contribution to the capacity from the carbon
additive when the cells are cycled at slower rates especially below 20 cycles.
In order to provide useful information on the activity of the carbon additives
for a variety of systems, the carbons were cycled in several carbonate electrolytes

145

including EC with EMC, DMC, and DEC at compositions commonly used in the
literature (Figure 6.3). For both Super P R and Ketjenblack R , the first discharge
capacity shows a strong rate dependence in all electrolytes. This is not surprising since the SEI is formed via Faradaic electrolyte reduction during the first
discharge. The quantity of electrons consumed for this process on Ketjenblack R
is much higher than the Super P R carbon due to the higher surface area of
Ketjenblack R . A higher surface area means increased carbon-electrolyte interfaces and thus more SEI. Once the SEI is formed, the capacity fades to an equilibrium value after about 20 cycles. The capacity at 50 cycles and 100 cycles
is shown in order to convey the reversibility of this equilibrium capacity. For
Ketjenblack R , the reversible capacity does not depend on the electrolyte composition. EC/DEC, EC/DMC, and EC/EMC all result in similar capacities from
the 50th to 100th cycle. Additionally, there is no capacity fade from the 50th to
100th cycle suggesting that the capacity of the carbons at 50 cycles will persist
throughout the entire cycling life of the battery. The capacities of each carbon
at each rate and in all three electrolytes is tabulated in Table 6.1. The minimum
reversible capacity generated from the carbons can be considered to be the capacity at the 100th cycle, however, composite electrodes cycled at these low
potentials will show more contributions from the carbons during earlier cycles.
Significant reversible capacities are observed for both Super P R and
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Ketjenblack R electrodes. In general, each material can reversibly store about
the same capacity after the first cycle. The first cycle, however, shows large
disparities between the two carbons since Ketjenblack R requires many more
electrons to form its SEI. The similar capacities thereafter could be due to the
similarity between the SEIs that have formed on the carbons and subsequently
act as capacitive interfaces.
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174.6 ± 12.7
160.8 ± 24.3
110.0 ± 14.9

100.2 ± 25.0
138.9 ± 19.4
104.7 ± 27.3

71.5 ± 4.6
99.7 ± 9.9
87.8 ± 16.8
41.0 ± 7.6

401.9 ± 28.1

330.5 ± 55.6

200.1 ± 31.0

411.1 ± 109.2

288.0 ± 6.6

222.6 ± 32.9

361.2 ± 182.4

200.6 ± 33.2

270.4 ± 48.9

65.6 ± 13.2

0.1

1

2

0.1

1

2

0.1

1

2

10

100th cycle

1st cycle

50th cycle

Ketjenblack R

1809.3 ± 807.7

1957.96 ± 128.5

3431.7 ± 239.8

116.1± 30.2

112.8 ± 17.73

125.3 ± 43.1

1619.6 ± 525.4

2591.0 ± 277.4

3438.8 ± 603.4

88.0 ± 23.5

132.3 ± 18.5

130.3 ± 23.2

43.5 ± 6.1

77.7 ± 15.6

93.8 ± 9.3

57.5 ± 11.9

470.6 ± 97.6

1698.6 ± 159.0

2360.3 ± 102.8

35.2 ± 3.3

89.9 ± 7.6

124.6 ± 17.9

ethylene carbonate/ethyl methyl carbonate (EC/EMC)

99.3 ± 27.4

132.4 ± 22.8

93.0 ± 30.5

ethylene carbonate/dimethyl carbonate (EC/DMC)

108.1 ± 10.8

147.8 ± 30.9

143.9 ± 13.4

ethylene carbonate/diethyl carbonate (EC/DEC)

50th cycle

1st cycle

C rate

Super P R

1C, 2C, and 10C. The error represents the standard deviation of at least three replicate cells.

37.3 ± 4.3

77.6 ± 11.0

113.8 ± 18.0

80.2 ± 16.1

113.9 ± 26.3

123.5 ± 21.9

107.6 ± 25.8

103.2 ± 17.5

104.8 ± 31.1

100th cycle

Table 6.1: Discharge capacities of both Super P R and Ketjenblack R in EC/DEC, EC/DMC, and EC/EMC at 0.1C,

Comparing the electrochemical impedance spectroscopy (EIS) of the two carbon additives in all three electrolyte compositions before and after cycling gives
more insight into the performance of the materials when cycled to low potentials and the nature of the SEI. EIS data is commonly represented as a Nyquist
plot with the real part of the impedance plotted on the x-axis vs. the negative of the imaginary part of the impedance on the y-axis. Nyquist plots can
be fit with equivalent circuit models in order to pull out resistance values for
resistors, etc., however, here we will only consider a qualitative comparison of
the Nyquist plots. The semicircle can be thought of as a capacitor and a resistor in parallel and the width of the semicircle is related to the charge transfer
resistance of the electrode.[85] In all cases, the charge transfer resistance of
the Ketjenblack R electrodes is much less than that of the Super P R electrodes
before cycling suggesting that the electrolyte wets the Ketjenblack R better (Figure 7.10). This could also be due to a difference in surface area between the
two materials, with Ketjenblack R being a much higher surface area material.
Therefore, it is more beneficial to compare the change in the Nyquist plots after
cycling. After cycling, the Nyquist plot gives some information regarding the
impedance of the SEI layer that is on the carbons. For Ketjenblack R , the SEI
exhibits a much lower impedance than the Super P R case. The only cell which
shows higher impedance after cycling is Super P R in EC/EMC. Although only
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Figure 6.3: Discharge capacities of Super P R (left panels) and Ketjenblack R (right
panels) at C/10, C, and 2C in EC/DEC, EC/DMC, and EC/EMC. The (a) 1st , (b)
50th , and (c) 100th cycles are shown. Each data point represents the average of
duplicate cells with the standard deviation indicated as the error bar.
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one cell is shown in Figure 7.10c, this was true for all Super P R electrodes cycled in EC/EMC. EC/EMC also results in consistently lower capacities compared
to the other two compositions (Figure 6.3).
In order to investigate the effect of the composition of the SEI on the reversible capacity in more detail, the relative concentration of EC to DMC was
modulated. When Super P R is cycled in these varied composition electrolytes at
1C, reversible capacity is observed even in 100% DMC electrolyte (Figure 6.5).
The SEI plateau on the first cycle disappears for the 100% DMC case suggesting
the Faradaic plateau is due to EC reduction (Figure 6.5a). Even at 22% EC,
the plateau on the 1st cycle remains clearly visible. Although the 100% electrolyte likely does not form the same SEI as the electrolytes with EC, Super P R
is still able to cycle at a very stable capacity, albeit lower than the cells cycled in
electrolytes with EC (Figure 6.5c). This low capacity could be due to a higher
resistance associated with the SEI formed in 100% DMC, however, no trend is
evident between resistance of the SEI and EC concentration. The cells that show
the largest hysteresis, which can be attributed to SEI resistance, during the 25th
cycle are the cells cycled in the 88% DMC electrolyte composition. The 50%
and 70% DMC compositions result in the thickest SEI as evidenced by the high
gravimetric capacity for the 1st cycle. These cells are also the cells which have
the highest reversible capacity thereafter suggesting that SEI formation is indeed
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Figure 6.4: Nyquist plots of Super P R and Ketjenblack R in all three electrolyte
compositions at cycled at 2C.
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important for the charge storage of Super P R . In order to prevent this process,
cycling composite electrodes to cutoff voltages above the voltage at which SEI
formation occurs to prevent any carbon activity.

6.4

Conclusion

Both Super P R and Ketjenblack R conductive carbon additives exhibit substantial reversible capacities in carbonate-based electrolytes when cycled at low
potentials, below 1 V (vs. Li). This is not surprising since carbonaceous materials
are well known supercapacitor electrodes, however, the ability of carbon additives to reversibly store charge has not been sufficiently addressed for composite
electrodes cycled at low voltages in Li half cells. We have tabulated the expected
reversible capacity of both carbon additives at several rates in a variety of carbonate electrolyte compositions to serve as a reference. Cells cycled at slower
rates will incur a higher capacity from the carbon materials at lower cycle numbers. Those cycled at higher rates, ≥1C, will incur a high capacity due to SEI
formation on the carbons on the first cycle followed by a stable, lower reversible
capacity. In order to prevent the activity of the carbons, composite electrodes
must be cycled well above the potential at which SEI formation occurs at about
1 V (vs. Li). It is possible that this potential could vary depending on the com-

153

Figure 6.5: Super P R cycled in EC at 1C with varying DMC contents, as indicated.
(a) The first discharge plateau, which corresponds to electrolyte decomposition, is lost
when the cycled in 100% DMC suggesting the plateau is due to EC reduction. (b)
Capacitive storage on Super P R in higher DMC content electrolytes exhibits worse
hysteresis probably due to a more resistive SEI layer formed during the 1st cycle. (c)
Super P R is able to cycle reversibly in all electrolytes. 70% DMC is the optimal
electrolyte composition for the highest capacitive storage.
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position of the composite electrode and the electrolyte composition, so it is imperative that this potential is determined before cycling. In summary, Table 6.1
serves as a reference for the reversible capacity of Super P R and Ketjenblack R in
carbonate-based electrolytes and suggest that it should be used to deconvolute
the capacity of composite electrodes which contain both the material of interest and the conductive carbon additive. Of course, the contributions from the
carbons will be much greater for composite electrodes composed of a greater
percentage of carbon.
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Chapter 7
Lithium Charge Storage
Mechanisms of Cross-linked
Triazine Networks and their Porous
Carbon Derivatives
Redox active electrode materials derived from organic precursors are of interest for use in Li batteries due to the possibility of sustainably producing the
materials via renewable resources. A series of organic networks that either con1

Contributions to this work were made by Stephan Huq, Katharina Schwinghammer, and
Bettina V. Lotsch at the Max Planck Institute for Solid State Research in Stuttgart, Germany.
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tain triazine units or are derived from triazine-containing precursors are evaluated vs. Li metal anodes as possible active materials in Li batteries. The effect
of structure on the electrochemical performance is studied by evaluating several
materials prepared at a range of conditions allowing control over functionality
and long range order. Well-defined structures in which the triazine persists in the
final material exhibit very low capacities (<10 mA.h g−1 ). In order to achieve
high, reversible capacity (around 150 mA.h g−1 ), we find that amorphous materials with little short range order (no triazine functionality) are required. The
gently sloping discharge and charge profiles suggest a capacitive-type mechanism which is further confirmed by a trend of increasing capacity with increasing surface area. Additionally, all the high capacity materials exhibit large spin
concentrations that may be involved in the charge storage mechanism.

7.1

Introduction

While traditional energy storage materials utilize non-renewable and
relatively scarce elements such as Co (in the classic cathode compound
LiCoO2 )[136], organic materials derived from renewable precursors are desirable charge storage materials since they can be prepared in a sustainable manner using highly abundant elements. Such materials are promising solutions to
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worldwide energy needs that cannot afford to suffer from the use of scarce or
geographically isolated materials. Within this vein, redox active organic materials suitable as battery or supercapacitor electrodes have been recently gaining
much interest.[137]
Redox active organic materials include small molecules, polymeric materials,
and networks. Early work on organic materials for Li battery applications focused on carbonyl groups in polyoxocyclohexanes both as small molecules[138,
139] and incorporated into polymers,[140] or in dicarboxylates[141] and
ethoxycarbonyl-based materials.[142] Other functional groups have been explored as possible electrodes for secondary batteries such as organosulfur
compounds which utilize the reversible reduction of disulfide bonds[125]
in dimeric organodisulfides,[143] disulfides along the backbone of polymeric materials,[144] disulfides attached to the backbone of polymeric
materials,[145] or polymeric materials containing polysulfide bonds.[146]
Organic free radical compounds have also been known to reversibly store
electrons in Li batteries. Very stable oxygen-centered radical species such as nitroxide radicals can exhibit both n- and p-doped states by either acting as an
oxidant by accepting an electron to pair the unpaired radical or acting as a reductant by donating the unpaired electron. Similarly, it was recently suggested
that rigid networks containing triazine moieties, termed amorphous covalent
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triazine-based frameworks (CTF), can also exhibit bipolar states to achieve reversible capacities in Li batteries up to about 150 mAh g−1 via a similar mechanism in which the triazine unit can be both n- and p-doped.[147]
Here, we describe the effect of the structure and synthesis temperature of a
few triazine-based materials on the charge storage capabilities. This structural
dependence gives insight into the mechanism of charge storage. Two classes
of triazine materials will be discussed: (1) poly(triazine imide) (PTI) which
contains 1,3,5-triazine bridged by imide linkers (Figure 7.1a) and (2) covalent
triazine-based frameworks (CTF) that contain 1,3,5-triazine bridged by rigid,
conjugated linkers such as para-phenylene or 2,2’-bipyridyl (Figure 7.1b). This
allows for a comparison of floppy and less conjugated materials vs. rigid and
more conjugated materials.
The synthesis of crystalline PTI (c-PTI) was first reported by Bojdys et al. via
an ionothermal method.[148] Later, our group expanded on the characterization of the PTI materials and found that they consist of a 2D network of planar
triazine units bridged by imides with the channels filled by Li+ and Cl− .[149]
The long range order of the PTI materials can be modulated by varying the
synthetic procedure (see Experimental section) to produce amorphous PTI materials (α-PTI) which show no evidence of long range order in the X-ray diffraction (XRD) patterns.[150] It is known that α-PTI outperforms c-PTI materials as
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photocatalysts suggesting that their electronic structures also change according
to their morphology.[150] For this reason, both amorphous and crystalline PTI
networks were evaluated as potential battery materials.
In addition to the PTI networks, we evaluated two series of CTF materials due to their previous success as battery materials. CTFs have been evaluated in half cells in both Li-based systems[147] and Na-based systems[151]
and even in an all-organic cell for both Li and Na batteries.[152] CTFs prepared at slightly higher temperatures were also evaluated as supercapacitor
electrodes.[153] Here, we study very similar materials with an emphasis on
evaluating the cell performance with different linkers, namely phenylene (CTF1)
and 2,2’-birpyridyl (bipy-CTF), see Figure 7.1b for idealized structures. These
materials are prepared from a para-dicyanobenzene[154]or 5,5’-dicyano-2,2’bipyridine[155] precursors ionothermally in a ZnCl2 melt, as described previously, with various equivalents of ZnCl2 and at various temperatures.
By evaluating this wide range of materials prepared from 1,3,5-triazine containing precursors, we have determined that the triazine unit itself is not involved in storing charge through bipolar states as previously hypothesized.[147]
Instead, we find that the PTI and CTF networks that contain well-defined triazine units show very low capacity in Li batteries. CTF materials prepared
at higher temperatures form N-containing amorphous carbons with ill-defined,
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Figure 7.1: The two classes of 1,3,5-triazine-containing networks explored as electrode materials for Li batteries. (a) Poly(triazine imide), or PTI, is composed of
1,3,5-triazine bridged by secondary amines. These materials are well-defined with Li+
and Cl− ions occupying the channels. The N in the triazine or imide can be substituted, or “doped”, with O or C depending on the synthesis procedure. (b) Covalent
triazine-based frameworks, or CTFs, contain 1,3,5-triazine moieties bridged by rigid,
conjugated units such as phenylene (CTF1) and 2,2-bipyridyl (bipy -CTF). CTFs are
more rigid and their structure and functionality can be modulated depending on the
synthesis temperature.
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amorphous structures and exhibit much higher capacities when cycled in a
Li half-cell. This is not surprising since similar N-containing porous carbons
have been explored previously for application in supercapacitors.[153, 156]
Capacitive-like discharge and charge profiles are observed for amorphous materials and the capacity trends with surface area, further suggesting a capacitive
mechanism. Interestingly, the high capacity bipy-CTF and CTF1 materials also
have a large concentration of unpaired spins that may be involved in the charge
storage mechanism

7.2
7.2.1

Experimental
Preparation of PTI materials:

The PTI materials were prepared by Katharina Schwinghammer in Prof. Bettina V. Lotsch’s group at the Max Planck Institute for Solid State Research in
Stuttgart, Germany. Both c-PTI and α-PTI materials were prepared for analysis
in Li batteries. The synthesis of the c-PTI materials was performed according to
previously published procedures.[148, 149] Dicyandiamide (0.20 g, 2.38 mmol)
and an eutectic mixture of lithium chloride (59.2 mol%, 0.90 g, 21.3 mmol) and
potassium chloride (40.8 mol%, 1.01 g, 14.7 mmol) were hand ground with a
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mortar and pestle in a glove box. The reaction mixture was transferred in a
dried quartz glass vessel, placed in a horizontal tube furnace, and heated under
atmospheric Ar pressure at 6 ◦ C min−1 to 400 ◦ C. This temperature was held for
12 h and then cooled to room temperature at 20 ◦ C min−1 . The resulting powders were then re-ground in Ar and transferred to a dried, thick-walled fused
silica tube (15 mm OD and 11 mm ID) which was then evacuated and sealed
at a length of 120 mm. The sealed ampoule was placed in a horizontal tube
furnace and heated at 1 ◦ C min−1 to 600 ◦ C in a second heating step and held
at 60 ◦ C for 24 h. After cooling to room temperature (6 ◦ C min−1 ), the ampoule
was broken and the sample was isolated and washed several times with boiling
water to remove residual salt. The resulting material c-PTI was obtained as a
brown powder (80 mg, 50%).
The synthesis of α-PTI and “doped” α-PTI (α-d-PTI), made by copolymerizing
4-amino-2,6-dihydroxy pyrimidine (4AP) with α-PTI, was carried out according
to previous work by our group.[150] “Doped” here indicates that some of the N
in the triazine or imide moieties are replaced by C or O. Dicyandiamide (0.50 g,
5.95 mmol) and an eutectic mixture of lithium chloride (59.2 mol%) and potassium chloride (40.8 mol%) were ground together in an Ar glove box. In the case
of the copolymerized α-d-PTI samples, 4AP (0.72 g, 0.86 mmol) was added to
the reaction mixture before grinding. The starting mixtures were transferred in
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Table 7.1: Summary of synthesis conditions for poly(triazine imide) materials.
Material

Copolymerized (“doped”) with 4AP

Syn. temperature ( ◦ C)

c-PTI-600

no

600

α-PTI-450

no

450

α-d-PTI-500

yes

500

α-d-PTI-550

yes

550

a quartz glass vessel which was heated in a horizontal Ar-purged tube furnace at
12 ◦ C min−1 to the target temperature (indicated in Table 7.1). The temperature
was held for 6 hr. followed by cooling to room temperature (20 ◦ C min−1 ). The
resulting powders were ground to achieve a homogenous product and heated
again under the same conditions. Finally, the samples were isolated and washed
several times with boiling water to remove residual salts. α-PTI yielded a yellow
powder (0.15 g, 38%) and in the case of α-d-PTI-550, a dark orange colored
product (0.16 g, 40%) was recovered.

7.2.2

Preparation of CTF materials:

The covalent triazine frameworks (CTF) were prepared by Dr. Stephan Huq
in Prof. Bettina V. Lotsch’s group at the Ludwig Maximilian University in Munich, Germany. The CTFs are prepaed in a ZnCl2 melt at temperatures between
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400 ◦ C and 600 ◦ C using either para-dicyanobenzene[154] (CTF1 networks) or
5,5-dicyano-2,2-bipyridine[155] (bipy-CTF networks) precursors. In a typical
synthesis a Duran ampoule (1.5 × 12 cm) was charged with the dinitrile (500
mg) and ZnCl2 (1-10 equivalents, see Table 7.1) in a glove box. The ampoule
was flame sealed under vacuum and placed in a tube furnace. The ampoule was
heated to temperatures between 400 ◦ C - 600 ◦ C and subsequently allowed to
cool to ambient temperature. The ampoule was opened and its content ground
thoroughly. The crude product was stirred in H2O (75 mL) for 1 h, filtered, and
washed with 1 M HCl (2 × 75 mL). The CTF was stirred at 90 ◦ C in 1 M HCl (75
mL) over night, filtered, and subsequently washed with 1 M HCl (3 × 75 mL),
H2O (12 × 75 mL), THF (2 × 75 mL), and dichloromethane (1 × 75 mL). Finally, the powder was dried overnight in a desiccator. The materials CTF1-400-1
and CTF1-400-10 are analogous to the crystalline CTF-1 and amorphous CTF-1
(ACTF-1), respectively, presented by Sakaushi et al.[147]

7.2.3

Characterization:

Argon adsorption/desorption measurements were performed at 87 K with
an Autosorb-iQ surface analyzer (Quantachrome Instruments, USA). Samples
were outgassed in vacuum at 150 ◦ C for 6-12 h to remove all guests. For BET
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Table 7.2: Summary of synthesis conditions for the covalent triazine-frameworks.
Material

Eq. ZnCl2

Syn. temperature ( ◦ C)

CTF1-400-1

1

400

CTF1-400-10

10

400

CTF1-500

5

500

CTF1-600

5

600

bipy-CTF-400

5

400

bipy-CTF-500

5

500

bipy-CTF-600

5

600

calculations, pressure ranges of the Ar isotherms were chosen with the help of
the BET Assistant in the ASiQwin software. In accordance with the ISO recommendations multipoint BET tags equal or below the maximum in V × (1 - P/P0 )
were chosen. Fourier transformed infrared (FTIR) spectroscopy measurements
were carried out on a Perkin Elmer Spektrum BX II (Perkin Elmer, USA) with
an attenuated total reflectance unit. Powder X-ray diffraction (XRD) was measured on a BRUKER D8 Avance (Bruker AXS, USA) in Bragg-Brentano geometry.
Elemental analysis (EA) was carried out with an Elementarvario EL (Elementar Analysensysteme, Germany). Solid state electron paramagnetic resonance
(EPR) experiments were carried out on weighed powders of the materials in
sealed quartz capillary tubes inside 0.4 mm quartz EPR tubes. The spectra were
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recorded on a X-band (9 GHz) Bruker EMX spectrometer operating at 100 kHz
field modulation, 2.0 µW (20 mW for CTF1-500) microwave power and fitted
with a high sensitivity cavity. Magic angle spinning (MAS) solid-state nuclear
magnetic resonance (ssNMR) spectra were recorded at ambient temperature on
a BRUKER DSX500 Avance NMR spectrometer (Bruker Biospin, Germany) with
an external magnetic field of 11.75 T. The operating frequencies are 500.1 MHz
and 125.7 MHz for 1 H and

13

C, respectively, and the spectra were referenced

relative to TMS. The samples were contained either in 2.4 mm or 4 mm ZrO2
rotors.
Electrochemical experiments were performed in loose powder Swagelok
cells with a Li foil anode, 1 M LiPF6 in ethylene carbonate/dimethyl carbonate
(EC/DMC) electrolyte (1/1, v/v), and a Whatman glass filter dryer (GFD) separator. The GFD separators were dried at 70 ◦ C under vacuum overnight prior to
loading into the glove box. Composite powders were prepared by hand grinding the active materials with Super P R carbon additive at a 1:1 ratio for the CTF
materials, and at 2:3 ratio for the PTI materials. The powders were then dried
under vacuum overnight at 70 ◦ C prior to cell preparation. All cells were prepared in an Ar glove box. Galvanostatic cycling experiments and electrochemical
impedance spectroscopy were done on a BioLogic Variable Multichannel Potentiostat at room temperature. The electrochemical impedance spectroscopy was
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Table 7.3: Surface area and C/N ratios for the covalent triazine-framework materials.
Material

Triazine signature

BET surface

C/N ratio**

in the FTIR

area (m2 g−1 )*

CTF1-400-1

yes

610

3.77

CTF1-400-10

no

496

4.81

CTF1-500

no

1830

7.63

CTF1-600

no

2557

7.63

bipy-CTF-400

yes

590

2.88

bipy-CTF-500

no

1680

3.85

bipy-CTF-600

no

2815

4.96

* BET surface area calculated from N2 sorption isotherms
** C/N ratio is the ratio between the wt% of C/N calculated from elemental
compositions as measured by elemental analysis
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performed before and after cell cycling (charged state) with a sinus amplitude
of 100 mV from 1000 kHz to 10 mHz. Galvanostatic experiments were conducted at 0.1 A g−1 from 1.5 V to 4.5 V (vs. Li) starting firstly with discharge.
All specific capacities are reported per gram of the active material, and not the
total electrode mass.

7.3

Results and Discussion

The initial motivation to explore PTI materials with relatively light imide
linkers was to increase the gravimetric capacity of the material, assuming charge
storage was occurring at the triazine unit as proposed previously.[147] The PTI
materials, all of which show very strong signatures of 1,3,5-triazine functionality in FTIR spectra,[150] exhibit extremely low capacities when cycled slowly
(0.1 A g−1 ) in a Li half cell (Figure 7.2). To determine if electrical contact to
the active material is the cause of poor capacity, electrode composites were also
prepared by ball milling to reduce particle size and increase homogeneity. Ball
milling the electrode materials results in even lower capacity (data not shown)
probably due to structural damage. Although the capacity of the PTI materials is
very low, they cycle well as evidenced by the stable reversible capacity and high
Coulombic efficiency (Figure 7.2). The c-PTI-600 material exhibits the high-
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Figure 7.2: The PTI networks show very low capacities when cycled at 0.1 A g−1 from
1.5 V to 4.5 V in 1 M LiPF6 in EC/DMC electrolyte vs. Li metal. (a) The c-PTI-600
material exhibits slightly higher capacities than the amorphous materials (α-PTI and
α-d-PTI) synthesized at (b) 450 ◦ C, (c) 500 ◦ C, and (d) 550 ◦ C.
est capacity of the PTI networks (Figure 7.2a), however, all capacities are very
low. The highest expected capacity for these materials would be 218 mA.h g−1 ,
assuming a well-defined structure with access to all functional groups and the
ability of triazine units to reversibly store one electron per unit. The extremely
low capacity suggests that the cell is storing charge by virtue of polarizing the
electrodes and the PTI materials are not active.
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Figure 7.3: Discharge and charge profiles of the PTI networks cycled at 0.1 A g−1
from 1.5 V to 4.5 V in 1 M LiPF6 in EC/DMC electrolyte vs. Li metal.
The gently sloping charge and discharge profiles of the PTI materials suggests a capacitive-type charge storage, as mentioned earlier, with no Faradaic
processes occurring (Figure 7.3). Because the triazine units do not seem to be
active in these materials, we transitioned to materials that contain rigid linkers (CTFs) between the triazines, similar to those Sakaushi et al. explored
previously.[147]
Modifying the linkers from floppy, imide-type moieties to rigid, conjugated
linkers should allow for better electron transfer within the material and enhanced capacity. Additionally, rigid materials are known to create organic net-
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works with high surface areas[157] which would allow for increased electrolyte
access to the material and greater charge storage capabilities. Two types of rigid
linkers, para-phenylene linkers (CTF1)[154] and bipyridyl (bipy-CTF)[155],
synthesized at various temperatures were evaluated as electrodes in order to
correlate the electrochemical performance to the surface area and structure (Table 7.2). The structures of these materials are much less defined than the PTI
materials so it is important to understand how the structure and network change
with increasing synthesis temperature and ZnCl2 equivalents.
The CTF1 will be discussed first. In order to understand the long range and
local order in the materials, IR and MAS

13

C ssNMR spectra as well as XRD

patterns were measured for each material (Figure 7.4). The only material that
shows sharp 1,3,5-triazine stretches (expected at 1550 cm−1 and 1410 cm−1 )
in the IR spectra is CTF1-400-1 (Figure 7.4a). Additionally, CTF1-400-1 is the
only material in thisseries with long range order as evidenced by the two broad
reflections in the XRD pattern, likely due to the sheet-like structure proposed by
Kuhn et al.[154] Increasing the ZnCl2 equivalents[154] or increasing the synthesis temperature above 400 ◦ C results in reduced local order, causing broadened
resonances in the FTIR spectra, and reduced long range order, as evidenced by
the absence of reflections in the XRD patterns (Figure 7.4). MAS 13 C ssNMR can
give more insight into the short range order of the materials. The CTF1-400-1
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spectrum (Figure 7.4c) shows a sharp resonance at 170 ppm correlated to C in
the triazine ring. The sharp resonances at 138 ppm and 128 ppm belong to C
in the phenylene ring. The signal at 116 ppm suggests residues of nitrile groups
although there is no indication of such in the FTIR. As the synthesis temperature
is increased, the 170 ppm peak vanishes indicating destruction of the triazine
unit. Additionally, the phenylene peaks broaden significantly indicating a disorder in the aromatic rings to an amorphous carbon. In short, CTF1-400-1 is
the only material in which the schematic representation in Figure 7.1b is accurate. CTF1-400-10, CTF1-500 and CTF1-600 show no evidence of triazine units
and are best described as an amorphous carbon with the inclusion of N heteroatoms. Increasing the synthesis temperature results in higher surface areas
and increased C/N ratios presumably due to the decomposition of the triazine
and liberation of N2 (Table 7.3).
The electrochemical performance of the CTF1 materials was evaluated vs. a
Li metal anode with a carbonate electrolyte. The CTF1-400-1 material exhibits
much lower reversible capacities (23 ± 10 mA.h g−1 at the 100th cycle) when
cycled in a Li half-cell compared to the other materials in the CTF1 family (Figure 7.5). CTF1-400-10, which has a similar surface area to CTF1-400-1, exhibits
a much higher reversible capacity (84 ± 15 mA.h g−1 at the 100th cycle). The
difference between the two materials lies in the structure. CTF1-400-1 shows ev-
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Figure 7.4: Characterization of the short and and long range order in the CTF1 materials with (a) FTIR spectroscopy, (b) XRD, and (c) MAS 13 C ssNMR. The wavenumber
range in which triazine stretches are expected is highlighted by the orange box in (a)
and the 13 C resonance of C in the triazine ring is highlighted by the dashed line in (c).
Due to the extent of carbonization of CTF1-600, a 13 C NMR spectrum was unable to
be acquired. This characterization was carried out by Dr. Stephan Huq at the Ludwig
Maximilian University of Munich.
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idence of local and long range order, but CTF1-400-10 is an amorphous carbon
with no long or short range order. In fact, the only materials that show substantial reversible capacities are amorphous carbons with N heteroatoms that
show no evidence of triazine units. Another interesting feature is that the capacity does not scale with surface area. Although CTF1-500 and CTF1-600 are
much higher surface area materials compared to CTF1-400-10 (Table 7.3), all
three materials exhibit similar reversible capacities. For all materials except
CTF1-400-1, there is a low first discharge capacity which increases immediately
to a steady, reversible capacity thereafter. Capacity retention is enhanced for
materials that are prepared at higher temperatures with CTF1-600 exhibiting
the highest capacity at 100 cycles (143 mA.h g−1 ). The CTF1-600 is the most
amorphous in nature which facilitate charge storage. CTF1-600 most closely
resembles the amorphous carbons known to be great capacitor materials.19,22
The discharge and charge profiles for the CTF materials (Figure 7.6) are
very similar to the PTI materials in that there are no obvious Faradaic plateaus.
CTF1-400-1 does exhibit some kinks in the discharge and charge profile suggesting an alternative reaction mechanism compared to the other materials in
the series. The cells were charged up to 4.5 V which is pushing the electrochemical window of the carbonate electrolytes, however, there is no evidence of
electrolyte decomposition which would manifest as a plateau at high potentials.
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Figure 7.5: Discharge and charge capacities normalized per gram of active material
and the Coulombic efficiency of the CTF materials over 100 cycles. The electrodes are
50% active with 50% Super P R and are cycled at 0.1 A g−1 in 1 M LiPF6 EC/DMC
at room temperature.
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The discharge and charge profiles for the CTF1 materials look capacitive, similar
to those reported by Sakaushi et al.[147]
Triazine units bridged by 2,2-birpyridyl moieties were also explored, termed
bipy-CTF (see Figure 7.1b for an idealized structure). These materials exhibit
very similar characteristics to the CTF1 materials in that bipy-CTF-400, prepared
at 400 ◦ C, is the only material in this series that exhibits triazine signatures in
the FTIR spectra and shows the characteristic

13

C peak in the NMR for C in

the triazine ring (Figure 7.7a). Again, above 400 ◦ C, the triazine units are destroyed. The bipy-CTF-400 material shows no evidence for long range order
in the XRD (Figure 7.7b) allowing for a comparison of an amorphous material
which contains triazine (bipy-CTF-400), compared to CTF1-400-1 which has defined triazine units and moderate long range order. bipy-CTF materials prepared
at higher temperatures are also amorphous, similar to bipy-CTF-400. Higher
temperatures again result in higher surface area materials with lower N content
(Table 7.3).
The same trends that relate the electrochemical performance and structure
in the CTF1 materials hold true for the bipy-CTF materials. The one material
in the series that shows distinct evidence of triazine in the spectroscopy, bipyCTF-400, exhibits very low reversible capacities (29 ± 6 mA.h g−1 at the 100th
cycle). The materials prepared at 500 ◦ C and 600 ◦ C exhibit capacities of 141 ±
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Figure 7.6: Discharge and charge profiles of the CTF1 materials with phenylene linker
precursors cycled at 0.1 A g−1 . (a) CTF1-400-1 is a relatively well-defined material
that exhibits low reversible capacities. (b) Higher equivalents of ZnCl2 or (c, d)
higher synthesis temperatures destroys the triazine leaving an amorphous C with N
heteroatoms and allows for high reversible capacities.
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Figure 7.7: Characterization of the short range and long range order in the bipy CTF materials with (a) FTIR spectroscopy, (b) XRD, and (c) MAS 13 C NMR. The
wavenumber range in which triazine stretches are expected is highlighted by the orange
box in (a) and the 13 C resonance of C in the triazine ring is highlighted by the dashed
line in (c). This characterization was carried out by Dr. Stephan Huq at the Ludwig
Maximilian University of Munich.
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4 mA.h g−1 and 146 ± 25 mA.h g−1 , respectively, which is about 5 times higher
than that of the bipy-CTF-400. The discharge profiles and measured capacities of the bipy-CTF materials are very similar to the CTF1 materials except
bipy-CTF-400. bipy-CTF-400 shows reversible Faradaic activity, but at a much
lower capacity. bipy-CTF-400 was cycled with a discharge cutoff voltage of 1
V (vs. Li) to determine if the Faradaic processes are more reversible at low
potentials. The first discharge capacity increases, probably due to some electrolyte decomposition to form a solid electrolyte interphase (SEI) on the carbon
additive,[130, 131] however, the following capacities drop to magnitudes similar to the values measured when discharged to 1.5 V (vs. Li). The capacitive
mechanism that is apparent in the materials prepared at higher temperatures
does not seem to be present in bipy-CTF-400 due to the short range order and
lack of N-containing amorphous carbon nature. bipy-CTF-500 and -600 exhibit
high, reversible capacities and stable cycling similar to what would be expected
for amorphous carbons (Figure 7.8). The profiles essentially mimic those of the
CTF1 materials suggesting similar mechanisms for charge storage (Figure 7.9).
In both the CTF1 and bipy-CTF series, the materials with high reversible capacity are amorphous, N-containing porous carbon materials that do not contain
well-defined triazine units. In fact, the materials that do contain triazine exhibit
very low capacities irrespective of long range order. Therefore, we suggest that
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Figure 7.8: Discharge and charge capacities normalized per gram of active material and
the Coulombic efficiency of the bipy -CTF materials over 100 cycles. The electrodes
are 50% active with 50% Super P and are cycled at 0.1 A g−1 in 1 M LiPF6 EC/DMC
at room temperature.
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Figure 7.9: Discharge and charge profiles of the bipy -CTF materials cycled at 0.1
A g−1 . (a) bipy -CTF-400 exhibits low reversible capacities. (b, c) Higher synthesis
temperatures results in materials with high reversible capacities.
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the charge storage mechanism does not involve the triazine units directly. Other
material properties that affect the charge storage capabilities could be conductivity, which increases as the synthesis temperature increases, and the absence
of short range and long range order which facilitates electron transfer.
In order to probe the effect of conductivity on the cycling behavior of the CTF
materials, the resistances of the cell before and after cycling were evaluated using electrochemical impedance spectroscopy (EIS). Interestingly, the materials
prepared at higher temperatures exhibit higher resistances after cycling in both
sets of materials, CTF1 and bipy-CTF (Figure 7.10). The materials that exhibit
high reversible capacities also exhibit much wider semicircles in the Nyquist
plots after cycling, indicating an increase in the charge transfer resistance of
the electrodes. One reason for the relatively low charge transfer resistance of
the CTF1-400-1 and bipy-CTF-400 materials could be that the Faradaic reactions
occurring at these electrodes produce a SEI which protects the material and
allows for good charge transport. Additionally, CTF1-400-1 and bipy-CTF-400
undergo less charge transfer which could result in a pristine material after cycling. The presumably higher conductivity of the materials prepared at higher
temperatures does not decrease the charge transfer resistance. Additionally, the
x-intercept at high frequencies (low Z’) is higher for the high capacity materials
after cycling which suggests a change in the bulk resistance of the cell (the resis-
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Figure 7.10: Nyquist plots of the CTF materials before and after cycling at 0.1 A g−1
for 100 cycles. The low capacity materials, shown in black, exhibit much smaller
semicircles indicating lower charge transfer resistance, especially after cycling.
tance of the electrode + electrolyte). An intercept at higher Z’ could mean that
species are dissolving into the electrolyte solution thereby changing its conductivity.
The cycling profiles suggest a capacitive charge storage mechanism that
should show significantly enhanced charge storage capabilities with increased
surface area since charge storage occurs only at the interface of the material
and the electrolyte. In the CTF materials evaluated here, however, surface area
is not the only factor governing the charge storage capabilities. The amorphiza-
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Figure 7.11: The capacity of the amorphous materials trends with both (a) C/N ratio
and (b) BET surface area. The low capacity materials are the CTF1-400-1 and the
bipy -CTF-400 which both show short range order (evidence of triazine groups).
tion of the materials must accompany high surface area in order to see the trends
of capacity with surface area (Figure 7.11b). The capacity also follows a loose
trend with the C/N ratio, however, this could be an artifact since the C/N ratio
will undoubtedly increase with increasing synthesis temperature (Figure 7.11a).
Another way to determine if the charge storage is capacitive is to evaluate
the dependence of the capacity on the cycling rate. Capacitive charge storage
shows little rate dependence because there are no kinetically limited charge
transfer reactions. The rate limiting step for a capacitor should be the conductivity of the electrolyte, which, for the systems described here, is high because a
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1 M supporting electrolyte is used. For a Faradaic material, both the electronic
and ionic conductivity of the active material itself can cause rate limitations
which manifests as a strong dependence on rate. Indeed, the charge storage
capabilities for both the CTF1 and the bipy-CTF materials exhibit little dependence on rate between 0.1 A g−1 to 1 A g−1 (Figure 7.12). The capacity drops
to nearly 0 mA.h g−1 when cycled above 5 A g−1 which could be due to internal
resistance (IR) drops within the cell geometry. At these rates, IR drops within
the cell due to insufficient contact of the current collector, etc., can cause loss
of capacity. The electrodes are pressed within a Swagelok cell onto a stainless
steel current collector and resistances between the electrode powders and the
current collector cause this IR drop. This is likely the mechanism for reduced
capacity since the slope of the discharge and charge curves are similar (Figure
7.12b) but the IR drop is significant as the rates are increased. Regardless, there
is some rate dependence from 0.1 A g−1 to 0.5 A g−1 . Because the capacity of
the CTF1 and bipy-CTF materials shows a slight dependence, the charge storage
mechanism may not be purely capacitive. Charge transfer reactions could occur
in the materials in addition to surface storage at the interface. However, the
charge transfer reactions do not produce any Faradaic plateaus in the discharge
and charge profiles.
An alternative mechanism that would allow for charge transfer into the ma-
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Figure 7.12: (a) The charge storage capabilities of CTF1 and bipy -CTF materials
prepared at 500 ◦ C show a large dependence on the rate suggesting a kinetically limited
process. (b) The discharge and charge profiles exhibit large internal resistance drops
when cycled at higher rates suggesting that the cell configuration is causing the lowered
capacity.
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terial could be the pairing of unpaired electrons in the material. Indeed, the
high capacity materials all have a large spin concentration, or a high density of
unpaired electrons, as measured by electron paramagnetic resonance, EPR (Figure 7.13). The PTI materials, which show negligible electrochemical activity,
show no EPR response indicating that they do not contain unpaired electrons.
The symmetric shape of the spectra obtained for the CTF and bipy-CTF materials (Figure 7.13) indicates that the electrons are relatively delocalized in the
materials, even in the low temperature materials, due to their high degree of
conjugation. The spin concentration is not dependent on the synthesis temperature Table 7.4.
The materials prepared at 600 ◦ C show a shift to higher g values suggesting
the electrons are in a more electropositive chemical environment (Table 7.4).
This agrees well with the lower N-content of the CTF1-600 and bipy-CTF-600
which forces the electrons into a more C-rich environment. Electrons in a more
electropositive environment occupy higher energy levels and are thus more easily paired which could be the reason for enhanced cyclability and capacity of
CTF1-600 and bipy-CTF-600. Ideally we would like to correlate the quantitative
spin count in each material to the specific capacity it achieves in the Li half-cell,
however, this is a difficult task because the spins in the materials occupy various
energy levels that may or may not be accessible in the voltage ranges probed in
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Figure 7.13: Electron paramagnetic resonance (EPR) spectra of the (a-c) CTF1 and
(d-f) bipy -CTF materials. All materials show a strong EPR signal indicating a large
number of unpaired electrons. Additionally, the materials prepared at 600 ◦ C (c and
f) exhibit a large shift in g value suggesting a new environment of the electrons.
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Table 7.4: Comparison of g values and spin counts of the CTF materials as calculated
from the EPR spectra.
Material

g value

Spin count (g−1 )*

CTF1-400-1

2.0036

5.7 ×C

CTF1-400-10

2.0035

11 ×C

CTF1-500

2.0034

3.1 ×C

CTF1-600

2.047

2.1 ×C

bipy-CTF-400

2.0037

0.7 ×C

bipy-CTF-500

2.0037

5.5 ×C

bipy-CTF-600

2.061

3.3 ×C

* C is a constant value for all samples that is
dependent on instrument parameters.
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this experiment. Therefore, in order to get a more quantitative view, a higher
voltage range may need to be used requiring the development of high voltage
electrolytes. Due to the high concentration of spins in the materials that exhibit
high capacities, we suggest that the mechanism for charge storage could involve
the unpaired electrons whether they increase the mobility of charge in the material or are actively involved. More experiments need to be done to further
investigate the mechanism such as in-situ EPR. If the electrons are pairing up
during reduction, the the EPR signal should quench after discharge.

7.4

Conclusions

Several materials prepared from triazine-containing precursors were explored as active materials in Li half cells. Well-defined materials which exhibit
strong triazine character show very low gravimetric capacities even if the triazine units are bridged by conjugated moieties, such as phenylene or bipyridine. This contradicts the previously suggested bipolar mechanism in which the
triazine is n- or p-doped when cycled.[147] In order to achieve high gravimetric
capacities, the well-defined conjugated systems must be synthesized at higher
temperatures thereby destroying the triazine unit and creating a N-containing
amorphous carbon material. These materials have a high concentration of de-

191

localized spins which may be involved in the discharge and charge mechanisms. The N-containing amorphous carbon materials are very similar to Ncontaining porous carbon materials that have been evaluated as supercapacitor materials.[153, 156] The capacity of the amorphous materials trends with
surface area and C/N content, however, the slight rate dependence suggests a
pseudo-capacitive behavior involving charge transfer processes. These charge
transfer processes could involve the unpaired electrons in the amorphous materials (the electrochemically inactive PTI materials show no unpaired spins in
EPR). More work is currently underway to further prove this mechanism using in-situ EPR in order to observe the evolution of the spin concentration as a
function of discharging (reduction) and charging (oxidation).
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Chapter 8
Summary and Future Prospects

The Li–S System
The Li–S system could be the next ubiquitous battery system if its challenges
are overcome. In order to overcome the poor performance that Li–S typically
shows, an in-depth understanding of the chemistry occurring during cycling is
required. In Chapter 1, we have made steps in understanding the discharge
of the Li–S system by using in-situ 7 Li NMR to probe the intermediates that
are formed and coupling these experimental results to ab initio calculations of
the possible solid-state phases. Although Li2 S2 is often suggested to be a solid
product, our results have shown that it is very unlikely to exist. Instead, we
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have proposed a ternary diagram that describes the phase space of the Li–S cell
where the electrolyte makes up the apex of the ternary. The only solid phase
observed both experimentally and suggested by the calculations is Li2 S. During
the first plateau of the discharge, both Li+ and polysulfides dissolved in solution
are formed in conjunction with a Li+ -containing solid that is strongly suggested
to be Li2 S. The second plateau is defined by the reduction of solubilized polysulfides to Li2 S. After discharge, there remain polysulfides dissolved in solution
that have not been fully reduced to Li2 S. This new understanding of the discharge mechanism will help to design new cells that can promote the reduction
of polysulfides to Li2 S in order to achieve the full theoretical capacity of the S.
In order to promote reduction of polysulfides, a new carbon material for use
as a S-host was discussed in Chapter 2. Dissolved polysulfides show a greater
affinity to S-functionalized mesoporous carbons than their non–functionalized
counterpart as evidenced by isothermal titration calorimetry (ITC). The increased affinity allows for greater capacity retention at high cycle numbers (over
50 cycles). Because S-functionality was advantageous, other functionalities with
heteroatoms that increase the polarizability of the carbons can also be considered such as N. Alternative synthesis procedures that allow for greater control
over the functionality at the surface of the carbons should also be explored.
ITC was a useful tool to probe the interaction of the dissolved polysulfides
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and the solid electrode components in Chapter 2. This characterization tool can
be expanded to evaluate the interaction of dissolved polysulfides with a number
of possible electrode components in order to evaluate their compatibility prior
to electrode and cell fabrication. Good controls must be designed in order to
probe the interactions meaningfully since the stoichiometry of the functionality
in the solid component is often unknown. A higher exothermic response upon
titration of polysulfides into a suspension of the solid suggests increased affinity
of the polysulfides to the solid. In the case of the S-functionalized mesoporous
carbons, such a response translated to enhanced cycling performance when used
as a S-host in a Li–S cell (see Chapter 2).

The Ca–S System
The Ca–S system exhibits high capacities as a primary cell, as described in
Chapter 3. The discharge capacity stems from the oxidation of Ca at the anode
and the reduction of S at the cathode to form an as-yet undetermined calcium
(poly)sulfide. Characterization of the discharge product proved difficult as the
electrodes became shock sensitive after cycling due to the perchlorate salt in the
electrolyte. Many challenges must be overcome in order to both increase the capacity and allow for a secondary system. Firstly, a new electrolyte system must
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be developed for a safer system that allows for post-mortem characterization.
Another challenge lies in the anode material itself. The solid electrolyte interface (SEI) that forms on the surface of a Ca metal electrode is highly passivating
and forms upon exposure to the organic electrolyte. Therefore, an alternative
electrolyte system must be developed such as the organohaloaluminate-type systems that work well for Mg.[158]
Alternative Ca-sources to replace Ca metal are discussed in Chapter 5. Ca2 Si,
CaMo6 S8 , and an organic triazine network with Ca2+ inserted into disulfide linkages were discussed. Ca2 Si does not show any electrochemical activity. The
CaMo6 S8 shows interesting cycling behavior when cycled vs. a S electrode and
should be pursued in greater detail in the future. For S cathodes, however, the
CaMo6 S8 will not work as an alternative anode due to its high reduction potential. Pending further experiments on the mobility of Ca2+ in CaMo6 S8 , CaMo6 S8
could be used as a cathode material itself. The organic triazine network is difficult to synthesize but more advanced organic chemistry could be used in order
to prepare the material. Once prepared, its electrochemical activity should be
evaluated in a variety of electrolytes.
Along the vein of alternative anode research that function at low potentials,
the activity of conductive carbon additives present in nearly every composite
electrode was evaluated in Chapter 6. Interestingly, two commercially available
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conductive carbons (Super P R and Ketjenblack R ) both show high reversible
capacities around 100 mA.h g−1 in a variety of carbonate solvents without a
significant rate dependence. This reversible capacity must be taken into consideration when cycling active materials in composite electrodes with conductive
carbons.

Triazine-based Networks and their Porous Carbon
Derivatives
Organic active materials were also explored as active materials vs. Li anodes. Chapter 7 discusses a detailed insight into the mechanism of charge storage in poly(triazine imide) networks (PTI) and covalent triazine-based frameworks (CTF). The PTIs are well-defined, polymeric structures that contain triazine groups bridged by imides that are not able to store charge. The CTFs
have increased conjugation and surface area because conjugated linkers such as
phenylene or bipyridyl are used between the triazine units. The CTFs show better charge storage capabilities compared to the PTI materials but still low capacities. In order to achieve substantial charge storage, the CTFs must be prepared
at temperatures at which the triazine unit is destroyed and an amorphous car-
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bon with N heteroatoms is produced. These kinds of materials have been used
previously as supercapacitors in which capacitive charge storage mechanisms
are suggested. Interestingly, the capacity of the amorphous CTFs does not trend
with surface area or conductivity and shows a rate dependence suggesting kinetically limited charge transfer reactions. These observations suggest an alternative mechanism to pure capacitive charge storage and inspired an evaluation
of the materials by electron paramagnetic resonance spectroscopy (EPR). EPR
shows that all the CTFs have high concentrations of unpaired electrons while
the PTI materials do not. Therefore, it is suggested that the unpaired spins in
the CTF materials participate in charge storage, however, the exact mechanism
is unclear at this point. In-situ EPR must be done in order to confirm the activity
of the unpaired electrons.

Summary
This thesis details the redox chemistry behind sustainable materials for next
generation battery technology. It is extremely important to evaluate such materials in order to shift the paradigm of conventional wisdom and open the door
for new chemistry that could have a transformative impact on society.
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